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Section 1: EXECUTIVE SUMMARY

The research is concerned with the mechanical properties of ceramic/metal bonded systems

and with establishing criteria for interface decohesion, sliding and for cracking across interfaces.

The research is closely coordinated with other DARPA/ONR programs at UCSB concerned with

advanced composites. The research has application to the mechanical performance of biphasic

systems, including metal matrix composites, layered materials and refractory metal toughened

ceramics. It is also relevant to the adhesion of ceramic coatings on alloy substrates, the joining

I and brazing of metals to ceramics as well as the mechanical integrity of multilayer capacitors and

ceramic packages for electronic devices. A central issue concerns the elucidation of relationships5 between the interface fracture energy "i and the properties and dimensions of the constituents

and interphases, as well as the influence of plasticity in the metal. One eventual objective is to

provide models that allow Ti to be predicted from constituent properties.
The basic information about Fi, as well as the sliding resistance r, is necessary for

interpretation of the mechanical performance of biphasic systems. The interface results will be

used to manipulate the properties of these materials by choosing material combinations that

exhibit wide ranges of Fi and 'c. The debonding and sliding of interfaces also influence the3 mechanisms that dominate stress redistribution in composites (MMCs, CMCs, IMCs).

Mechanism transitions have substantial import for structural performance. The creation of3 mechanism maps and their dependence on ri and r represents another important objective.
The basic interface studies have established the central role of either reaction products or

interphases on the interface fracture energy. When such interlayers develop upon forming the

bond, ri is typically lower than the magnitude achievable when a direct bond develops between

the metal and ceramic. In the absence of an interlayer, plastic dissipation is encouraged in the3 metal adjacent to the interface, leading to Fi in the range, 10-10 3Jm-2 , dependent upon the metal

yield strength, co, etc. When interlayers form, they are usually brittle and decohesion occurs,

3 either within this layer or at one of the interfaces. Consequently, ri has magnitude typical of the

interphase material itself, I-5OJm-2 . As a result, when defect-free bonds can be generated without

reaction products, superior properties are achievable. However, in some cases, bonds can only be

created when a reaction product is induced, such as Si3N4/Ni. Then, it is important to maximize

the fracture energy of the reaction product.
Few interfaces have a sufficiently low fi to permit controlled debonding in biphasic

composite systems. Among the few are interfaces between certain refractory metals (particularly

Mo, Cr, W) and either oxides or intermetallics. Usually, these systems develop oxide interphases

(MoO2, Cr203, etc.) and decohesion occurs (at ri - lJm"2 ) between the refractory metal and its

I
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own oxide. While the underlying principles are not yet understood, the observation may be
exploited. Two phenomena have been explored, based on the low ri for certain refractory metal

biphasic systems. (i) The fracture resistance of layered systems between NiAI and Mo(Cr) alloys
produced by directional solidification (DS). (ii) Debonding and sliding in A1203/A120 3 CMCs

with refractory metal fiber coatings.

Crack growth has been monitored in the layered DS NiAIIMo(Cr) system. Controlled

debonding occurred at the interfaces, consistent with a small ri. Stress redistribution effects

associated with debonding have been calculated. The results have been correlated with the high

fracture resistances found in these materials, relative to NiAl.
Composites consisting of thin Mo coatings on sapphire fibers in a polycrystalline A120 3

matrix have been produced. It has been demonstrated that the Mo coatings protect the fiber upon

composite consolidation. It has also been shown that debonding occurs at the interface in these

composites, consistent with the low ri. However, the sliding resistance r is relatively high

(- 120 MPa) and controlled by the shear yield strength of the Mo. Smaller values of T would be
preferred for optimal composite performance.
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EFFECTS OF FIBER ROUGHNESS ON INTERFACE
SLIDING IN COMPOSITES

T. J. MACKIN. P. D. WARREN and A. G. EVANSI
Materials Department. College ot Engineerngc. Lrxi'ersur% o!'fCilifornia. Satnta Barbara.

CA 91106. L S A.

i Received 7 October 1991 1
QAtranct-The presence of asperities at the fiber-matrix interface is noted experimentally as a load rise
during the initial stages of push-out and as a restating load drop during push-back. These effects are
modelled by considering the elastic deformation of asperities at the interface. During fiber sliding. theI
decortreation of initially matching fiber and matrix geometries results in an asperity pressure at the
interface. Fractal models of interface roughness are incorporated into an equation of fiber sliding that
is found to accurately reproduce experimental observations. Additionally. an asperity wear mechanism
must be introduced to explain the effects of fatigue. the variation of fiber reseating with sliding distance.
and the rapid decay in sliding stress durnng pristine fiber push-out.I

Risinii-La presenice d'aspernts a lInterface fibrfe.inatrice est constatee experimecitalemient comme une
elevation de charge pendant les stades anniaux. de la poussee et comme une chute de charge pendant la
poussce inverse. Ces effets sont modeliisis en considerairt la deformation elastiue des aspentes a
linterface. Pendant le glissemeutt des fibres. la, decormelsuon des geometries tatualement assorties. des fibresI
de ia matrice conduttista une presson d'aspinte a lInteeface. Des modeles fractaux de In rugosite de
lianterface sont incorporis dana 1'quation du glisseenirt des fibres qui reprodwt avec precision les
observations experimentales. De plus, un mectanismne d'usure des aspenirtis dost &tre introduit pour
expliquer lea effets de Is fatigue. la variation de rinmite en place de la, fibre avec: la distance de glissemrent.
et Wa rpide d~croisaance de I& contrainte de glissemnent pendant la premier pousace stir Ia fibre.

Zin~malningRauhigkitestn an der Grenzfiche zwischen Faser und Matrix machen aich im
Experunnat. ala Anstieg dee Last wiherend der Anfangspmaae des Ausemenes tind ala Ltab~lfali dumb~
Waidereinteascin w~ihend de Zuakcibn benrbr Dies Effekte werden modellhaft buichneben.Itindemi die elastiache Verformung der Raubigkcesten an der Orezd~iche beschirieben Weidn Wihteend des
Gicitens dee Faser fiihet des "Auststen- der urspirunglicti passenden Faser- und Matrixgeometrien zu
einem Druck dutch die Raultigkeiten an der Grenfliche. Fraktale Modelle dee Orenzfiiclsenrauhakest
werden in eine Gleiclaung der Paseegleitung ingebaut: es eepbt sich. daBl dime die experimentallen
fleobachitungen genau wiedergibt. Zusitzlich ninn win Rauhsigkeits-Abrellebmcehanisinus cingeffihert war-Iden. urn die Effekte dee Erinfdung& dee Variation des Elntrstens dee Fasee nit dam Gleitwel und denrascben Ablal in dee Gletstpannung wihetend, des vorasusgegangenen Ausaiehem der Fane erkilcen znk6nain.3

1. NRMODUCTON phenomenon which is also attributed to geometric
decorrelation during fiber displacement. Additional

Fiber-reinforced composites gain much of their evidence for roughness arises from effects associated
toughening from the frictional sliding of fibers (1-41. with cyclic sliding during fatigue (Fig. 2) 111). This
Most descriptions of sliding have employed a sliding article develops a simple model of fiber sliding that
stress. r, that does not incorporate the microscopic incorporates fiber roughness, which may be used to
roughness of the sliding surfaces 15-7). Recenit simulate and interpret fiber push-out and pull-out
experimental evidence, however. has elevated the measurements. The model shows that the decorrela-
role of interface roughness. In particular. certain tion of initially matching fiber anid matrix geometries
features of fiber push-out and pull-out cannot be is seemingly responsible for many of the observed
explained by the frictional sliding of smooth fibers. phenomena.
For example. after a fiber has been pushed through Jewo cc at. (8. 91 first noted the importance of fiber
[Fig. I1(a)] or pulled out and returned to its original roughness and modelled its 'effect as an addition to
location, it experiences a reseating load drop the interfacial clamping pressure. They assumed that
[Fig. 1(b)] 18-I11). This load drop arises from the the fiber arid matrix geometries, once removed from
geometric memory of the fiber-matrix debond sue- their orgnalW position, would create a uniform asper-
face: the fiber and matrix geometries re-correlate in ity pressure that simply adds to any existing clamping
their original orientation. Furthermore, fiber push- pressure. A more detailed analysis of asperity inter-
out is often accompanied by an increasing load actions was presented by Carterets at. [101 wherein
during the early stages of sliding [Fig. I (a)) [7. 111: a asperity roughness is modelled as Hertzian contacts.
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Fig. L. Fiber push-out W and push-back Mb in a Ti(IS-3)-SCS- composite. During fiber push-out. there
is a notable increase in the sliding stress associated with the first few microns of fiber sliding. Note the

leading to a sinusoidal modulation of the sliding roughness, plays an important role in fiber sliding.
stress. Kerans and Parthasarathy (121 include asperity Additionally. Kerans and Parthasarathy (121
pressure in a detailed treatment of fiber debonding introduce discussion of abrasion during fiber sliding
and sliding during both push-out and pull-out exper- that would have implications dunig: the sliding of
iments. They note that aspenty pressure, due to fatigued fibers.
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Fig. 2. Push-out for fatigued fibers (h - 450 IAm).

The present model considers an elastic asperity respectively, and 3
mismatch akin to that of Jero et al. [8, 91 but -= vE(Ef(l + v) + E(I - v)'
includes a full spectrum of fiber roughness.

represented using fractal geometry. As such. tT r E
computer simulations using this model illustrate all of ar _" + -()

the fundamental aspects of sliding along a rough. y BEm( -f)

debonded interface, and directly demonstrate t - h - d
asperity effects during the sliding of both pristine and

fatigued fibers. with v being Poisson's ratio (assumed to be the same
for fiber and matrix). E is the composite modulus. h

is the specimen thickness and d is the sliding distance

2. SUDING MECHANICS of the fiber. 3
Fiber sliding, in the absence of roughness, has been

analyzed using a generalized sliding law [5. 131
T =T -Pt0-o i dI

where r is the sliding stress. # is a friction coefficient.
a, is the compressive stress normal to the interface.

and r,, is a constant sliding stress. When T, and (T. themismatch strain between fiber and matrix,. are inde-

pendent of location along the fiber.: the push-out
stress on the fiber. a.. is [5. 131

n[lexp(2uB8IR)- Il-h
l'y'f(EfE,,)exp(2pBt R)+ I -. f] (2)

where i s the fiber area fraction. E is
Young's modulus. R the fiber radius, and t is the -_--$j

embedded length of the fiber iFig. 3). with the Fig. 3 Schematic of fiber sliding and the associated
subscripts f" and m refernng to fiber and matrix. eometry' 3

I
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3. SIML LA.FION

.Fiber push-out simuiaLions are conducted that

S'A, address the push-out force alter me debonding loaddrop. The rougnness ot the debonoed interface is

modelled using fractai algonthms -,ith identical
10, fractal proiles assignee to both sides of the debond.

sliding droilstanc ge c to dete tin aidaeso'trae mismatc.S,^ Once assigned. the profiles are compared at each
z o " _ • sliding distance to determine a diametral mismatch.

I M-:), at increments along the fiber length. Using

0 o2 04 06 a• a , equation 16). the resulting push-out stress is deter-
Nomm, ,fiDber ,isOlacefleWt mined. The simulation methodology was tested by

Fig. 4. A sinusoidal interface surface results in a similar computing the push-out behavior of a fiber that has

modulation of the sliding stress, a single wavelength. axisvmmetric. sinusoidal profile.
For such roughness, a sinusoidal form is demon-
strated in a push-out simulation (Fig. 4). More

When the misfit is dependent upon -. because of realistic fiber profiles were simulated using a fractal
roughness along the debonded interface, the push-out geometric technique known as fractional Brownian
stress is modified. For this purpose. CT is re-expressed motion If Bmi (14-17]. a technique that has found
as widespread use in the simulation of natural ge-

= 6, ( :IR (3)ometries. Evidence for the utility of fBin modelling is
presented in Fig. 5. which compares the profile of an

where , is the thermal expansion misfit and b(z) is (SCS-6)SiC fiber, taken using a profilometer

the asperity mismatch between fiber and matrix along [Fig. 5(a)] with a fractal representation (Fig. 5(b)].
the embedded length of the fiber (Fig. 3). If the The use of fractal modelling enables controlled
asperities are axisymmetric. the roughness leads to a simulation of fiber "roughness.- and, consequently.
local misfit strain. 6(z)/R. at locations where aspen- demonstrates the role of roughness in fiber sliding.
ties in the fiber and matrix slide past each other. In The following simulations relate to push-out curves

essence, the asperity induces an additional presure, measured on Ti alloyi(SCS-6)SiC fiber metal-matrix

p, that determines TO: mechanistically arising from the composite. These simulations, using known values of

geometric decorrelation of fiber and matrix during elastic moduli and roughness. are compared directly
fiber sliding. As such. the interfacial shear stress with experimental results (iI]. The elastic constant, B
presented in equation (1) is entirely Coulombic in equation (6) was computed from the formulae of

Hutchinson and Jensen [51. Fiber roughness simu-
-(o + p) (4) lations were based upon a fractal analysis of SCS-6

fiber profiles, providing a profile fractal dimension of
with. to = -upp. (Note that, because p is compressive, D - 1. 12. The fiber and matrix surfaces were mod-
TO is positive.) elled as axisymnmetric surfaces of revolution. resulting

For simplicity of presentation, roughness effet in a fiber surface dimension of 2.12. Profilometry of
are demonstrated for the case of single fiber push-out (SCS-6)SiC fibers indicated a roughness with a maxi-
with vr - v. and small f, such that equation (2) mum amplitude of tenths of microns (Fig. 5(a)j and
reduces to the fractal representations were scaled accordingly.

a. - v0 exp(2p.Bt IR - 1). (5) At the onset of fiber sliding, the fiber and matrix

geometries are in perfect registry. Consequently, the
The integral of the asperity mismatch over the roughness term vanishes from equation (6), resulting
embedded length of the fiber provides the asperity in an equation for smooth fiber push-out. Thus, a
pressure. Hence, the push-out stress given by coefficient of friction was determined by matching
equation (5) becomes theory and experiment at the point of initial sliding.

This matching for the results on Ti/SiC (SCS-6)

(d) = [exp(2uBt IIR(l - di)) - I] indicated that p =0.26.
2B A typical set of simulations is illustrated in Fig. 6.

Various behaviors are apparent. dependent on the
+ (2Ep/R2)exp(-2u.Bd/R) roughness amplitude distribution sampled within the

specimen section thickness. Most relevant is the
X [exp(2tBzIR)]6(z) dW (6) frequent appearance of rising load portions of the

push-out curve. This feature is observed experimen-

where d is the push-out distance (Fig. 3). tally (Fig. 1) and is at variance with the behavior
Consequently, by specifying an interface roughness, expected for smooth fibers. Furthermore, the extent
6(z), the push-out stress can be computed from of the rise is consistent with that found by exper-
equation 16). iment. as illustrated in Fig. 7. After rising to a
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a) Measured ortlt

(b) Simulated profile

Fig. S. Comparison of actual (a) and simulated (b) SCS-6 fiber profiles.

maximum, experimental push-outs experience a rapid ing and fatigue. As expected. fibers having an inter-I
decrease in the applied load. As shown in Fig. 7, face roughness amplitude greater than that for SCS-6
simulated push-outs are found to consistently remain fibers exhibit push-out curves with larger oscillations
higher than experimental results. Such a rapid (Fig. 8).
decrease in push-out load cannot be modelled Consistent with previous studies of push-out andI
without the introduction of interface wear. a process pull-out, the push-out force is found to be strongly
that will be discussed in connection with fiber reseat- influenced by the friction coefficient over the full

2.5 61

z PAMapm Wemeespta-0 Tom

"VIsm U~t 0U
2 2

0 0.2 0.4 06 06 10 0 0.2 04 0.0 0.6 10
Normalized fiber displcmn NonnaiMa fiber disleen

Fig. 6. Push-out simulations exhibit the same qualitative Fig. 8. An increase in roughness amplitude has a
behavior as experimental push-outs. Each curve repreens pronounced effect on fiber sliding.

a random sampling from the roughness distribution.2.

1 u -0.2

-'9 1
Fiber displacementi igrm) Normaiizea fibe cipolocement5

Fig. 7 . Rough fiber push-out simulations resemble Fig. 9. An increase in the coefficient of friction. ui. incrae
ixpenmental results 1h - 210 jm). fiber sliding stress.

01lM fint-j3
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I F�:tIzuce uci:raoation oi the nbcr-matrix interface

2 as mooeilea in t%%o a's simoothine ano fraementa-
iton. The first simulation technique employs a low

. pass uilter to eliminate chosen wales of roughness.
- •akin to aspenty wear. Profile filhenng is performed on

the Founer s•ectrum of the pronle. Ai-,:rein a low
- •pass cut-off frequency is chosen and the profile is

reconstructed using onk those w, avelengths below the
cut-off. In these simulations. onl, the nber pronile is
smoothed. indicative of preferential wear at the fiber

- . : .;6 8e side of the interface. Consequently, the fiber and

".%-,o.-zea ,ie, osaceme matmx no longer afford a perfect match, and small

Fig. 10 An increase in the Poisson's ratio increases fiber gaps form between the fiber and matrix. Aspenty
sliding stress: B is a composite Poissons ratio (equation 12)1. filtenng. however, did not simulate the fatigued fiber

push-out features found by experiment.

push-out dfstance (Fig. 9). but only moderately de- The second approach entails removing a thin shell
of interface material from around the fiber, somewhat

pendent on Poisson's ratio at initial push-through equivalent to relaxing the residual thermal stress, but
(Fig. 101. The effects oi thermal expansion misfit are permitting small gaps at the interface. The fragments
o1 paiticular interest iFig. 11). As expected. the formed by cyclic sliding are assumed to be removed
push-out force is reduced when the misfit is reduced, from the interface and become relocated between the
but is still finite when the misfit is reduced to zero. matx crack surfaces. The results of' these simu-

For zero misfit, the push-out curve is dependent lations (Fig. 12) exhibit correspondence with the
entire/i- on the roukirness distribution. Consequently, ltos(i.1)ehbt orsodnewt h

e ' expenmental curves (Fig. 2). A reduction in interface
the shape of the curve changes when different sliding stress upon cyclic sliding caused by coating
segments of the roughness distribution are included fragmentauon thus appears to be the more plausible
in the specimen section (Fig. I1). The behavior, in degradation mechanism.
essence, governs T,, in equation (i).

S~S. FIBER RESEATING

4. INTERFACE FATIGUE

Experiments on interfaces subject to cyclic siding in iPerhaps the most telling evidence of fiber geometry

fatigenhens ore ineraled push-outbjehavi that cyclisi is that of fiber reseating (8-I I. This occurs when a
fatigue have revealed push-out behavior that departs fiber has been displaced within the matrix and then
sigificantly from that of their pristine counterparts returned to its original location. As the fiber moves
pre-fatigu ad 2). The initial sliding stress of back into position. the reseating is accompanied by a
se-fquent p iueshu wasmuch lower and, during sub- considerable load drop. This phenomenon has been
incrase .venth-ought he efollowed by substantial load witnessed in at least two matrices containing (SCS-
increase, even though the embed fiber length is 6)SiC fibers: Ti(15-3) and glass. The present simu-
decreasing as push-out proceeds. The low initial lation procedure is inherently reversible and always

sliding stress is attributed to interface degradation produces fiber reseating. Yetr expermental evidence

during fatigue. while the subsequent increase in hiber suggests that the fiber is worn during sliding and that

stress arses from an asperity mismatch pressure. subsequent reseating is affected by the extent of

Thus. in addition to roughness. the simulation of sliding [Il1. This effect can be simulated by introduc-

fatigued fiber sliding requires interface wear. ing a I]. This than be late by min g
ing a wear mechanism that relaxes the clamping

25 4 0 %35

20- 30' ~woe
4 - 200 MPO

-5 5125-
I -• Q, oo W%

05i 10 1 0MSjd

:2 4 06 0_ _"_ _ _

fior barlze ier dI$clocement 0 10 20 -0 40 50

Fig. II. A change in the thermal misfit at identical roughness iber dlocernent i;,')

changes both the character and magnitude of the sliding Fig. 12. Fatigue simulated by relaxing the misfit resembles
stress: q is the thermal expansion misfit stress. q = Ef,. experimental results.

I
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Another stgnificant finding is the change in inter-

3 0 D.S • DOC. face properties caused by cyclic sliding in fatigue. The
push-out simulations are found to have the same
"form as the experimental measurements when the
fiber coating is assumed to fragment and relax the

W. P' n -i 00o .•-thermal expansion misfit between fiber and matnx.

Such fragmentation has been observed expenmen-

0 5, i tally. This reduction in sliding stress would have the
detrimental effect of accelerating fatigue crack

-00 150 growth (181.
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ABSTRACT

The dominant influence oqjfiber coatings on the mechanical performance of
brittle matrix composites is addressed. These effects are described in terms of

two independent mechanical parameters. the debond energy, r,. and the
sliding resistance along the debond. r. Complications associated with mode
mixity. roughness and coating microstructure are emphasized. A mechanics of

composite behavior based on these parameters is described, together with
measurement approaches that allow r, and : to be evaluated either in situ or
in model composites. Key problems associated with fiber coatings are
identified and discussed.

U NOMENCLATURE

a Matrix flaw radius
d Debond length
D Matrix crack spacing
E Longitudinal modulus of composites. fEr + (1 - f)E.,
Ef Young's modulus of fiber
E. Young's modulus of matrix
f Fiber volume fraction
's,,, Energy release rate at crack tip
F Fiber pull-out length
H Roughness amplitude3 J J integral

S3
Composites Science and Technoloe'v0266-3S38/91S03.50 ' 1991 Elsevier Science Publishers

Ltd. England. Printed in Great Britain
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Jt Material resistance
I Wavelength of roughness
Lb Bridging zone length I
L, Roughness related contact zone size
Lo Scale parameter
III Shape parameter
p Longitudinal residual stress in matrix
P Load
q Residual stress normal to interface
R Fiber radius
Sb Fiber bundle strength
St Scale parameter for fiber strength
u Crack opening displacement I
"2 Elastic mismatch parameter
r 'Composite' fracture energy, r =-fr. + (1 -f)r,,
r, Fracture energy of fibers
r, Interface fracture energy
r. Fracture energy of matrix
r. Mode I fracture energy of interface
6 Displacement I
EjV Misfit strain

.s Friction coefficient
v Poisson's ratio
at Debond interaction stress on fiber
6o Matrix cracking stress
d V Peak stress on fiber
0, Ultimate tensile strengthr Interface sliding stress

1 INTRODUCTION

Interfaces have a dominant effect on the mechanical properties of brittle
matrix composites, such as fiber-reinforced ceramics. glasses and intermetal- I
lics. Generally, for enhanced crack growth resistance. the interface between
the fiber and the matrix must be 'weak'. Indeed. *weak' interfaces are a
prerequisite for attainment of fracture resistances that appreciably exceed I
those of the matrix. whereupon frictional dissipation along the debonded
interfaces becomes the primary source of enhanced 'toughness'. Conversely.
creep resistance is enhanced by having a *strong" interface. Consequently. a
rigorous definition of 'weak' and *strong' needs to be established for
interfaces of interest. Thermochemical and thermomechanical consider- 3
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R-..

I

Fig. I. A typical 'interface' in a brittle matrix composite: iap schematic illustration showing
a debond crack formed following matrix cracking. ibi the LAS/Nicalon system. with

debonding within the carbon layer caused by thermal expansion misitL

ations usually dictate that the 'interface" consists of one or more thin
coatings between the fiber and matrix. Also. in some cases, a reaction
product layer forms during processing. A typical 'interface' is depicted in
Fig. 1. The intent of the present article is to provide a framework for
expressing and characterizing the mechanical response of interfaces and
relating these to the properties of brittle matrix composites. With this
objective, various nondimensional parameters are identified and their role
described. These include (Table 1): an elastic mismatch parameter. z: debond
parameter. 9: matrix cracking parameters. .1/ and R. a pull-out parameter.
,r.: and an interface roughness parameter. y.

The fracture properties of brittle matrix composites are governed by
matrL., racking, followed by interaction of these cracks with the fibers and
interfaces.I -' Such interactions have been found to involve two independ-
ent interfac mechanical parameters: the debond fracture energy, rand the
sliding resistance along the debond. r.,-6 The role of these parameters in

TABLE I
A Summary of Prominent Non-dimensional Parameters

Initial debonding .9 = r,, r,
Thermal cracking A - REq.4, r.
Matrix cracking .N - O. ___5_Pull-out r - 4 th" R L., fr.E
Interface roughness = Elf 1r.

Elastic mismatch = i -E, + 4E)
Debond propagation G - r, ERC'Interface separation -, - C, E.•

I
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composite behavior is emphasized and relationships between r,..:. and the 3
microstructure of the interfaces are described. A specific focus of this article
"will be on the longitudinal properties of unidirectional composites. While
such properties are only a small subset of the array of properties that govern
the performance of the composite. they represent a prerequisite for brttle Imatrix composites having attractive structural characteristics. Notably.
brittle matrix composites are only of structural interest when unidirectional
material exhibits relative insensitivity to the presence of notches and holes.

The use of r, as a characterizing parameter for the interface is predicated I
on the mechanics of interface cracks.' It has been demonstrated that such
cracks can be represented by a combination of two parameters. an energy
release rate. #. and a mode mixity angle. at idefined such that w = 0 for I
opening, mode 1. cracks and 0 = at2 for shear. mode 1I. cracksL. These
parameters are. in turn. influenced by elastic mismatch parameters: the more
important mismatch parameter %. is defined as". I

2 - (Ei - E00/(, + E2) 1

where E is the plane strain modulus, E(I - v2), with E being Young's i
modulus and v the Poisson ratio; the subscripts I and 2 refer to the two
materials. Given the mismatch a both F and 0 relate explicitly to the stress
and displacement fields near the crack tip and can be calculated for any 3
loading and geometry by well-established numerical procedures.' - I I With
this capability for determining !F(*), it has been found that interface
debonding occurs when I reaches a critical value., designated the debond
fracture energy, r,. An important complication, however, is that r, usually 1
depends on 0, through various crack/microstructure interactions.".i .2.3

The sliding resistance of a debonded interface has not been rigorously
studied, but progress has been made by using frictior' concepts to establish a
phenomenological basis for progress. The sliding resistance has thus been 3expresse a314

t - To - pq (q < O) (2)I
r = O (q 5; 0)

where q is the stress normal to the interface. p is the friction coefficient and Toi
is the sliding resistance when q is positive (tensile). I

2 COMPOSITE BEHAVIOR

Unidirectional brittle matrix composites have characteristics that generally
fit into three classes, as distinguished by their tensile loaddeflection 3

I
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I Fig. 2. Loadidcflectior. curves and fracture behavior of unidirectional ceramic matrix

composites: lal Class I matenris: (bi Class ii materials. The cross-hatched area represents the

cnergy per unit volume that goes into multiple matrix crackin_. interface debonding and3 frictional sliding; the latter is typically the major contribution.

response and their fracture behavior (Fig. 2). Class I materials are deemed
Itough' and exhibit nonlinear behavior up to an ultimate load, which occurs
at tensile strains of -,05-1-%. A load drop occurs at the ultimate, followed
by a long tail'. Such materials exhibit damage in the form of multiple matrix
cracking and their behavior up to the ultimate load can be described through
continuum damage mechanics (CDM). which is based on the mechanics of
matrix cracking S. 16 Class II materials are linear up to a load maximum.
followed by a monotonically decreasing load upon continued deformation.
Such behavior arises from domination by a single mode I crack."? The
distinction between Class I and Class 11 materials is shown to be primarily
governed by the sliding properties of the interface and the resulting effects on
fiber failure. Class IIi materials are also linear up to a load maximum. but
fail catastrophically. In these materials. the fiber.matrix interface isI
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2.1 Debondiag

The first interface property of importance is the ratio6  I
.9 = lir, (3)

where r1, is the mixed-mode interfacial fracture energy (at ' • x/4) and rf is i
the mode I fracture energy of the fiber. This ratio dictates whether cracks
that first form in the matrix either cause interface debonding (Class 1/II) or
propagate through the interface into the fiber (Class III). Plane strain
calculations and experiments have demonstrated that debonding occurs
provided that - is less than a critical value .9,."1s This critical value
depends on both the elastic mismatch, m, and the inclination between the 3
matrix crack and the interface. Trends in .9 with a are summarized in Fig.
3a. (The debonding calculations have been conducted for small putative
cracks subject to plane strain. They then apply with equal facility to
debonding in laminates, as well as the debonding of fibers in a matrix.)6 A
typical debonding observation when 9 <.9. is presented in Fig. 3b. When
the debonding condition is satisfied, the composite exhibits 'toughness', in
accordance with the load/deflection characteristics depicted in Fig. 2a and b. I
Conversely, when the debonding condition is not satisfied, composite
fracture occurs catastrophically. Consequently, for brittle matrix com-
posites, a 'weak' interface is defined as one for which 9? < 9.l

2.2 Matrix cracking 3
While interface debonding is a prerequisite for obtaining high toughness in
brittle matrix composites, the debonding can either adversely or beneficially
influence the evolution of matrix cracks. Other important variables in this
connection are the fracture energy of the matrix, r,, and the mismatch
strain between fiber and matrix, eT (as governed by the thermal expansion
mismatch and by matrix phase transformations).

When debonding does not occur, 9 > .9, the cracking stress in acomposite subject to longitudinal tension is given by

= E (4)3

where 2a is the diameter of the largest matrix flaw and r is the fracture
energy. A typical fracture surface of such a composite material (Fig. 4) U
indicates that the fracture is coplanar, with no beneficial effect imparted by
the fibres (unless Fr >> r.). The above result is obtained when the matrix
flaws are large relative to the fiber spacing. Such behavior is similar to that

I
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!nie lace

Elastic Mismatch a

(a)

(b)

Fig. 3. Debonding in fiber-reinforced brittle matrix composites: (a) debond diagram,
(b) debonding in a carbon coating between a Nicalon fiber and an aluminosilicate matrix.



10 A. G. Erwib, F H: Zok, J. DarLy I
I

I

I

I
N 3

top=

Fig. 4. A fracture surface for the case g > 9,: silica matrix with Nicalon fibers.

encountered in monolithic ceramics and intermetallics, in the sense that

toughness is still low and the cracking stress is sensitive to flaw size.
When debonding occurs (9 <9ý), the matrix cracking stress depends on

both the interface sliding stress, r, and the debond energy, rF. A lower bound
to the steady-state matrix cracking stress is given by,5 '

F6?Fmf 2ErE 2l 1/3

o=L ~ - R(I J -PEIE (5)

where R is the fiber radius and p is the longitudinal residual tension in the
matrix. Equation (5) applies in the limit 9 - 0, as well as when the matrix
crack length exceeds a critical length (typically about 5-10 fiber spacinigs)
and when ao -fSb. The first requirement, .9 -0, ensures that r, is
sufficiently small that it does not contribute to a.;I4 the second requirement
dictates that the matrix crack be large enough to interact with many fibers
before becoming unstable;'" and the third requirement ensures that only a

I
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small fraction of the fibers fail as the matrix crack extends. resulting in Class
I behavior.

A range of glass and ceramic matrix composites reinforced with SiC
fibers3 that have either carbon or BN fiber coatings exhibit longitudinal
properties in good accordance with eqn (5). Specifically, the first matrix
cracks, as well as nonlinearities in the stress,-strain curves are observed at
stresses about equal to a., At stresses above ao multiple matrix cracking
proceeds and eventually saturates at a spacing, d. Final fracture occurs at a
stress, a, -zfSb. leading to the stress/strain characteristics depicted in Fig.
2(a). Both carbon and BN coatings seemingly have the attribute that Q i z 0
and r is small (mostly in the range 2-20 MPa, depending on q), such that the
conditions needed for eqn (5) to operate are satisfied. When other fiber
coatings are used, such as oxides or metals, T tends to be larger, often leading
to a Class 11 behavior.' 7

The preceding analysis suggests that a distinction between Class I and
Class II behavior can be made in terms of a matrix cracking parameter,

(6)

Notably, Class I behavior is obtained when .#' < .,. For this case, .#, is of
order unity for unnotched specimens. In the presence of notches, .,
decreases with an increase in notch length. When T is large, such that
M4' > *,4', Class 11 behavior prevails, wherein a single mode I matrix crack
propagates and simultaneously induces fiber failure.1"' 19 However, fiber
failure does not normally occur at the matrix crack plane (Fig. 5).
Consequently, fiber pull-out occurs, leading to a corresponding increase in
fracture resistance with crack extension (Fig. 6).

The important issues pertaining to the resistance curve include the effects
of large-scale bridging (LSB) and the fiber pull-out length, P.-9.2 In
materials that have attractive mechanical properties (FIR 5 5), the following
considerations usually pertain. For short cracks (Z 1 mm), the crack opening
displacements are small compared with -.1 7 Consequently, the tractions ab

on the crack are approximately

Orb _ T (7)

These tractions can be used to simulate the nominal resistance curve, taking
account of the finite specimen geometry and associated LSB effects, as
illustrated in Fig. 6. The enhancement of fracture resistance due to pull-out is
characterized by the parameter

I ffl Lb

7J rE (8)
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Fig. 5. A mode I crack in a brittle matrix composite subject to fiber failure and pull-out:
(a) schematic; (b) observations on a LAS/Nicalon composite for two different crack extensions.

The arrows identify the fiber failure sites. II
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FI. 6. Mode I fracture resistance curves for a LASNicalon composite following heat
treatment at 80OC for times indicated in the legend. Also shown are the simulated curves.

where L, is the bridging zone length. The magnitude of JrA can be related to
either the resistance curve or the loadidisplacement curve, in accordance
with the procedure indicated in Fig. 7. An important question concerns the
dependence of IF on material properties. An analysis based on weakest link
statistics predicts the scaling"9

F -- [ SoRLO"/jr]Nn=" " (9)

where m is the shape parameter. and So and Lo are scale parameters for the
fiber strength distribution, such that Jr takes the form

J r = L O T 1 0 10 - I I/ " " .-

R =f .E " (10)

The notable feature is that Xr increases with T at a rate determined by m.
However. for typical values of m (- 2 to 4). the sensitivity to t is small. This
trend has been tentatively validated by experiments on glass ceramic matrix
composites."7 but the analysis requires additional experimental assessment.

An additional consequence of eqn t5) occurs when q is sufficiently large
that a. - 0. Matrix cracks then form during processing. as a result of thermal
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Fig. 7. Procedure for measuring the crack surface tractions and relating to the

loadideflection properties of composite stricures. I
expansion mismatch. The allowable misfit can be expressed through a
parameter ý#. defined as"0

1= �RE.4•r,F. (11)

such that longitudinal matrix cracks (also referred to as :-cracks) occur in the
absence of applied loads when -4 is greater than a critical value -4. The
magnitude of R, depends on both the fiber volume fraction and the interface
friction coefficient. u, but is typically of order unity. 3

3 INTERFACE PROPERTIES g
As already described, the 'interface* in brittle matrix fiber composites
consists of one or more thin coatings and/or matrix reaction product layers
(Fig. 1). The first role of the fiber coating is thermochemical. This objective I
requires that the coating prevent reactions with the fibers from occurring

I
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3 during composite processing. The second role of the coating is thermotnecih-
aical. The coating must allow debonding to occur iL < ýi,). control r ,such
that the pull-out length. Ft. is in a useful range for high toughnessi and must
also prevent fiber degradation. The thermomechanical issues are addressed
in this article. To limit the scope of the discussion. it is noted that there are
only two commercially-available fiber materials that satisfy matrix cracking
requirements (1. < .;W,) in viable ceramic, glass and intermetallic matrix
composites. These are A.1,O3 and SiC. For these fibers. observations have
indicated that the coatings can be classified into four groups:" i) ductile
coatings that do not debond: (ii) ductile coatings that debond: (Iii) brittle
coatings that debond at one interface, and fiv) brittle coatings that debond
within the coating. The emphasis here is on the latter two. because these are
most representative of the coatings that have application at elevated
temperatures. although a combination of coatings may prove to be more
effective in some cases.

3 3.1 Mechanics of debonding and sliding

The debonding problem of most interest in brittle matrix composites
involves mixity in the range, x/4 < * R x/2. In this range, when brittle
coatings are used, sliding and debonding are typically interrelated. For
elastic systems. the criterion used to characterize debonding is IF,, = i-o

where 1r. is the critical value of the crack tip strain energy release rate.'-1.22

This premise is also used here. but it is emphasized that there has been no
direct experimental validation for fiber coatings. For * > 0. the apparent
interface fracture energy r, > Fr, because of shielding. The most likely
shielding mechanism for brittle coatings on brittle fibers in a brittle matrix
involves asperity contact when the debond is non-planar.2 3 Analysis of such
shielding identifies a nondimensional roughness parameter

3 = EH2/IIo (12)

where H is the amplitude and I the wavelength of the roughness.
A comprehensive mechanics of debonding and sliding in fiber composites

resides in knowledge of the size of the roughness induced contact zone. L:.
compared with the debond length, d. For cases wherein L, << d. small-scale
contact conditions apply and debonding can be addressed as an elasticity
problem. which entails evaluating I(*) and equating to Fm1 b).'1 Conversely.
for large-scale contact. L -- d. the mechanics are nonlinear and are
addressed by allowing sliding over the contact zone. while also requiring that3s,',, = -,.•" For brittle matrix composites. the latter approach is usually
more appropriate and has been used to model the sequential phenomena of

I
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F'i. &. A schematic fiber pull-out curve indicating the various nondimensional parameters I

that govern the process.

wake debonding and sliding, followed by fiber failure and pull-out. The basic
characteristics are summarized in Fig. 8 for a composite in which the misfit I
causes the interface to be in residual compression. The details are governed
by six nondimensional parameters: X = dIEC, MP = FIIECT, Z, = vllEy..
G - r,/ERP. T = r/EeT, V = ui R&T, where 6 is the stress on the fiber between
the crack faces, with the subscript i referring to debond initiation and p to the I
peak stress, as illustrated in Fig. 8. These nondimensional parameters
characterize the debond initiation stress, T,, the peak stress. d,, and the crack
opening, u. These quantities in turn. can be used to determine complete
expressions for the matrix cracking stress. a, (the magnitude of cr. given in
eqn (5) applies for . -- 0), as well as the pull-out contribution to the crack
extension resistance. Explicit formulae applicable when E = E = E, are: I

E, =fir (13a)
Z, = G "2,'c, - c,2 /c1  (13b) 3

3(J)CcIT 4f 2 T 2
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where c,. b, and a, are coefficients of order unity tabulated by Hutchinson
and Jensen."

The physical picture that underlies these formulae is as follows. As the
load is applied to the fibers, debonding proceeds in conjunction with
frictional sliding, such that a nonlinear stress/displacement relation is
obtained. The initial debond stress (at zero displacementi is determined by
r-. whereas the slope of the curve is governed primarily by r. At a stress a,.
Poisson contraction of the fiber causes the interface to separate near thematrix crack and further debonding and sliding occur at constant load. For

most brittle matrix composites. fiber cracks occur before a. is reached. as
indicated by the dashed curve in Fig. 8. Fiber cracking is followed by a load
drop and a pull-out tail. The latter is governed by T and the pull-ouE length.
Sas discussed earlier. It is noted here that. for purposes of simulating the
mode I fracture resistance of Class I composites& the behavior at small crack
opening displacements is found to be most important.

3 3.2 Measurement methods

32.1 In situ
The properties of interfaces within actual composites have been assessed by
several different approaches, with the objective of separately determining r
and Fr. Each method relies on measurements of load and displacements and
then uses a model to infer the interface properties. Experience has identified
those approaches which provide information most consistent with the
overall mechanical properties of the composite. These approaches are
emphasized here.

For Class I materials. r can be estimated from the saturation crack
spacing, D, using 1.3

S(1 -f)[rE.ER2 /fFED 3 ]11 2  (14)

Some typical values of t obtained with this approach are summarized in
Table 2. The table also provides a comparison between the values of the
matrix cracking stress. ao, predicted by using ? in eqn (4) and the measuredvalues. Confidence in the method is provided by this consistency check. Forthese materials, a more rigorous evaluation of r involves measuring the

matrix crack opening displacement. u, as a function of applied stress.
whereupon r is uniquely related to the hysteresis in u between loading and
unloading.-:` These measurements can also be used to obtain the residual
stresses. Finally. T can be obtained on individual fibers from push-through
measurements. 2'"' Evaluation of r, is more difficult: in principle. r, can be
determined from the load/displacement measurements obtained following

I



I
I
3

G.I.. Evans. F 1' Zuk. J. Duals

TABLE 2
Properties of Typical Unidirectional Class I Ceramic anu Glass Matrix CompositctI

tAil with Nicalon Fibers ana C Intcriaccso

Matrix r I MPaOI e IMPal 1
Calculated ileiSur'e

LAS Iceramtci 2-0 :70-310 290 + 20
LAS 1glassi 7-0 :40-300 240 + 20
CAS 9-0 140-160 160 t 20
Aluminosilicate 9-0 240-290 240 ± 20
Soda lime glass 120 - 30 to - 70 < 0

matrix cracking (eqn 13(c)), as well as from push-through tests. However.
this capability has not been verified.

For Class 11 materials, a more sophisticated measurement capability is
needed to obtain rand r,. In some cases. push-through tests can be used. but
a limitation is imposed by the size of the indentation compared with the fiber Idiameter. More generally, T could be evaluated from the opening profile of a

model I matrix crack, subject to a measurement method that provides
sufficient displacement resolution (in the order 0-01 am). An estimate ofr can
also be obtained from the distribution of fiber pull-out lengths,25 A good
in-situ method for evaluating r, has not been devised. Tests conducted on"model composites* have been used to infer this information. 1
3.2.2 Model s stems
Experiments to obtain r and r, have been conducted by using relatively
large diameter A120 3 or SiC fibers tR 3 50 Am) embedded in various matrces. I
Fiber coatings and appropriate heat treatments. which can drastically alter
the interface morphology, may be used to approximate the interfaces
present in actual composites. In this case. single fiber pull-out and push-
throu<g h tests can be used (Fig. 9(a) and (b)), wherein the load on the fiber and
the rel:ie displacement between the fibers and matrix are measured.
Subje::ý -4o independent knowledge of the residual stress and the elastic
properties. the pull-out analysis" allows both T and r, to be determined for I
'P % a/2. Both r and r, can be determined from a single test. However.
there are major difficulties associated with producing the specimens and
successfully introducing sharp precracks at the interface. The major
limitation of the push-through test arises because the interface is axially
compressed during loading and large loads are needed. especially when T
becomes large (> 10 MPaWi.

Other test methods can be used to determine r, at IF % nt4 (a phase angle

I
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I of" importance for establishing it. as outlined in Section 2. 1). A mixed-mode
flexure test;' and a modified Hertzian indentation test IFig. 91c) and (d)),'
are particularly useful in that the samples are eastiy produced and the tests
are relatively simple to perform. In addition. these tests are not restricted to
interfaces with small r. Thus. the fracture resistance of a greater number of
interfaces can be obtained. These specimens can be produced by a method
which includes coating planar matrix and fiber substrates and diffusion
bonding in a sandwich geometry. Each of these tests has the obvious
disadvantage that it cannot be used to determine r. However. both are good
Icreening tests to establish debonding in systems of interest and to identify
useful fiber coatings. To date. much of the information pertaining to fracture
properties of interfaces, shown in Fig. 10 and Table 3. has been obtained5 using such tests.

b "•

II

Fig. 9. Sihematics ml test specimens used to evaluate the mechanical properties of
inteifaces: iai fiber push-through: Ibi fiber pull-out.I

I
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TABU3

Summary of Sapphire Fiber Coatings and Their Observed Properties

Coart Debundiq Stabliv Interphas I
"rel~lOn IB

with AIO 3

ZrO, poembly good no 3
Y30, possbly loo yes

NiAi no poor Yes

"TiAl no poor yes
Mo yes poor no I
Nb no fair no

Zr yes far yes

Cr yes fair yes

I
3
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R&Fi. 10. Results of interface fracture energy meesurenents of various coaunp on basal
plane sapphire. The results are presented in terms of the coatinls ability to satisfy the debond

3.3 Micromtuctural elects

For either SiC or Al-0 3 fibers. relatively few coatings are known to satisfy
debonding requirements, 9 <.,9 after the system has been subjected to
the temperatures and pressures experienced upon composite processing.
Interface debonding has only been definitely found for certain refractory
metal coatings on A120 3 , especially molybdenum. These interfaces have a
fracture energy r, -- 2-5 Jm- 2 for # ft zi4. Debonding within the coating has

been found for carbon and BN coatings on SiC (Fig. 3(b)) with r - 0- I Jm -e b
as well as for various highly-porous oxide coatings on A12 0 3 (Fig. I l(a). The
latter requires porosities of -30%. whereupon r % 3-16 Jm . reflecting
effects of porosity on the fracture energy of oxides. However, at sites where
grains of the oxide coating are bonded to the A120 3 , thermal expansion
misfit and/or phase transformations induce appreciable residual stress in the
fiber i Fig. I I(b)). which can seriously degrade the fiber strength. Some glass
coatings (r - 4-8 Jm -) also allow debonding with both SiC and Al.O 3
fibers."' The surface morphology of the fibers represents another important
microstructural variable.' Surface roughness appears to have primary
importance for the magnitude of the sliding stress.
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(a)
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I

(b)
Fig. II. (a) A porous ZrO 2 coating on A1203: debonding occurs within the coating.

(b) A TEM view revealing residual stress in the Al20 3.

4 REMARKS 3
The basic role of interfaces in brittle matrix composites has been defined in a
consistent manner, based on a mixity dependent debond energy, r, (v,), and a
sliding stress, T. A fundamental mechanics of interface behavior in
composites has been devised in terms of these parameters, including the

I
I
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effects of interfaces on both distributed damage and discrete cracking.
However, a number of important problems have yet to be solved by this
approach: particularly, multiple matrix cracking in composites with com-
plex architecture subject to multiaxial loads. Systematic progress on this
issue is expected in the next several years.

The major problem in brittle matrix composites concerns fiber coatings
that provide acceptable values of T and r-, subject to thermochemical
compatibility requirements and the avoidance of fiber degradation. The
material choices known to satisfy these requirements 'carbon, BN,
molybdenum) are all subject to oxidative degradation at high temperatures.
Some porous oxide coatings that obviate this problem appear to provide an
opportunity, but further research is needed concerning their influence on
fiber strength and degradation, coupled with a study of their microstructural
stability.

A fundamental chemical understanding that guides fiber coating
development is lacking. Indeed, it seems ironic that the avoidance of
debonding is a problem when coatings are deposited at low homologous
temperatures, whereas the encouragement of debonding is a problem at
elevated temperatures. The implication is that kinetic issues are of major
importance, such that all fiber coatings which debond are non-reactive,
refractory materials (C, BN, W, Mo) that only experience moderate
homologous temperatures upon composite processing. Additional research
is needed to explore this rationale for selecting fiber coatings.

The basic mechanics of interface debonding has been established, leading
to an understanding that mixity effects are important and that plasticity as
well as roughness has a central role in mixity effects. However, there is still no
appreciation of the mechanisms whereby mode II debonding occurs and
how this relates to material properties. Given that mode II debonding is a
dominant phenomenon in brittle matrix composites, the mechanisms
involved require systematic study. Finally, frictional sliding along debonded
interfaces within composites needs to be more comprehensively addressed.
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Kinking of a Crack out of an Interface: Role of In-Plane Stress

Ming-Yuan He, Andrew Bartlett.* and Anthony G. Evans*
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A crack lying in the interface between two brittle elastic perimental observation of the cracking at the reaction product
solids can advance either by continued growth in the inter- layer formed upon bonding Ti(Ta) to A120 3 is used to illus-
face or by kinking out of the interface into one of the trate the phenomenon.
adjoining materials. This competition can be assessed by
comparing the ratio of the energy release rates for interface II. Stress Intensity Factors and Energy Release Rates for
cracking and for kinking out of the interface to the ratio of a Kinked Crack
interface toughness to substrate toughness. The stress paral-
lel to the interface, ob, influences the energy release rate of As in HH. it will be assumed that the putative length a of
the kinked crack and can significantly alter the conditions the kinked crack is very small compared with all other geo-
for interface cracking over substrate cracking if sufficiently metric length quantities and. in particular. small compared
large. This paper provides the dependence of the energy re- with the length of the parent interface crack. Under these
lease rate ratio on the in-plane stress. The nondimensional circumstances, an asymptotic problem can be posed, as de-
stress parameter which emerges is, t(an/E, r1)"', where picted in Fig. 1(B). Notably, a semi-infinite interface crack is
a is the initial length of the kink into the substrate, En Is a loaded remotely by the singular crack tip field associated with
modulus quantity, and ri is the fracture energy of the inter- the interface crack of Fig. I(A), with stress intensity factors
face. An experimental observation of the cracking of reac- KI and K2 and by the stress Uo parallel to the interface located
tion product layers in bonds between Ti(Ta) and A1 1 0 3 is in the material into which the crack kinks.! In an application,
rationalized by the theory. [Key words: crack growth, inter- the stress intensity factors K1 and K2 are regarded as the ap-
faces, kinking, stress, fibers.) plied stress intensities and are determined for the interface

crack in the actual geometry.

1. Introduction Plane strain cracks are considered, and the two materials
bonded at the interface (Fig. 1) are assumed to be isotropic

N AN earlier paper (He and Hutchinson,' hereafter desig- and elastic. The two elastic mismatch parameters of Dundurs
nated by HH), a study was made of the tendency of a crack governing plane strain problems are

in an interface to either remain in the interface or kink out
(Fig. 1). The ratio li/%'i was determined where %, is the a = (E1 - E2)/(E1 + E 2) (2)

energy release rate for crack advance in the interface and 'A1
is the energy release rate for the crack kinking into the sub- = -• tILt(1 - 2v2)
strate maximized with respect to the kink angle w. The com-
petition between interface cracking and substrate cracking - A2(0 - 2 ,i)]1/[AI(1 - &'2) + js2(1 - pi)] (3)
then depends on whether i,/%'A is greater or less than the
toughness ratio, 1i/r,, where E and r, are the interface and
substrate totrghnesses, respectively.

The analysis in HH is an asymptotic one in which the pre- 'Only the stress component in the material into which the kink extends
diction of Ii/1' is accurate when the length a of the has any effect on the change in energy release rate.
kinked crack segment is very small compared to all other
lengths in the problem, including the length of the parent in-
terface crack itself. If there is a stress o0 in the substrate par-
allel to the interface (Fig. 1) due to either residual stress or K,. K2 . E, - i , U
applied loads, then an additional nondimensional length
parameter, not considered in HH, becomes important: - -------------

ooV~a/(E.,)V (1) q -- E2 . 92, 2 -- 4'

where E. is a modulus quantity defined below. The role of (A)
this parameter in the competition between kinking and con-
tinued interface cracking is the subject of this paper. An ex-

R. F. Cook--contributing editor 4- - *

Ki. K11, Gs
(B)
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1990. Fig. 1. Notation and conventions: (A) interface crack, (B) kinked

"Member. American Ceramic Society. crack.

767



U
768 Journal of the American (eramLc Societv - He et al. Vol. 74. No. 4

where E. g. and v denote Young's modulus, shear modulus, the previous numerical scheme simply b. changing the 'load-
and Poissons ratio. respectively. and E = E/(I - v ). The ing on the crack" to be that associated %, ith o... Curves ot b,
condition a = I) refers to a homogeneous system. An and b: as functions of w for various a. all with 0. = ( are"oscillation index" E. which appears below, depends only on 1 shown in Fig. 2. There is virtually no dependence of bh and b-
according to on 9. For example. the values computed with 9 = a/ 4 differ

I / -from those computed with 6 = 0 by no more than about i1.
,(4) (The connection P = a4 corresponds with V = ,= /3.

27rIn 131 typical for many material combinationsYV An approximate so-

A general discussion of elastic intertace cracks has been lution for the case of no elastic mismatch is readily obtained
given by Rice., For a specific problem. the complex interface from the formulas given in Ref. 5. That approximation is

stress intensity factor necessarily has the dimensional form b, = 2(2/ir)': sin- w
(with i = (-1)I 2) b2 = (2/7r)' : sin 2w (13)

K a K, + iK, = (applied stress). L' 2L-"F (5) and. as shown by the dashed curve in Fig. 2, gives a good U
where L is a length (e.g.. the parent crack length or layer approximation for a = 3 = 0 when w is less than about 600.
thickness) and F is a dimensionless function of parameters The real and imaginary parts of c = c6 + ic, and d =

characterizing the in-plane geometry and of a and 13. The d6 + id, have been tabulated as functions of to for a wide
tractions on the interface ahead of the interface crack tip range of combinations of a and f3.' When 3 = 0. Eq. (12) can
(still with a = 0) are given by be written as

o,22 + io. 12 = K(2irx, 1)-' ' (6) K, = (CR + dR)KI - (c, + d,)Kz + b•,oa'2  (14)

When P = 0, and thus E = 0 so thatx'' = 1. K, and K 2 can be K1. (c, - di)K1 + (CR - dR)K2 + bzcroat" (15)
regarded as conventional mode 1 and mode 2 stress intensity The energy release rate of the kinked crack is
factors, i.e..

(722 = K1(2rx = (K2 + K•)/, 2  (16) 3
0' 12 = K 2(27x,)-1r2 (7) such that. with Eq. (12) u.

As emphasized in Ref. 3, the clarity in interpretation (=10,

achieved by taking 19 to be zero is often worth the small sacri- + 2oat 'R[b(cKa" + dka a-)]/ 2  Ific e in a c c u ra c y .+ ( b 2 + 2 O a1 E
It will be useful for later purposes to introduce the "phase" + (b 2 + b•)o'ia/Ez

0 of the stress intensity factors. With L defined in Eq. (5), (17)

K M K, + iK2 = IKle"L-" (8a) where I
or (%S.),.a = {(1cl2 + 1d1 2)KK + 2R.(cdK2a2)}/F12  (18)

tan # = Im[KL]/R 0[KL"] (8b) This last quantity is the energy release rate when cro = 0. The
ratio of the two release rates is obtained from Eqs. (10) and

In particular, when13 = 0 (17) using Eq. (8) as

k = tan-' (K 2/K,) (9) %./(§. = fi0̀1((O ) + njl(wiut) + n)f"(ca) (19)

and i, provides a measure of the relative amount of mode 2 to where 17 is defined in Eq. (1) and i
mode I of the loading on the interface crack.

The energy release rate for advance of the crack in the in- f` = ((1 + a)/(1 - P3)){fcj 2 + 1d12 + 2R[cde"']}
terface is f"= 2((1 + a)/(1 - 132))R {b[ce'l + de -iJ

= (K? + K?)/E. (10) f' - ((1 + a)/(l -/3
2))(b? + b2)

where

( )ll I
The stress component oro has no effect on IS,, since it acts ".0 ----- "--- .
parallel to the advancing crack. ."

The tip of the putative crack kinking into the substrate in '0252S
Fig. I(B) experiences conventional mode 1/mode II stressing 0
characterized by stress intensity factors K, and K11. The rela- 025

tionship between the intensity factors of the kinked crack and o-
those of the parent interface crack is expressed compactly as - -. I

K, + iK, = cKa1 + dKa-" + booa12 (12) b2

where (-) denotes the complex conjugate. Here c, d. and b are 02, 0,
dimensionless complex functions of w, a, and P3. The argu- 0U5 0I
ment leading to the K terms in Eq. (12) is based primarily on

simple dimensional considerations given in HH. The oro term
can be justified solely on the grounds that K, and Kil depend 2 F
linearly on oa,, and that the only length quantity in the elastic- 0 20 40 6 N80 1,0 ,2 I2
ity problem is a. Kinm"g Angle (0

The calculations of b =- b, + ib. use the integral equation Fig. 2. Curves of b, and b2 as a function of w for various a. The
formulation of HH. The present results were ohtained using dashed line curve i% the approximation (13).
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w ith " .. . . ..

= tO + e In (a/L)

The functions f. are independent of the magnitude of K -- '
but depend on the phase di of the interface stress intensitt .
factors, as well as on the kink angle co. If 3 = 0. these func- .- /.
tions are independent of the putative crack length a. and .
therefore ./', depends on a onky through 17. When • = 0.
there is an additional very, weak dependence on a through ' ..
term e In tail) inf" and.f"'. In what follows, the focus is on -..
material mismatches with $3 = 0, either exactly or approxi- - ,. --- -
matelv. This choice averts the (usually nonessential) compli- -
cations associated with the weak e In (alL) dependence. Some t -2C
assessment of the effect of nonzero # values can be obtained a-0 , C R ,neae

from the results presented below by simply accounting for the r
contribution e In (alL) to b. This term amounts to a phase . ..

0 60 20C a IO
shift in di. Some further discussion of how this dependence Pn, An" of L

affects the behavior when 0ro vanishes is given in HH.
Fig. 4. Ratio of interface energy release rate to maximum energy
release rate of kinked crack as a function of the phase of loading

111. Interface Cracking versus Kinking ,b s tan- (K:/Kt) for various values of the in-plane stress parame-
ter il. a = 3 = 0. The interpretation as the transition toughness

The role played by oro on the competition between contin- ratio. f/-,, applies only for 77 > 0. The datum is discussed in Sec-
ued interface cracking and kinking into the substrate is illus- tlion IV.
trated in Figs. 3 and 4. The ratio 'S/',, as calculated from
Eq. (19), is plotted in Fig. 3 as a function of the kink angle & strate material. If
for the case a = 9 = 0. The parent interface crack is loaded
with equal amounts of mode I and mode 2 (ib = 45°). The I,/r, < ',/s'"' (20)
stress on begins to have an appreciable effect on the release the interface crack meets the condition for continuing ad-
rate ratio when 17[1 is about 1/10; furthermore, when 1il is 1/4. vance in the interface at an applied load too low to advance
the IS ratio is increased or decreased by about 50%, depending the flaw into the substrate. Conversely, if the inequality in
on the sign of ao. Eq. (20) is reversed, the flaw initiates a kink at an applied

The ratio 1,/1" is plotted as a function of 0, in Fig. 4, load lower than that necessary to advance the crack in the
again for the case a = Al = 0. Here, IS.' is the value of 16, interface. The transition toughness ratio separating interface
maximized with respect to the kink angle w. As detailed in cracking from substrate kinking is given by
HH for the limit r; = 0, the value of w at which 16, is maxi-
mized usually corresponds very closely (but not exactly) to the (,/r,)raANs 'SMo = r/ Si"I (21)
direction of the kink corresponding to Kt = 0. A significant The curves in Fig. 4 thus provide the transition toughness
dimference between these two directions occurs only when the ratio for a given mode of loading and a given 71. Note that at
material into which the crack kinks is substantially, stiffer the transition, 'S+ can be replaced by r, in the expression (1)
than the other material, and then only when the loading on for 71. For this case, once substrate cracking is initiated, 17
the interface crack is heavily mode 2. increases as the crack grows, further increasing the driving

Consider the role of in-plane tension (71 > 0) with the aid of force on the tip of the crack, and the kink becomes unstable.Fig. 4. Determine 'S,/'S?,"", given the mode of loading as foconhetpfthcrkadheik cmsustl.
sife by Determandthee ofbasedon hesimates of loadinitial In-plane compression in the substrate (rj < 0) leads to very
specified by a and the value of th based on estimates of initial different behavior. In this case, %, decreases with increasing
flawgsizess and a= KLc/E2 , the mode I toughness of the sub- a, and cracks which kink into the substrate tend to arrest. To

further examine this phenomenon, let

A = r/r, - (OJ(1I23")q,- (22)

If A < 0, interface cracking occurs and substrate cracks will
I t I I t ,, ,,not be initiated. IfA > 0, sufficiently small flaws will initiate

kink cracks but, because 7 decreases (as a increases), these

.0 0 will subsequently arrest when

NiI = r (23)
"Now imagine a three-dimensional interface crack front en-

H / countering small flaws in the substrate. When o0 is compres-
- • . sive and A > 0, it is possible to have interface cracking (witha•n.-/25 IS, F= ,) and still initiate small cracks which kink into the sub-

-" .... --- strate and then arrest upon growth to a length governed by
- Eq. (23).

~ •The effect of elastic mismatch on 1j,/%,111 is shown in
- 1- Figs. 5 and 6 for (a = 0.5, =0) and (a = -0.5, 0 = 0),

respectively. All other things being equal. increasing the rela-
05 otive compliance of the material into which the crack kinks

increases the energy release rate of the kinked crack, and
. ,thus increases the tendency for substrate cracking.

40 60 so *00 -20
K K nk.ng A"e W To facilitate estimation of the effects of in-plane stress, the

lowest order influence of q on the release rate ratio is ex-
Fig. 3. Energy release rate ratio as a function of the kinking pressed as
angle o. for various values of the residual stress parameter n:
,I, =- tan iK-.K,) = 4.° and a = 3 = 0. = l / - ',/'S ),... A "7f(a.bd) (24)
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Fig. 5. Energy release rate ratio versus 0 for a - 0.5. • = 0 (A)

This result is obtained from Eq. (19) with 25.....

(,/qxo )•-0 =/ °(•IV )

f = f(I(S4,)h J(a,*.)
2  (25) 2-

where ae is the value of to which maximizes f1 °•(oi,*). Curves I
of (./'J'm')•-0 and f as functions of di for various a (with

= 0) are shown in Figs. 7(A) and (B). Comparison of
Eq. (24) with the full numerical results in Figs. 4 to 6 reveals
that the approximation retains accuracy to within about 10%
for Ij z 0.2. , 0I5

Based on this approximation, the transition toughness ratio 0' -0.5
shifts with tensile in-plane stress according to

(M/ rF M MN1v 0 (%§/i A •)q,.o - nf(a,*) (26) I o

When co0 is compressive, the length of the arrested kink
cracks can also be estimated using Eq. (24) when [ill Z 0.2. 0

Suppose, as discussed eatlier, that A in Eq. (22) is positive. 0 .o 0 30 ,o so W so 90

Using Eq. (24) with the arrest condition (Eq. (23)) gives Pase Ang•e of Loa"in '/ 3
-7 = (-oro) (al(E.7,))'a _- Aff (27) (B)

Fig. 7. (A) EnerSy release rate ratio versus * - tan-' (K 2/K,) for
IV. Experimental Illustration 71= 0. (B) Coefficient of lowest order contribution of 17 to energy

An experimental illustration of the importance of the release rate ratio in Eq. (24). In both cases, 0 = 0.

above calculations concerns cracking in a diffusion bonded (Fig. 8). Interface fracture energy measurements have been
system between Ti(Ta) and A12 0 3 . Upon diffusion bonding, made on this system using a notched flexural specimen. Two
brittle reaction products form in this system, consisting of vari- observations and measurements are relevant. When precrack- £
ous intermetallics," including the vy a2, and a phases in the ing is conducted in three-point flexure, the crack introduced
Ti, Al, Ta ternary. These layers are typically 3 jum thick into the A1103, which extends normal to the interface, pene-

trates the reaction product layer and arrests at the reaction
product/Ti interface (Fig. 8(A)), referred to as the R/M inter-
face. Subsequent to precracking, when the specimen is loaded
in four-point bending, cracks nucleate at the A1203/reaction
product interface, referred to as the C/R interface, and
propagate along that interface (Fig. 8(B)). The associated
propagation load' indicates a fracture energy for this inter-

0" .2 face of i - 17 J -m-'. Also, periodic branch cracks are emit-
c •,ted into the reaction product layer as the primary crack

extends along the interface. These branch cracks arrest at
Z 0 the R/M interface (Fig. 8(B)). Cross sections suggest that the

branch cracks tunnel across the reaction product layer, start-
S5 •.ing from the free edge. It is apparent from these results that
0 - the R/M interface has a relatively high fracture energy and is

Snot a factor in the fracture process. Independent measure-
S2: - ments of the fracture energy of reaction products in Ti/Al,

.-45. 0-o refractory metal ternary systems, such as the o, phase," indi-

cate values in the range rR - 40 to So j. m-2. This multiplic- 3
,, l,,, ,,,, ,,,,, ity of fracture behaviors can be rationalized using the preced- U

P hro Angle so 60 Ld so 9 ing calculations.
Phase Angie of Loadirtg W/ During precracking. with the mode I crack in the A120 3

Fig. 6. Energy release rate ratio versus di for a = -0.5. S = 0 normal to the interface, the fracture energy ratio between the
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reaction products and the C/M interface is F,/fR - 1/3. This
ratio is in a range consistent with the observed crack penetra-
tion into the reaction products." Upon subsequent loading.
when crack extension occurs along the C/R interface, the
phase angle db is approximately 50-." For this case, with
71 = 0 and F,/Fr - 1/3. Fig. 4 would indicate that the crack
should remain at the C/R interface. However. if a tensile mis-
fit stress exists within the reaction product layer. Fig. 4 indi-cates that 77 - 0.5 would allow the formation of branch cracks.Based on the elastic properties of the Ti/Al.O, system.' the

requirement for branch cracking becomes. af,(c)' I
I MPa m' . Since the branch cracks tunnel in from the edge.
c should be about equal to the reaction product layer thick-
ness (-3 jsm). whereupon the misfit stress should be
r,, > 600 MPa. Such levels of misfit stress arise from the

.. "thermal expansion mismatch between either the y-TiAi or the
- �o reaction laver with either the AIO, or the Ta(Ti).

V. Conclusion

In-plane stresses can have a major influence on the behav-
ior of interface cracks. In particular, tensile in-plane stress

__ acts in conjunction with flaws near the interface to destabi-
- lize interface cracks and causes them to depart from the in-

terface. Conversely, compressive in-plane stresses stabilize
interface cracks and essentially deactivate flaws around the

Ta•TU 1.0 PaM interface. Such issues are important in the failure of bonds
when either reaction layers or coatings subject to misfit

(A) stresses are present, and in fiber fracture from interface
debonds in brittle matrix composites. The calculations are il-
lustrated by observations of branch cracks within a reaction
product layer formed in the Ti(Ta)/AI 203 system.
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I DESIGN, ANALYSIS AND APPLICATION OF AN
IMPROVED PUSH-THROUGH TEST FOR THE

MEASUREMENT OF INTERFACE5 PROPERTIES IN COMPOSITES

P. D. WARREN, T. I %IACKIN and A. G. EVANS
Materials Department. College of Engineering. University of California. Santa Barbara.

CA 931056-550. U.S.A.

('Received 7 October 1991)3 Abstract-An improved fiber push-through test has been designed and used to obtain new information
about interfaces in composites consisting of matrices of a Ti alloy and a borosilicate glass, both reinforced
with SiC fibers. Interpretation of these results is accomplished through an analysis of coupled debonding
and push-through, followed by push-back. The sliding stress is found to vary with push-out distance and
to be substantially reduced in the vicinity of a fatigue crack in the Ti matrix composite. These effects are
attributed to asperity wear, matrix plasticity and fragmentation of the fiber coating around the debonded
interface. Reseating effects on push-back have beený demonstrated. but have been found to diminish as
the relative fiber-matrix displacement increases. Fiber roughness has been identified as an important3 ~aspect of interface tliding.

RdsumC--Un essai ameiliore d'enfoncement des fibres est propose et utilise pour obtenir de nouvellees
informations sur Its interfaces dans des composites formes de matrices en alliage de titane et en verre au
borosilicate. toutes deux renforcees par de fibres de SiC. L'interpretation de ces resultats est effiectuce par
une analyse de la separation et de l'enfoncement couples. suivi d'une poussiie en sens inverse. On trouve
que la contrainte de glissement varie avec la distance d~enfoncemnent et qu'elle est reduite considirablement
au voisinage d'une fissure de fatigue dans le composite a matnice de titane. Ces effets soint attribuis a
l'usure des aspeites. at la plasticite de la matrice et a la fragmentation du revetemnent des fibres autour
de la surface de separation. Des effets de remise en place lors de la poussee en seas inverse sont observeis.
mais its diminuent lorsque le deplacment relatif fibre~matnice augmtente. On montre que la rugositi de
la fibre est un aspect important du glissemtent interfacial.

Zmaufm~ug-in verbesserter Faser-Durchstofl-Test wird entworfen und angewandt, wim neue
Informationen uber Grenzflichen in Verbundwerkstoffen zu erhalten, deren Matrix entweder aus einer
Ti-Legierting oder einemn Borsilikat-Glas, beide verstarkt, mit SiC-Fasern, beateht. Mit cuter Analyse der
gekoppelten Prozesse Abldsen und Durchstollen. gefolgt von Zurfickschieben, werden diese Ergebnisse
interpretiert. Die Gleitungsspannung aindert sich mit der Ausziehlinge und ist in der Nihe einesIErmddungsnsses in dent Werkstoff mit Ti-Matrix betriachtlich verringert. Dieu Einfifisse werden dern
Abrieb. der Plastizitift in der Matrix und dent Bruch des Faseruberirugs im abgelosten Grentzfiichienbereich
zugeschrieben. Effekte der Wiedereinlagerung beim Zuruickschieben werden gefunden. sic verschwinden
aber mit steigender relativer Verschiebung zwischen Faser und Matrix. Es wird Sezeigt, dafi die
Faserrauhigkeit ein wichtiger Aspekt der Grenzfilichengleitung ist.

1. INTRODUCTION second objective is to apply the technique to inter-
faces between SiC (SCS-6) fibers and a P-Ti (15-3-3)

Fiber push-through tests have been widely exploited alloy matrix. before and after fatigue crack growth
as an approach for measuring the sliding properties [71, as well as interfaces between SiC (SCS-6) fibers
of fiber-matrix interfaces in composite materials and a borosilicate-glass matrix.
[1-5]. The advantages of this method include relative Previous studies on the push-through test have
simplicity in testing and a capability for conducting relied primarily on the peak load for initial push-
experiments at elevated temperatures (6]. The disad- through as a measure of "debonding."* Push-back has
vantages are concerned with interpretation of the been used to provide a measure of the sliding stress,
measurements, because of relatively complex defor- r. along the debonded interface. The magnitude of -
mations that occur during the loading and sliding has been calculated from the force. P, and displace-
processes. The first intent of the present study is to ment. d. from the expression
provide a further development of' the push-through
test, in conjunction with an analysis that allows
determination of the interface sliding -stress. r. The r= Pt2icR(/i - d) (1)1 1243
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%here R i, the nber radius and h is the section 2. Pt SJ-I. IIRot (,11 llTi 3
thickness. More comprehensise anal~sis of coupled
debonding and siding (9.91 dunng push-through - A

allows substantial additional information to be For tibers ha\ing eitner 2• r2.a:I•ci\ .zec ciameter
gained from push-through and push-back tests %hen or large %alues ot F -no or 7 fota aitorces are i
appropnatel% modified and instrumented. Solutions needed to displace tim.e nlrs In 'u:n tahcs. inc
for pull-out [f8 and push-through [9] for coupled indenter destgn ana the ,aazne. arranecmcnt needed H
debonding and sliding ha,e been characterized b% a to obtain uselul informaition irre rartiuiari import-
debond energ.. F. a sliding stress. :. and a thermal ant. Man. precious stuzie, hai% u'ea %harp indcntors
expansion misfit strain. i,. Some of the salient results that penetrate the fiber ,,pro tlems arise; ii) at
are summanzed. as needed to relate the push-through high loads, cracks are ntroduc,.: into the fibers that
force. P. to thc displacement. d. in terms of r and (t can influence the measurement:. 1ii1 at moderate U
The basic solutions are described in terms of a friction displacements. the indentor comes into contact with
law the matrix. curtailing further measurements. To obvt-

7 ý 71) -- •0r (2) ate these problems. c.lindricai indentors are preferred
and used in conjunction •sith the apparatus schemat-

whet u is the friction coefficient and a, is the ically illustrated in Fig. I. The test is performed b%

com,.ressive stress normal to the interface. During prepanng a thin section of the composite. This
initial push-through. stable debonding proceeds with section is located on an Al allo. base containing a
frictional sliding occurring behind the debond tip. 220pmr diameter hole. wsith the fiber of interest
This is followed by a load drop and push-out resisted placed over the hole. A small SiC c.linder. 100 pm
by friction. Results are presented for the following diameter. is emplaced on the fiber ex situ in an optical
conditions: (i) the Poisson's ratio of the fiber and microscope. A small rod located within the hole is
matrix are the same. (ii) the misfit strain in the maintained in intimate contact with the fiber and 1
axial and radial directions are the same and. (iii) the connected to a cantilever beam %kith an attached
radial stress is zero at the outer boundary (Type I strain gauge. This device measures the displacement
conditions) [8,9]. at the bottom of the fiber during push-through. I

The load-displacement behavior during debonding Loads are applied to the indentor through a flat
is sensitive to the initial debond length which, in turn. AI,O, plate connected to a load cell. which monitors
is affected by the sectioning process and the misfit the force. P. This system can be located within a
strain. However. after the debond has propagated furnace for high-temperature measurements. Two I
completely along the interface, since there is no additional features of this design are noted. The use

contribution from debonding, the load. P. becomes of a relatively small diameter hole minimizes bending

P d[exp(2pBt/R) -1) stresses. However, loads are limited to -40N.,
PI = . (3) because at larger loads, either cone cracks form in+[(l f)E-_]exp(2 the SiC fibers or the SiC indentor fractures.

where 2.2. Materials and specimens

Eff+ r, E/Em Tests were conducted on composites consisting of

Vo=(- (SCS-6. CVD) SiC fibers in either a Ti alloy
(Ti-15V-3 Al) or a borosilicate glass (Coming 7741)

B = vEI[(I + v)Ef+ (I - v)E] matrices. The elastic and thermal properties of the

with E being Young's modulus, v Poisson's ratio and specimens are listed in Table i. In both cases. speci-

t = h - di with the subscripts m and f referring to mens were ground and polished with a final I pm

matrix and fiber, respectively. For the special case. diamond finish. Two different specimen thicknesses

p =-0, equation (4) reduces to equation (1) with I
r = ro, whereupon P decreases linearly with d. How- Esterna lood

ever, when p 0 0, P is slightly non-linear. This gen- Push rod
eral solution has been implemented in a companion Fiber . , comoosite oteria,
paper [10] to predict the effect of fiber roughness and Piston, .utir bas
of misfit on the push-out force. The results will be
invoked in this article to interpret some of the
experimental measurements.

tIt should be noted that fin these formulae is not the fiber
volume fraction, but rather the ratio

f = area of fiber
total area of composite Fig. I. Schematic diagram of the fiber push-through

This implies that f is always small (typically 10-"). apparatus.

I
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Table I. Properties of the two matrces

Ti-15-3 SiC Glass SiC

Modulus. E.ISGPa 70GPa
Composite modulus, E 196GPa 70GPa
Poisson's ratio. v. 0.33 0.20
Thermal expansion coefficient, 2,. 7.6 x 10 -'C 3.25 x 10 ' C
Thermal mismatch strain, ty 4.5.x 10-3 7.0 x 10-"

Radial thermal mismatch stress. VR -300 MPa -60 MPa
Volume fraction of fibers, p 0.35 6.8 & 10-4
Area of fiberarea of specimen, f 4.5 x 10-* 6.8 x 10-
Fiber properties
Modulus Ef 360 GPa
Poisson's ratio, vY 0.17
Thermal expansion coefficient, ,,f 2.6 X 10-' C .

were used for each composite: 210 and 410 pm for the load is found following pop-through, for the first
Ti alloy, 1.5 and 2.1 mm for the glass. Fibers were 2-3 pm of fiber displacement. This is followed by a
pushed out to a range of displacements up to 80prm load that usually diminishes as the push-through
and then pushed back. The loads and deflections were displacement increases. Upon push-back, the load at
continuously monitored. Some tests were conducted which fiber displacements resume, P, (Fig. 4), is
on the Ti alloy matrix composite which had been usually somewhat smaller than the termination
subjected to fatigue cracking at a stress amplitude load upon push-through, P1. Thereafter, the load
tAv = 300 MPa and an R ratio = 0. 1 [7]. This fatigue remains essentially constant until the fiber reaches
schedule lead to matrix crack-growth without fiber the original location. At that location, there is a
failure. A push-through specimen was prepared from small load drop, APd, associated with the fiber re-
a 450 pm thick section of material parallel to the seating into its initial position, as observed in pre-
matrix fatigue crack (Fig. 2). Tests were conducted on vious studies [3, 4]. The relative load drop, AP 4 /p,
fibers at different locations relative to the fatigue usually decreases as the initial push-through distance
crack front. increases (Table 2).

a RESULTS 30(a) __________

3.1. Pristine materials Iw

A variety of experimental results have been 25 
o

obtained. Typical results obtained on pristine ma- 20
terial are presented in Figs 3 and 4. An increase in - -- hberpu:t

load occurs associated with elastic bending and stable 15 o

debonding. A load drop, AP, often accompanies 10
debond pop-through. The magnitude of AP increases
as the section thickness increases (Table 2). This load s
er s p i F e ,s drop may be used to estimate the intefacial debond
energy (see Appendix). Frequently, an initial rise in o -

-10 0 10 20 30 40
Fiber displacement (i'N)

(b)Ogl Fiber Loation

• 20-

Noteh 2

Matrix fatigue OCFO * 1o

5 :

-60 -50 -40 -30 -20 -10 U to

Fig. 2. Schematic of the fatigue specimen showing the notch Fber dispiscement (pai

root and fatigue crack growing from the root. The fibers are Fig. 3. Two examples of force-displacement results forI perpendicular to the fatigue crack, with a center-center push-through and push-back on the Ti-15-3/SiC material
spacing ft250 m. (specimen thickness 410Mm).
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7 reaction product which forms at the interface

, [Fig. 5Na)]. whereas in the borosilicate matrix system. I
debonding and sliding proceeds at the fiber-coating

s matrix interface [Fig. 5(b)].
Z4 3.2. Fatiguded maierwl

i 3 The specimens prepared follouing fatigue crack
propagation exhibited different push-out character-
istics. At fiber locations ahead of the fatigue crack-tip
(B in Fig. 2). the push-through characteristics are

___essentially the same as these on pristine specimens.
2 .' . However' adjacent to the notch (A in Fig. 2). the

0 10 push-through force-displacement curves have the
Fiber displacement, d tism) form depicted in Fig. 6. Subsequent to elastic deflec- I

_ _Lb_ tion and a small load drop, push-out commences
. at a relatively low load but the push-through load

6 increases for push-through displacements of the
order of 30 pm. Thereafter. the load decreases with
increasing displacement.

4 -Push-back tests have the same features exhibited by
Q. pristine specimens: an essentially constant load, simi-

0 3lar in magnitude to that reached upon termination of
2

Pushed- back Pushed- out

c-interface

-30 .20 -10 0 10
Fiber displocement, d t(m) -3

Fig. 4. Force-displacement results for push-through and
push-back of the glass/SiC material (specimen thickness

1.5 mm). 3
A comparison of the results for the two different

matrices reveal important differences. The Ti matrix a)

composite exhibits, (i) consistently larger value of the Reaction product I
push-out force, (ii) a substantially larger push-
through load drop, AP, and (iii) greater differences in
the relative push-back force, PIP1 . Also, the relative
load decrease that occurs as the push-out process
proceeds is larger for the Ti matrix composite. Con-
versely, the relative reseating load drop, APd/P, is

larger for the glass matrix system. I
Observations of fibers following initial push-

through using scanning electron microscopy (SEM)
indicated that sliding in the Ti matrix system occurs
at the interface between the fiber coating and the ,)

FiberTable 2. (a) Reseating load drop coating

Relative load drop, AP,

Push-out distance

(Am) Ti matrix

5 0. 55
10 0.36
20 0.13

(b) Push-through load drop 25pm
Load-drop, AP (N)

Section thickness Fig. 5. SEM micrographs of fibers after push-through, (a)(Am) Ti matrix the Ti-I 5-3/SiC composite. (b) the glass/SiC composite-
410 7.3 note the glass fragments adhering to the fiber, (c) fatigued
210 5.1 Ti matrix sample-note the extensive damage to the coating. U
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00

0 10 20 30 40 50 40 70 -40 *20 0 20DIFiber displacement, d ljumI Fiber displacement ,d (psm)
Fig. 6. Force-displacement results for push-through and push-back in the fatigued Ti-I 5-3 SiC material.

push-through. However, there was no load drop Ti matrix system has a sliding stress about an order
associated with reseating. Observations of the sliding of magnitude larger than that for the glass matrix
interface indicate extensive fragmentation of the fiber material. Also. the decrease in T with sliding displace-
coating [Fig. 5(c)). ment is much larger for the Ti system. Attempts to fit

the load-displacement results to equation (3) with
4. ANALYSIS consistent r,, and pu have yielded unacceptable corre-

lations. The problem is illustrated for the glass matrix
Preliminary representation of the sliding behavior system in Fig. 8. First. by using the misfit CT and theIis made using equation (1). as plotted on Fig. 7. The elastic properties for this composite (from Table 1),

160,() 160.

-140 o1401

S120-a 2 130

1150

I60 6
40 40

010 1s 20 25 30 -30 -23 -20 -15 -10 -5 0
Fiber displaceunhm. d WWam Fiber diplaceiamird, d (eMm

M (d) 5ek

75 7.-

Fi.I(-) Caption oek
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Fig. 7c.f 3
Fig. 7. Values of the sliding stress T as a function on push-through and push-back: ta.bi Ti matrx

composite. ic.d) glass matnix composite. (ef) Ti matnx after fatigue.

a fit of equation (3) to the initial push-through force ish. Direct measurements of asperty amplitudes
indicates that p % 0.2 and t,,:t 2 MPa. Then. by would be needed to vcrity this interpretation.
maintaining p and r,, at these levels, equation (3) The much larger reduction in r in the Ti matnx
predicts a substantially smaller load reduction upon system cannot be explained by the same asperity wear
push-out than indicated by the experiments. This mechanism. because the extent of aspenty wear that I
situation differs from that found when initial push- would be needed to correlate with the experiments is

through measurements are made as a function of unacceptably large [10]. The interpretation most con-
embedded lengths (Fig. 9). wherein all measurements sistent with the measurements [Fig. 7(a)). is a re-
involve small displacements (<2pum). The inference duction in misfit strain with push-out. probably
is that either u or r, or both are diminishing as caused by plastic expansion of the matrix around the
push-out proceeds. An assessment of the degradation fiber, as asperities slide over each other.
is made (Fig. 10) by either regarding u as constant The large reduction in initial push-out stress in-
and evaluating the reduction in r, or vice versa. Based duced upon fatigue crack growth (Fig. 6) has also
on an analysis elaborated in a companion paper (101. been related to a diminished misfit strain 1101. In this
the preferred interpretation is that r, decreases. This case, fragmentation and removal of the fiber coating
analysis relates r0 to fiber roughness. It explains [Fig. 5(c)] is regarded as the major source of the
various unexpected phenomena. such as the fre- reduced misfit. The subsequent increase in push-out
quently found rise in initial push-out stress (Fig. 3) in load is qualitatively consistent with this interpret-
terms of a geometric decorrelation. It also demon- ation. but the magnitude is larger than this mechan-
strates that To decreases as the amplitude of the ism could predict. Further study is needed to I
roughness decreases. The implication regarding the understand these details.

results presented for the glass matrix system in Fig. 10 The reseating effect on push-back has been noted
is that wear of the interface asperities occurs as the and explained (3, 41 in terms of asperities on the
interface slides during push-out. causing ro to dimin- debonded interface. One notable addition provided

i Ii U

S E.Pffnmentai S.10-,

5 0
0 5 0 152 V0 2 4 a 10 12 14

sliding~ dopiwen.rmn i(.m Eftbud&td kenmid (mni

Fig. 8. A comparison of push-through measurements for the Fig. 9. A comparison of push-out data as a function, ofI
glass matrix system with prediction based on equation (4) embedded length with the prediction of equation (3) [SI

with M and r, held constant. 0t . M = 0.2).

+ + ,,0..,,+ :I
J ] "I
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'a) Some of the changes are substantial and have

.,,2MI, important implications for matrix cracking in com-
posites, subject to either monotonic or cyclic loading:

• ,processes that have high sensitivity to t. The details
that govern the sliding induced changes in T have not

0 been elucidated and require further study.
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Fig. 10. Change in sliding parameters with push-out for a
glass matrix system: (a) fixed, %, (b) fixed p. APPENDIX

Estimating the Interface Debond Energy, r,

by the present study concerns the reduction in the Liang and Hutchinson (9] have shown that a load drop,

associated load drop with increase in the push- AP, occurs after the debond has propapted completelythroug droPalong the interface (for re - 0),
through displacement in the Ti-I 5-3 matrix material

(Table 2). This observation is consistent with the p _r ,-L
above speculations that the matrix in this material is ;-- [AIET + A Ry- \- (Al)

being plastically deformed during push-through. where
Al A.+E

. CONCLUDING REMA, ( + v)+(l -v)E/E1

Based on the development of an improved push- 4EEf[(I + v)f + (I - v)EJ
through test, some important sliding characteristics All

of interfaces in metal and glass matrix composites (l-f)(l+v)E2jEF+(l-2v)EI

have been identified. In particular, changes in sliding In (Al), the first term in parentheses reflects the release of

behavior caused by monotonic and cyclic sZing residual stress when the debond propagates completely
along the interface while the second term reflects the contri-

displacements have been revealed. Qualitative com- bution to the load induced by the bond.
parison with a sliding model based on fiber roughness Measurements of AP enable r, to be estimated provided
and friction [10) have provided some insight about that ET is independently known. As a first approximation, we

the origin of these effects. Changes in monotonic a&=une that the axial mismatch strain is entirely relieved
t ogwhen the thin composite sections are sliced: eT- 0. Valuessliding resistance r are larger for metal (MMC) than of F, are then estimated for the Ti matrix composite
glass (GMC) matrix composites, suggesting that re- in which debonding occurs within the fiber coating. For
lease of misfit by matrix plasticity is important for this case [Fig. 7(a)), r -90 MPa and the mismatch stress
MMCs whereas asperity wear dominates for GMCs. ce - 300 MPa (rable 1) giving p - 0.3. With this value for

oinvolve fragmentation p, the measured push-through load drops (rable 2) give
The effects of fatigue seem to , in the range 4-7Jm-2 . A more complete analysisof the fiber coating that also reduces the thermal awaits a numerical solution that includes the influence of

expansion misfit and reduces r. sectioning presently under development (9].I
I
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THIN FILM CRACKING AND THE ROLES OF
SUBSTRATE AND INTERFACE

T. YEt, Z. Suo and A. G. EVANS
Materials Departnt. University of California. Santa Barbara.

CA 93106-5050. U.S.A.

(Receiwd 6 Aupt 1991 ; in remdform 13 March 1992)

Abtret--Cracks in thin filins caused by residual tension are exammned. Attention is focused on
film cracking, subject to either interface debonding or substrate cracking. For crack channeing
along the film, the driving force is found to depend on the channel cross-ction. as governed by
the fracture properties of the interface and the substrate. in addition to known effects or film
thickness, residual stress and elastic moduli. The critical film thcknss needed to avoid cracking is
determined to be lower if the crack extends into the substrate. Conditions for thin film spelling and
constrained debonding are prescribed. Finally, the T-stress is used to account for crack branching
in substrates.

I. INTRODUCTION

Thin films deposited on a substrate are usually subject to residual stress, with a misfit strain
to. For example, if the thermal expansion coefficient of the film differs from that of the
substrate, the misfit strain is biaxial, having magnitude

so - (br-b)AT, (i)

where AT is the temperature drop and b the thermal expansion coefficient; the subscripts
f and s indicate film and substrate, respectively. The misfit stress in the film is also biaxial,
with magnitude

Oo - CoEr/(l - vr), (2)

where Er is the Young's modulus and Vr the Poisson's ratio. The residual stress is tensile
when the thermal expansion coefficient for the film is larger than for the substrate, and is
given explicitly by eqn (2) when the film is much thinner than the substrate. Thin films in
residual tension are considered in this paper.

Many cracking patterns in film-substrate systems have been observed and analysed
(Evans el al., 1988; Hutchinson and Suo, 1992). A crack nucleates from a flaw either in
the film or at the edge, and propagates both towards the interface and laterally through the
film. Depending on the material, the crack may stop at the interface (Fig. la), penetrate
into the substrate (Fig. ib), or bifurcate onto the interface (Fig. Ic). These cracks then
channel laterally. After the channel length exceeds a few times the film thickness h, a steady
state is reached, wherein the entire front and the cross-section in the wake maintain their
shape as the crack advances. When the steady-state channel extends by unit length, the
potential energy decreases by (Suo, 1990; Ho and Suo. 1991)

4,= . 2 6(x) dx. (3a)

tNow at Stewart & Stevenson Services Inc.. Gas Turbine Products Division. 164 15 iacintport Blvd,
Houston, TX 77015. U.S.A.
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Fig. !. (a) A channeling crack withn a thin Min. (b) A channeling crack penetrating into the
substrate. (c) A channeling crack with interface debodng.3

or by (Gille, 1985; Hu and Evans, 1988)

V = f W(a) da. (3b)

where 6(x) is the separation of the cracked film in the wake, 1(a) is the energy release rate
of a plane strain crack, and the integration in eqn (3b) is over all cracks in the cross-section
of the wake. I

Previous studies have assumed that the channel bottom is a sharp crack front lying

on the interface (Fig. la). However, in practice a film crack may either extend into the
substrate (Fig. ib) or bifurcate along the interface (Fig. 1c), depending upon the relative
fracture energies of thin film, substrate and interface. Such microscopic features relax the
constraint of the system and increase the separation 6(x) which, in turn, increases the
driving force 4*. Consequently, the loss of constraint lowers the critical residual stress
needed to drive the channel crack. Explicit determination of these effects is the subject of
this article.

Consider an ideally constrained channel in the film (Fig. Ia). The potential energy
decrease for the channel to extend unit length, V, equals the energy released at the channel
front, h 9.. Dimensional arguments lead to

hI.h : = ( (4) 3
where E = Er/( I - vr), and Z is dimensionless and depends on elastic mismatch, as cal-
culated by Beuth (1992) for the channel confined in the film.

I
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Table I. Fracture energies for typical film substrate combin-
aion0s

Matenal Fracture energy (Jm - : Film/substratet
Si 6 F.S

GaAs 2-4 F. S
SiO, 6 F
SiC 20 F

SiN, 10-40 F
AIO, 10-30 S

Cu 104 F
Al 104 F
Ni 104 F.S

Polyimide t0o F

t F refers to film. S refers to substrate.

Let rr be the fracture energy of the film, and define a non-dimensional cracking number.
f. as

R. = f4h/lrf. (5)

The channel grows if v,, = rF. Consequently, for the ideally constrained channel to grow,
tk = I/1. Once R' has been established, it defines a critical film thickness below which film
cracking is prohibited

k = R.,(&rA/6). (5a)

Determination of fl is the principal objective of this paper.
The material properties that dominate the conditions for film cracking, through their

influence on the magnitude of 0., are the system fracture energies and the elastic mismatch
parameters. The relevant fracture energies r are rjlr and rjrt, where the subscripts i, f
and s refer to the interface, film and substrate, respectively. Typical values for rr and r,
are indicated in Table I for substrate and film combinations of technological interest. The
interface fracture energy r, is sensitive to details regarding the substrate surface, as well as
the film deposition and post annealed processes. Values in the range 01-100 JM-I have
been measured for various systems (Reimanis el al., 1991 ; Evans et al., 1990).

2. PLANE STRAIN PROBLEMS

The elastic mismatch is characterized by the two Dundurs' parameters

0I-V,)/l -0i-vf)/lpf I (I - 2v,)//4- (I - 2vf)//t

0 = ( J1 4 - +0l- V)/' =2 (l-vJ/;4+(l-vr)/r , (6)

where p is the shear modulus and v the Poisson's ratio. For typical film/substrate com-
binations, x and P tend to be interrelated, such that P _ a/4 (Evans et al., 1990) with a
ranging between 0 and 0.7. In the computational results reported below, vf - v, = J (equi-
valently, P = £/4).

The plane strain problems pertaining to the wake of the channel, shown in the insets
of Fig. 2. provide the information needed to determine the potential energy decrease for
channel cracking, 41. Each material is taken to be isotropic and linearly elastic, the substrate
is semi-infinite and, by using Eshelby arguments, the stress intensity induced by the misfit
stress must equal that induced by an applied traction of the magnitude.

For linear elastic problems, the plane strain energy release rate I is quadratic in the
residual stress and dimensional considerations show that

S= (U8'h/l)co, (7)

where w is a dimensionless number depending on alh, a and P. A few mathematical
considerations capture the main features of the solution. as follows.
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where wa, is the dimensionless number defined in eqn 17). 'j = a, h. and the fitting parameter
;., is listed in Table 2. The pre-factor ensures that. as q, -c eqn 14) approaches the
solution of an edge crack in a semi-infinite plane loaded by a pair of point forces (Tada et
al.. 1985). Since the residual stress is localized in the film. the energy release rate decreases
rapidly as the plane strain crack extends into the substrate.

2.3. Interface crack
When the crack extends along the interface tFig. 2c). even though stresses are oscil-

latory at an interface crack tip, the energy release rate 4, still has the usual interpretation.
Finite element calculation provides the following approximation:

LI{ = 1 2 'ki+i- [l+4,;. exp(_;.-V ?1J], (5

where co, is the dimensionless number defined in eqn (7) and q, = a,ih. The two parameters,
A3 and A., used to fit the finite element solutions are listed in Table 2. The pre-factor ensures
that the so:lution is exact as it/ - oo. For systems having films stiffer than substrates (a > 0),
ah monotonically decreases to a constant level, w, = 0.5. For such systems. the interface
debonds, unless the crack can either blunt or extend into the substrate. For more compliant
films (a < 0), a maximum oia exists, suggesting a condition wherein debonding could not
occur provided that the interface toughness exceeds a critical level.

3. CHANNEL CRACKS

3. 1. Brittle substrates
When the substrate is brittle, the crack in the film may penetrate into the substrate

(Fig. Ib). Thus, ' can be obtained by substituting eqns (13) and (14) into eqn (3b) to give

"E _ 0' fa.""

2h2 = J Wr+ wd, 7 . (16)

For a unit advance of the channel, the potential energy is balanced by the energy needed
to create crack surfaces

V = hr + (a.,- h)l-,, (17)

where rr and r, are fracture energies for the film, and substrate, respectively. At the bottom

of the channel, the energy release rate must equal the fracture energy of the substrate,

I= r,. (18)

Equations (17) and (18) can be rewritten in nondimensional forms

r4 = i + (rjrf) (,7.*- 1 )]/2: (19a)

and

WA = rF,/r. (19b)

where Ql is defined by eqn (5). Equations (19a, b) can be solved to give the channel depth
into the substrate, q:[= (ah)1], and the critical cracking number, f4, as a function of both
ujr. and the Dundurs' parameter, a. Both equations are nonlinear in P1,, since X and w,
depend on %7,.

It is apparent from Fig. 3a that the crack depth into the substrate increases either as
the relative substrate fracture energy, r,/Ff, decreases or as a increases. The cracking
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The stress field for a crack perpendicular to the interface, with the Lip at the interface.

is given by Zak and Williams (1963). The singular term is

a.) -. Ir -'J, ,(0). (8)

where (r. 0) is the polar coordinate centered at the tip. and t, are dimensionless angular
distributions. The scaling factor. k• is analogous to the regular stress intensity factor. but
having different dimensions [stress] [length]'. The exponent s (0 < s < 1) is the root to

Cos (sn) - 2[ (I -S)+ 0. (9)

Table I lists s for given values of a. Dimensionality and linearity require that I
/k -. ah7' (10)

with the pre-factor dependent on a and P only.
Now consider a crack perpendicular to the interface, but with the crack tip either in

the film or in the substrate (Figs 2a, b). As a/h -- I, the stress field far from the small
ligament Ih - al behaves as if the crack tip were on the interface and is governed by k. At I
the crack tip, however, the stress field is square root singular and is scaled by the regular
stress intensity factor K Linearity requires that

K-' llh-al '-" (11) I
Combination of eqns (10) and (1I) gives 3

K/a0 ~/h { I(1-a/h)' ',a/h -(12K/aoi• ((I - h/a), `-, a/h -,I + I2

2.1. Crack tip in the film

For a crack tip in the film (Fig. 2a), Beuth (199 1) has shown that, subject to 9f = KI2 Ef,

(Or = 3.95 i(I _) - 2(I + •.)(13) I

where cr is the dimensionless number defined in eqn (7), 1f- = ar/h and ;, is a fitting
parameter to the full numerical solution (Table 2). The pre-factor is chosen such that, I
as r/f -- 0, eqn (13) approaches the classical solution of an edge crack in a semi-infinite
homogeneous plane. Notice that the normalized energy release rate cur increases with a,
confirming the known behavior that a compliant substrate attracts cracks more than a stiff
substrate.

2.2. Crack tip in the substrate
For a crack that penetrates into the substrate (Fig. 2b) by using 1, = K2/E,, our finite I

element results can be expressed as

co , -- --T -_ 4 (& /& )q ,[sin -` ( l/P h) ( 1 - ,'lz ' I + ; 2 q ) 2 ( 14 )

Table 2. (Or - v, --. or = 114)

a -0.99 -0.8 -0.6 -0.4 -0.2 0 0.2 0.4 0.6 0.8 0.99
s 0.312 0.350 0.388 0.425 0.462 0.500 0.542 0.591 0.654 0.744 0.940
iAp -0.0894 -0.0784 -0.0627 -0.0437 -0.0224 0 0.0215 0.0389 0.0465 0.0335 -0.0257
'.. 1.087 0.711 0.429 0.211 0.0201 -0.136 -0.296 -0.440 -0.584 -0.708 -0.962
;j 2.220 1.951 1.615 1.282 0.957 0.496 0.660 0,666 0.796 1.268
A, 2.391 2.570 2.594 2.392 2.017 1.336 1.217 0,918 0.694 0.521

us 29-21-0

I
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nubrIk
number (C. decreases as small rIrf (Fig. 3b), reducing the critical film thickness, hk.
However, it is also of importance to note that 114, is essentially invariant when rjrr 3; 1.
This is consistent with the prediction that crack penetration into fim is negligible whenrjr, 3 1 (Fig. 3a). Consequently, the substrate fracture properties are only important when5 ~the substrate has appreciably less toughness than the film.

3.2. Weak interfaces
Denote r, as the fracture energy of the interface at the phase angle pertinent to interface

debonding (52' when film and substrate have similar elastic constraints; see Fig. 53 in
Hutchinson and Suo (1992)). The non-dimensional energy release rate for an interface crack
quickly approaches an asymptotic value, cai = 0.5 (Fig. 2c). For practical purposes, this5 prescribes the critical cracking number defined in eqn (5) as

11L - 2r',fr,. (20)
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The interpretation of this result is as follows. For R1 > 2-,/I-f. the debond extends without
limit and the entire film spalls off as the crack extends across the film. (Fig. 4a). This
condition does not depend on the Dundurs" parameter. 2.

Another limit coincides with the condition for the avoidance of cracking. This limit
arises when ,, = 0 (Beuth. 1992)

* fl~=(21)

This condition depends on a (Fig. 4b). A map that combines the above information is
shown in Fig. 4c for the case a = 0. The area indicated by edge cracking indicates that thin
film cracking is avoided, but r, is so low that interface debonds from the edge of the film.
It is noted that constrained debonding does not reduce fC appreciably, so that Fig. 4b i6
sufficient for practical purposes.

4. CRACK BRANCHING IN THE SUBSTRATE

After a crack penetrates into a brittle substrate, it bifurcates (Drory and Evans, 1990)
(Fig. 5). To account for this phenomenon, the concept of the T-stress is used. For a mode
I crack, the Williams expansion defines T-stress as

K
rii(r, 0) = K fq (0) + T6I,, (22)

where T is the stress acting parallel to the crack. A crack in an isotropic, homogeneous,
brittle solid normally selects a trajectory with mode I loading. The crack perpendicular to
the interface, with tip in the substrate, is indeed under mode I. According to Cotterell and
Rice (1980), a mode I crack is directionally stable if T < 0, but unstable if T > 0. With this
concept in mind, the T-stress after a crack penetrates into the substrate was computed using
finite elements (Fig. 5). It is apparent that conditions exist near the interface with T > 0.
Cracks in the substrate near the interface thus appear to be unstable. The observed bifur-
cation may be plausibly explained by this effect. Noticing that the singular term in (22)
vanishes in crack flanks and, in particular,f,, (± a) = 0, we compute a,, using finite element
along the flanks, near the crack tip, which approaches T. Fine meshes at the crack tip are

a1.0.

3 0.$

_ IS 2 23 3 3S3 Realative Crack Depth. a$ih
Fig. S. The T-stress as a function of substrate crack depth for various levels of elastic mismatch.

The crack branches when T > 0.

3
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used which are varied and refined to ascertain mesh insensitivity [see Sham (1991) for more
sophisticated methods for computing T-stress]. I
Ackno4led.q.emengs-This investiption is supported by the ONR URI contract 8.482491-25910-3. ZS ismn addition
supported by NSF grant MSS-9011571. The finite element computations were performed uing ABAQUS. We
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THE FRACTURE RESISTANCE OF A MODELI METAL/CERAMIC INTERFACE

I.L E.REMANIS, B, I DALGLEISH aMd A. G. EVANS

Materials Department. College of Engineering, University of California, Santa Blarbara.

(eew25March 1-991)

Alisaet-Crack propagation has been measured for the A1203/Au interface subject to conditions that
exclude stress corrosion. Crack growth has been shown to occur with a rising resistance, governed by intact
metal ligaments in the crack wake. The level of resistance also increases as the metal layer thickness
increases. Crack extension occurs by a combination of plastic void growth and interface deboadhig. The
fracture energies are much large than the work of adhesion, but appreciably smaller than those expected
for ductile interface fracture. The fracture energy is nevertheless dominated by plastic dissipation which
increases at larger metal layer thicknesses.

Rdin6--On inesure Is propagation des fissures pour l'interface A1203/Au soumise i des conditions qui
excluent la corrosion sous contrainte. On montre que la croissance d'une fissure se produit avec: one
resistance croissante, contr6l6e par ins ligaments mitalliques intacts dans le uillag de la fracture. L~e nivean
de risistance croft aussi lorsque l'6paisaeur de la couche mn6taflique augmente. L'extension de In fissur
se produit par une combinaison de croisance plastique des cavit6s et de d6coliement de rinterface. Lea
energies de rupture sont beaucoup plus grandes que in travail di'sdh6renoe, mais beaucoup plus petite.
que celles que l'on attendait pour tine rupture ductile d'interface. L'6nergie de rupture est obanmoins
domin&e par la dissipation plastique qui augmente pour ins grandes 6passeurs de Is couche m6talliqlue.

7mawufac.-Die Rifiausbreitung wird an der Grenzflche A12 0j/Au tinter fledingungen ginessen,
die Spannungskorrosion ausschliefen. Ste gehit mit steigendem Widerstattd einhe und let Wigt von
mntakten Metal~lbriicken im Spalt. Die Gr66e des Widerstandes nmmmt such xii, wenn die Dicke der
Metaflsichicht zunirmit. Die Ausbreitung des Kisses liuft ilber eine Kombination von plastiachem
Porenwachstum und von Abilsuingen in der Grenzfiche ab. Die Druchenergien Abersteigen die Adhiuion-
sarbeit erheblich, aind aber merklich kleiner Wls diejenigen, welche ffir duktilent flich an der Gfemzflcbe
erwartet werden. Trotzdem ist die Bruchenerge beherrnscht von plastiacher Dissipation, die out dickerer3 ~Metallschicht gr6fler wird.

1. INTRODUCI'ION the sapphire allows in situ observation of crack

The fracture of metal/ceramic interfaces may poaainaogteitrae[]

involve irreversible processes such as phonon dissipa-
toplasticity and phase transformations [1,2,4-7] 2. EXPERIMENTAL. PROCEDURES

and can occur by either brittle or ductile mechan- 21 ifsonbn g
isms 11, 71. Brittle mechanisms involve atomic 21 ifso ada
decohesion at the crack tip [61, whereas ductile inech- As described previously [7], interfaces between Au
anisms involve void nucleation and growth [7, 8] and A1203 can be created by the diffusion bonding of

usually ahead of the tip. Brittle fracture can be high purity polycrystalline Au foil to single crystal

3contiuinfo plastic dissipation taocusi 10 Tfr48hndsubjectedtoanr lsresf
temetal as the brittle crack extends along the about 5 MPa. The diffusion bonded discs consisted of

interface [5, 7]. thin Au layers of 100, 25 or 10 pm thickness between
The intent of the present study is to investigate two thick A1203 layers: one having I mim thickness

explicit effects of plasticity on the fracture of a metal/ and other 3.5mmu thickness. The Au foil was poly-
ceramic interface. A model system of gold bonded crystalline after bonding, but highly textured such
to sapphire is used. This system has the attributes that the foil plane has a (001) orientation M1. Residual
that the properties of the constituents have been porosity remains at the interface [7,9] in the form of
thoroughly characterized, and that a discrete inter- isolated facetted pores in the Au, approx. 3-10 pm
face can be produced by diffusion bonding without wide and about 1Ipm deep, with a mean spacing of
the formation of interphases and without dissolution about 20-SO pm. The thinnest foil exhibited tearing3of A120, in the Au [7]. Finally, the transparency of in some locations (Fig. 1).
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P,2 R2bU

Fig secime usedrack

: O ''o. .. Au

0 2 Fig. . Flexure specmen geometr used for interface frac-
." • ture energy measurements.

Fig. 1. Optical micrograph of 10pAm thick Au foil diffusion
bonded between plates of sapphire, showing tears in the Au the Au foil to allow characterization of the fracture

tarrowed). surfaces. These surfaces were investigated in the SEM
in conjunction with X-ray spectroscopy (EDS) to

2.2. Mechanical testing determine possible chemical differences.

Most bimaterial interface fracture problems
occur under mixed-mode loading conditions 11]. A 3. RESULTS
flexural configuration (Fig. 2) which has a mode 3.1I. Measurements and observations
mixity angle, ik % a '4. is thus particularly appropri-
ate for the investigation of interface fracture 110]. Four-point flexure tests conducted in a dry N:.
Furthermore, the relative ease of introducing a stable atmosphere revealed resistance behavior, manifest in I
precrack facilitates use of this specimen. Subsequent loads that increased as the interface cracks extended.
to diffusion bonding, beams were diamond machined The resistance Fr determined from the loads has the
with overall dimensions, 45 x 3.5 x 4.2 mm. In some characteristics indicated in Fig. 3. Both the initiation
cases, side faces were polished to facilitate optical resistance F0 and the subsequent growth resistance
observation during testing. A precrack was estab- appear to increase as the metal layer thickness
lished in the following way. Knoop indentations, increases. Explicit trends in F0 with metal layer
loaded to - 50 N, were placed on the center of the thickness are presented in Fig. 4. I
tensile side of the beam. The sample was then loaded The crack growth mechanisms, which were

in 3-point bending until the crack from the indents ascertained from in situ observations, revealed some
grew unstably through the sapphire. Following pre- dependence on the metal layer thickness, although
cracking, three- and four-point bend tests were car- generic characteristics exist. In particular, alternate 3
ried out in situ in an inverted optical microscope 17]. debonding usually occurred on both interfaces, as
The load was measured using a high-resolution, illustrated schematically in Fig. 5(a). This behavior
button-type load cell consisting of semiconductor was elucidated by matching top and bottom inter-
strain gages. Tests were performed in a dry N2  faces, wherein the region which remained intact on
environment which was achieved by enclosing the the top interface [Fig. 5(b)] debonded on the bottom
apparatus and maintaining a positive pressure interface (Fig. 5(c)]. Consequently, ductile ligaments
outflow of dry, high purity N2. To fully suppress bridge the crack, even after crack extensions of 5 mm.
subcritical crack growth, high purity grade N2 (3 ppm Sip lines visible on the perimeter of the intact
H20) was necessary. The chamber was flushed with area (Fig. 6(a)], which delineate the plastically de-
N2 for at least 20 min prior to testing. formed ligaments, are continuous through the metal 3
2.3. Characterization

20W
After the crack had been propagated to a length

- 5 mm, fracture surfaces were prepared for micro- 17S5

Water was introduced into the crack front and the

specimens loaded in 3-point bending, whereupon the 2 t

H2 0 debonded intact regions by stress corrosion. 100oo".~
This process occurred at sufficiently low load levels 75 2nthat the fracture surface remained essentially un-10P
damaged. Thereafter, the specimens were embedded L25 oo 0 10 AmL

in epoxy to ensure that the mating fracture surfaces
were not damaged during subsequent cutting. Fol- 0 2 2 3 4 S 6

lowing diamond sawing into the desired shape, the Crack Lengt a (mml
specimens were removed from the epoxy by soaking Fig. 3. Interface fracture energy r. as a function of crack
in acetone, and the top sapphire layer separated from length a, for 10. 25 and 100 rm thick Au layers.
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Relative Thickness, O.h (kJm 2) I pore diameter, %as -01.1 pIm deep. as measured
0-- 3 3 6 9 12 is to using an electron damage technique [7] Finall%. in the

Sthinnest Au la.,er. the crack extends continuousl.

- 70- on the lower interface b% direct growth from the
S,.' crack front. with some isolated debonding in theI form of %oid growth. on the upper interface. reminis-

* / cent of the crack growth process subject to stress50 corrosion [7].

C •r/w.=[ o, - 0.W., 1 Subsequent to initial growth. continued crack

r extension was accompanied by periodic debonding

30 . .at the second interface. Interfacial pores were located0 2 40 8e io, tee 20 at the centers of each debond, suggesting that pores

M Thickness, h (Pm) are the preferred nucleation sites. The nature of void
Fig. 4. Initiation fracture energy as a functon of actual and growth ahead of the crack and thus. the size of the

relative metal layer thickness. intact ligaments, was noted to depend on the metal
layer thickness: the intact ligaments being smallest

[Fig. 6(a), (b)]. The intact areas begin to debond for the thinnest layers. A characterization of the size
-- 3 nmm behind the crack tip and continue to debond

as the crack extends (Fig. 7). The debonding behind (a) FraM .cture ft -

the crack tip occurred by pontinuous deohesion withf

Au layers having intermediate and larger thickness .....
the crack front extended primarily on the upper
interface, but for the thinnest layers the crack prefer-
entially selected the lower interface.

Subsequent to crack extension of several millime-

ters in dry N2, some samples were unloaded and
reloaded in 3-point bending in air, thereby causing
the intact ligaments between crack faces to debond by

stress corrosion. When all of the intact ligaments had
been debonded, the sample was again unloaded and
reloaded in 4-point bending in dry N2 . The crack was
found to resume growth at an energy release rate
comparable to the initiation resistance F0, and to
further extend subject to a resistance curve having the
same characteristics as the original curve (Fig. 8).
These experiments explicitly relate the rising fracture Crfck _
resistance to the presence of metal ligaments across
the interface crack faces, consistent with previous
studies on the Cu/glass system [5). k .

The initial growth mechanisms were most readily
visualized from experiments wherein the crack had
been previously extended by stress corrosion, result- (b) Upper interfoce
ing in a ligament-free crack. The crack in the thicker
Au layers was observed to extend by abrupt incre-
ments of order 200 pm in width, occurring at distinct
sites along the crack front (Fig. 9), with no evident
interaction with the interface porosity. The contrast
which developed along the fracture surface delineates
the grain boundaries in the Au and indicates that
the increments of crack growth typically encompass

several grains. For Au layers of intermediate thick-
ness, voids nucleated ahead of the crack front
(Fig. 10). The nucleation sites are pre-existing pores
on the interface within -30 pm of the crack
front. Voids within about 10plm of the crack extend
back and coalesce with the crck, whereas voids cLoeinefegreater thand coabouwth 10m the crack, gerevow s b Fig. 5. Debonding along alternate interfaces. (a) Schematic
greater than about 10 um from the crack grow, but illustration. (b) The intact depression along the crack front
do not necessarily interact with the crack. The associ- on the top interface corresponds to debonded area on the
ated plastic deformation, which extends approx. bottom interface (c).
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Fig. 6. (a) Intact ligament on top interface with slip lines visible at the perimeter. (bi Debonded area on
bottom interface corresponding to (a). also showing slip lines. I

and distribution of intact areas is summarized in debonded regions, using the electron beam damage
Table I. technique. This height difference was observed to

The annulus of plastic distortion at the perimeter depend on the metal layer thickness, but typically I
of intact ligaments also depended on the metal had maximum values in the range of I-2 pm.
layer thickness. Typically, the annuli had widths which corresponds with a plastic shear strain of
of -50 and -150pm for the 25 and 100pm Au -5 x 10'. I
layer thicknesses, respectively. Intact regions smaller Finally. the uniaxial flow stress of the Au was
than about 20 pm in diameter exhibited no detectable estimated in situ by emplacing Vicker's indentations
deformation. An estimate of the plastic strain in into the Au side of the fracture surfaces, using loads
the ligaments was obtained from measurements of of 0.01 N. The indent size was less than about
the difference in height between the intact and the one-third the Au layer thickness to ensure that the

Bonded tigament 3
%:. II

- Debonding
• zone

(a) ~ 4% (b)f j' *

Fig. 7. (a) Intact ligament region behind crack tip. (b) The same region as in (a) for a larger crack length:
intact area is commencing to debond in (b). 3
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200 the ratio of the mean stress to the uniaxial %yield stress.
ao. is given b%

175
a"n. a,•55 (II

E 'S0

125- Dt N2 ----. H20,.-- Dry N 2  4. ....

75 i7 5"

--------------- ~~
LL.25nm

Detachmet

0 1 2 3 4 5 6

Crack Length a (mm)
Fig. 8. Interface fracture energy as a function of crack
length before and after removing intact ligaments by stress

corrosion.

A120 3 substrate did not have an effect. By regarding
that the hardness, H % 3 cr0 [1], the flow stress was
estimated as c0 = 130 MPa for all three layer thick-
nesses. This strength is larger than that for bulk (o)
annealed Au.

3.2. Interface characterization

Following crack growth in dry N2, surfaces separ-
ated by stress corrosion in water were observed in
the SEM. X-ray analysis in the SEM revealed no
evidence of Au on the sapphire and no evidence of
Al on the Au, even in the regions where crack
propagation occurred in dry N2 by a void growth
mechanism. It is thus concluded that fracture pro-
ceeded along the interface plane.

An estimate of the work of adhesion, W., was
obtained from measurements of angle 0 between
the pore wall and the Au fracture surface (Appendix),
as measured on Au fracture surfaces created by
subcritically growing the crack in the presence of
water. About 30 such angles were measured giving W
0 = 135 + 80. The work of adhesion was calculated
from 0 [121 by using a surface energy for Au, given . : -

by y.= 1.3Jm-m [13, 14]. This gave, W ,d %0.38±
0.12 J m- 2 .

4. MICROMECHANICS OF

METAL/CERAMIC INTERFACES

4.1. Initial crack extension

Analysis of ductile fracture mechanisms a, .ated
with stationary cracks in a thin metal foil between
two elastic plates [151 recognizes that the plastic
constraint in a thin metal layer causes the stress to
attain values substantially larger than that possible
in a homogeneous elastic/plastic solid (Fig. i1).
Furthermore, a stress maximum occurs at a distance
ahead of the crack governed by the metal layer
thickness. One ductile fracture mechanism involves (c) .
the unstable plastic cavitation which occurs when the Fig. 9. Crack initiation and growth for 100 pm thickness
mean stress at the interface, a., reaches a critical at three different levels of energy release rate. (a) 63, (b) %
value. This instability has been shown to occur when and (c) 131 J m --.
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I
.'•, •1Grown by tA " ","

stress corrosion"

II

Fig. 10. Crack initiation and growth for 25 pm thickness at three different levels of energy release rate.
(a) 53. (b) 62 and (c) 77Jm- . I

In mode I loading, the preceding analysis predicts a When interface fracture involves debonding. as
distance between the location of this maximum stress well as plastic void growth. equations (3) and (5)
and the crack tip given by [151 represent upper bounds for the fracture energy.

d :z: 2.2 h (2) Explicit relations between FI, and either the plastic
flow strength or the work of adhesion when debond-

where h is the metal layer thickness. The correspond- ing occurs are unknown. Some possibilities suggested
ing critical energy release rate for initial mode I crack by the experiments, with the insight given by
growth is [15] equations (3) and (5). are discussed in Section 5.

F0 = 0.2 a(h. (3) 4.2. The fracture resistance

A second ductile mechanism obtains when the pore The rising resistance behavior can be rationalized
spacing is sufficiently small that the pores near the by examining the effect of crack surface tractions
crack tip nucleate voids which grow plastically and caused by the intact metal ligaments on the energy
coalesce with the crack tip. The mode I fracture release rate. Analysis of this phenomenon for mixed-
energy for this process is given by [6] code cracks indicates that such tractions reduce the 3

F,= 2.0 (4) mode I crack tip stress intensity but increase the mode

where 6, is the critical crack tip opening displacement. K,
Initial crack growth is presumed to occur when 6, is
on the order of the pore spacing. )0 [17], such that

r,, z. 2.0 a,/o (5h -"T•"••

Consequently. the ratio of the flaw spacing X, to the I
metal layer thickness h is an important quantity in 70 K
controlling the ductile fracture mechanism that dom- 60 20

mates initial crack growth. Specifically. for X,/h < 0.1 o
the energy for ductile fracture by void coalescence is 0 .- 5.

below that for cavitation, and vice versa, as indicated 6 -. 2~-40
on Fig. 12. - -12

"Table I
Area fraction of 2.0

Au layer thickness h debond on lower Width of intact area or

(MM) interface f. (Jim) 00 10 20 30 40
10 0.8-0.9 <50 xfh
25 0.4-0.6 50-100 Fig. II. Plot of normalized mean stress as a function of
M00 0.2-0 4 100-200 distance from crack tip [151.
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o2. •S. THE CRACK GROWTH RESISTANCE

In the presence of H20, stress corrosion occurs at
Near •the interface with a low fracture energy [7], suggestive

of brittle bond rupture at the interface. Such a brittle
14- iunw Aiwd atcm Tip- mechanism occurs despite the incidence of plastic

flow and some crack blunting. In dry N,, interface
fracture by plastic void growth is the prevalent
mechanism, but this is accompanied by interface
debonding. In an attempt to correlate the fracture
energy trends, it is first recalled that the initiation
fracture resistance, °', is smaller than the level
expected for ductile interface fracture (Fig. 12).
Another notable feature is that the non-dimensional

] P I0 l fracture energy, Fo/loh, increases as the metal layer
S I thickness decreases, indicative of a corresponding

+ I- increase in the relative contribution of plasticity to
the fracture energy. This effect is the origin of the!. o 0non-linearity apparent in Fig. 4. However, the absol-
ute contribution of plasticity to r0 must decrease as

FRelatIve Void Spacing, xeih the metal layer thickness decreases and approach
zero as h -- 0. Furthermore, since fracture involves
interface decohesion, it is reasonable to suppose
that Fo-+ Wd as h -# 0. With this background, plus
the insights provided by Section 4.1, it has been

F 1possible to identify a simple non-dimensional ex-Figl. 12. Plot of normalized Mode I fracture energy for pression for ro, which includes the role of W~d, given
crack extension by ductile fracture as a function of the
non-dimensional quantity h/Zo: the experimental data by (Fig. 4),

obtained from Fig. 3 an superposed. ro A W4d[ + o0hlWJ1"2. (9)

II stress intensity [18). Consequently, the fracture While this expression has no fundamental basis, it
energy F1 varies sensitively with the mode mixity appears to be useful for correlating experimentalInxy information and should provide guidance for the
dependence of the underlying interface crack exten- d

sion mechanism. Expressions for this mixity effect are development of crack growth models.

needed before resistance curves can be calculated [18]. The subsequent resistance, Fr, above Fo, may be
An expression for the mixity effect that appears to rationalized using the ligament model.presented in
conform with typical experimental data is given by Section 4.2 in conjunction with the information on
c19o Table I, plus the uniaxial yield strength obtained

from hardness measurements. Then, with ro from

= [I - (I - A) sin2 *]-' (6) Fig. 3, the experimental data can be transposed onto

where * is the mixity angle (zero for mode I and x/2 Fig. 13. It is apparent from this construct that the

for mode II) and A is a parameter between 0 and 1. .........___ .________
Specifically, the fracture energy of a material with
A -. I has little sensitivity to mixity angle, whereas a
A - 0 refers to strong effects of mixity. Experimental Resuts

results are mostly in the range A Aý 0.1-0.3 [19]. With ao a h-2.5-m
this background, the calculations [181 reveal that 'o o p h.100pm

the resistance F1 can be characterized by the non- _____-__"_"

dimensional parameter

~=ph/ErF0  (7) tr
where E, is the Young's modulus for the ceramic and I

p is the traction exerted by the ligaments on the crack C 2
surfaces. For metal ligaments .......

p = oof, (8) 0 02 0.4 0.6 0.8 1.0 12 1.4 1.6
NoCnEdck•egt (ZI 4I)¶/ (a/h)

wheref, is the area fraction of Au which contributes w igdCakL f (/41"(aIh
Fig. 13. Resistance curves predicted for interface cracks

to the bridging given in Table 1. Resistance curves with bridging tractions [181. Experimental data points from
predicted for a range of X and A are plotted on Fig. 3 are also shown: I is the moment ofinertia ofthe beam
Fig. 13. and Z is given by equation (7).

AM .I12--M
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normalization suggested by the models brings the 14 R M Pilliar anc J Nutting. Phd Wiag 16. ISI
data onto a single curve, consistent with the curve (196").

calculated for a mixit aaee.; 02 auso 15. A. G. Vana's. Z. Suo and C F Shih To be publishedIyparameter. . 0.2. Values of 16. R M McMeeking. J tlech Phi.s Sold% 25. 35'"
. in this range are typical for interfaces [19]. It is thus 1197-1

concluded that the resistance behavior (FR > F0 ) is 17 J. R. Rice and M A Johnson. Inlailt Behazaor
explicable in terms of the bridging associated with of Solids (edited b% M F. Kenninen ,i all. p 641

intact metal ligaments. It is recalled that such bridg- 18 G Bao. B. Fan and A G E.ans. .thd .twr in press10

ing effects are specimen geometry dependent [18] 19. H. JensenJ.F .. Hutchinson and K SKim. Int J

and consequently. Fr should not be construed as an Solids Struct. 26. 109) (1990).
unique resistance characteristic of the interface. 20. R. A. Hoo%er. J Phis. E. Scien. Instrun 4. 747 I

(19711.

6. CONCLUDING REMARKS APPENDIX

This study has demonstrated several characteristics The equilibrium angle Y beteen the Au and AI.0 3 at
of crack propagation along a metal/ceramic inter- an interface and the pore depth can be measured in the
face. The fracture resistance is sensitive to moisture following way. First. an electron beam damage line is

induced in the SEM across the void with the surface normalthrough a stress corrosion mechanism. In the absence to the beam. Tilting by IF about an axis parallel to theof stress corrosion, the interface cracks extend subject deposition line, the depth of the void d is reflected in the
to a rising resistance curve, governed by intact metal displacement Aa. (Fig. Al): d = A,, sin V' 120]. The angle 0
ligaments in the crack wake. Additionally, the resist- obtained by geometry in terms of the rotation angles OR and

ance increases as the metal layer thickness increases. Q2 (Fig. Al). such that d I
These changes in resistance with crack extension are tan 9 = d cos1)tan .9,
fully explicable interms of crack shielding caused by d sin W - Ah tan 3,
the bridging ligaments.

Crack extension occurs by a combination of plastic
void growth (that typically initiates at interface pores) Of
accompanied by brittle interface debonding. The ,'
measured fracture energies are substantially greater I
than the work-of-adhesion, but less than the values
expected for ductile interface fracture. It bMs not been A a
possible to use existing models of the plastic dissipa-
tion to correlate the experimental fracture energy
data. Instead, a semi-empirical function has been

identified that seemingly correlates the present data.
The development of the associated understanding is
an important topic for further research.
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where

: 0 a h d sinV AA -dcosW sin#. (A2)

For the ellipse in Fig. Al

" y - d sin V sin , (A3)

b a d cos T(4/u (A4)

a) b) Consequently, equating (A3) and (A4).

d (AS)

/- ýT --,a-d sin Placing(A5) and (A2) into (Al) gives

Uan Sa 
.9, (A6)

x-dcosWV sni t mana
c)

Fig. A2. (a) Cone rotated by 7 around axis bd. (b) Cone Thus, 8 is obtained from knowledge of the SEM
rotated by TP around axis bd and by P around axis fg. tilting angle, , and from measurements of fA and 8, in

(c) Ellipse showing rotations IP and p (see text). Fig. A2.
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Alhmtriet-The fracture strength of ceramics bonded with metals is limited by the presence of stress
concentrations that arise around the bond, especially near edges. Yet, in some cases, fracture can be
induced to occur in the ceramic away from the bond. Analysts of the combined effect of elasuc mismatch,
plasticity and thermal expansion misfit is presented in this paper, to provide understanding of the trends
in bond strength. Important influences of plastic relaxation and thermal expansion misfit are identifiedand some general fracture chaateitics are described.

Rimmi-La risistance i la rupture des cranmiques li es a des metaux est irnitee par la prisence de
concentrations de contraintes qw se produisent autour de la liaison. spcialement pres des alites.
Cependant dans certains cas. Ia rupture peut survenir dans ia ciramnque loin de la liaison. Dans cet article,
on prisente une analyse de r'effet combitki du deiaccord elastique. de Ia difference de plasticite et de Ia
dilatation thermique sur la resistance i la rupture. On montre les influences importantes de la relations
plastique et de la difference de dilatation thermique et on decrit quelques caract6ristiques genlrales de la
rupture.

Zinmms.~msimlg-Die Bruchfestigkeit von metallkeramischen Verbindungen wird durch Spannuge-
konzentrationen urn die Verbindung herutin mnbesondere an den Kanten. eingeschrinkt. Es kann aber
doch in einigen Fillen Bruch im keramischen Material, also aufterhalb der metallkermalzshen Grenziliche,
etmugt werden. In dieser Arbeit wird der gesamite EinfluiS von Fehljssaung, Plastizitit und thermiacbe
induznerter Fehlpassung analysiert, um die zusammenhinge bei der Dindungsfestigkeit versethen zu
k6nnen. Einige allgemeine Charakteristikm des Bruches werden beshrieben. hingewiesen wird auf den
wichtigen Einflufl der plastischen Relaxation urld der thermisch induzerten Fehlpassung.

I
1. INTRODUCTION Previous studies have given an indication of some

of the salient issues I!-61. The elastic mismatch causes
There are several reported instances in which the the energy release rate G at edge flaws near the
fracture of ceramic/metal bonds originates in the interface to become larger than that expected for an
ceramic near the interface, rather than at the interface elastically homogenous material 11, 21. This elevation
[1-4]. Such behavior is most likely when (i) the bond in G at edge flaws is mitigated by the development of
is relatively thin, such that the limit load is substan- a plastic zone in the metal layer. Pesidual stress also
tially higher than the yield strength of the metal[4) exerts an influence on fracture and can, indeed, cause
and (ii) when the bond is relatively devoid of flaws fracture in the absence of applied loads. Some aspects
[I]. When these conditions are achieved, it is of of the residual stress have been analyzed [5, 6] but
interest to understand the behavior of flaws near the there has been no attempt at combining the effects of
interface. Three important factors are involved in residual and applied loads in the presence of plasticity
the behavior of these flaws: the mismatch in elastic n the metal. Analysis of this coupled problem is
properties, plastic flow in the metal and residual needed to provide a comprehensive understanding of
strain caused by thermal expansion mismatch. Each the overall behavior.
of these factors is included in the present study.
Testing experience indicates that fracture typically
originates from flaws near the interface, especially at 2 STATEMENT OF THE PROBLEM
the edge of the bond. The emphasis of the analysis
will thus be on stress concentrations and flaws in this The geometry (Fig. I) consists of a thin metal bond
locale. In some cases, fracture occurs in the ceramic between two ceramics with a crack in the ceramic
well away from the bond, suggesting that stress near the interface. Initially, the crack is considered
concentrations can ve supressed when the system has to be parallel to the interface, but effects of crack
the appropriate properties. orientation are also addressed. The materials are

3 1587
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A where t, is the .ield strain. a, the unjaxual yield 3

strength. n is a work hardening parameter and A
is a coefficient of order unity. Residual strain in
the system is moti.ated by a mismatch in thermal
expansion coefficient, between the metal 2.. and 3
the ceramic. z, (Ax = 2:. - 2,) and a cooling tem-
perature. AT.

The problem is solved using the following
approach. A mismatch strain AzAT is imposed on 3

y F c--E,. Vv., the bond to simulate cooling and the resultant devel-
opment of residual stress calculated. In most cases.

8 the mismatch strain is taken to be sufficiently large
A- ------------------------- compared with the yield strain that the metal has fully 3

-f-x [ý E2.V2 a 2  2yielded during this process. Subsequently, loads are
. applied and the energy release rate, G, as well as

"the phase angle of loading, 0, associated with cracks

di in the ceramic are calculated by finite elements,using the ABAQUS code. The finite element meshes
used to conduct the calculations are summarized in
Fig. 2. Eight-node biquadratic plane strain elements 3
were used with nine integration points for each
element.

3 S s 3. RESULTS

II0 3. 1. Stresses for bonds without a crack

Fig. 1. The thin bond geometry used to conduct the The stress field characteristics of interest to the
calculations. above cracking phenomenon occur in the ceramic 3

either on a plane near the interface (AA' in Fig. 1) or

chosen to have elastic properties representative on a plane near the edge (BB in Fig. 1). The stres

of many metal/ceramic systems with the Young's of particular importance are aI, and cao,, which

modulus E of the metal being substantially less than govern the mode I and mode 11 components of the

that of the ceramic. The metal is considered to yield energy release rate. Some preliminary results for a

and work harden such that the uniaxial stress-strain bond without a crack, summarized in Fig. 3. indicate

curve satisfies, the general trends in oa, when the expansion misfit
is positive (a2 > 21). In particular, the o, residual

- al/E + Aeo(o/lo)" (I) stresses exhibit a tensile boundary layer in the ceramic

(a) 3

S~I

I
Sntere Interlace Interlae

Symetr Plne

Fig. 2. (a) Caption on facing page. I
3
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ib) Interface Intehrime

Crack-

InterIaceeI Crack

I ~Crack-.

IBF
(c) Interface Interlace

Crackt-

HI

Crack,,a,, fill

I

I
Fig. 2. Typical finite element meshes (a) without a crack (b) with a crack parallel to the interface (c) with3 a crack inclined to the interface.

along the edge [Fig. 3(a)]. This layer often dominates residual stresses in the ceramic. These effects are
the formation of edge cracks in the ceramic [7]. Under further illustrated from plots of the residual stresses
applied loading in the absence of thermal mismatch, along BB' in the non-dimensional form a,,/a0
contours of this a,, stress near the interface [Fig. 3(b)] (Fig. 5), which reveal that the stress amplitudes for
reveal that a new deformation field becomes estab- two substantially different values of ,A are similar
lished which eventually eliminates the residual field upon using a0 as the normalizing stress. Come-
and results in a concentrated o,, stress near the quently, the magnitudes of the tensile stresses in the
corner. The explicit effects of yield strain t and of the boundary layer also. diminish as the yield strength

mismatch strain. A,,AT. can be expressed through decreases.
the parameter The stress along AA' near the interface which is

AaAT/co. (2) primarily of interest with regard to cracking in the
ceramic is the principal stress a,, and its orientation

Notably. the width of the o,, tensile boundary layer with respect to the interface, 0. A plot of the stress
(Fig. 4) diminishes as A increases, confirming the (Fig. 6) indicates that it is tensile near the center of
beneficial role of yielding (lower t) on the tensile the bond and almost normal to the interface. Cracks

I£
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Y M A I

0 y- X
UP

-0.25I LayerY IAa

Fig. 4. The a., tensile boundary layer caused by the residual
X field and the efect of the expansion misfit coefficient.

x Iy
Y

o 1 I .,,AAlo

1:2_ // // X mismatch and plasticit ' is a curve wherein GIGh
S~initially increases and then decreases as a/a0 I

increases. Ib) Appeied Field (0/03 2) w hermal expansion misfit and the relative crack

Fig. 3. A schematic indicating the general characterization length also have an important influence on GIG,. As
of the a, stress (a) residual stress caused by positive misfit already noted, positive misfit suppresses the tensile(b) applied loads. boundary layer and thus at smaller values of cr/cr,

when the misfit is important, G/Gh, systematically
that form in response to this stress are observed in reduces, provukdd that the cracks are relatively long
metal/cramic bonds f7]. (a/h 9;0. 1). However, when the cracks are short
3.2. Energy release rates (al4. ý0.1e ) and located within the boundary layer,ed

misft tends to increase G/Gh at small stresses. Conse-Aspects of the bond strength manifest in the energy quently, misfit may have either detrimental or ben-
release rate for cracks near the interface are best eficial effects on bond strength, depending on the 3
expressed in terms of the non-dimensional energy crack size.

release rate, GIG,, where G1, is the energy release Specific results obtained for GIGh, sum-marized inrate for homogeneous mating the gene c acerat). Figs 8, 9 and 10, elaborate on these trends. For G Art
Furthermore, since only those bonds having high cracks, it is apparent that plastic resxation is the t
strength are of technological interest, the calculations most important factor (Figs 8 and 9) such that. at
emphasize stresses a/to in the rangre obsetved high stress level(a/oo ta 4t5)h G can belesatslhan Gl
general trends that have become apparent from the when the dominant flaws in the ceramic are not
calculations are schem ra ted in Fig. 7. i i teny ad t to inc s Game. Ho e, a

Aspects ~ ~ ~ ~ ~ ~ m oftebndteghmnfs nteeeg unlmsit ma have ether detrim eenaorbn

It is first noted that at small a /co, GG6inctr ases as complete understading of bond strength d nd of the
epreo increases, followed by a behavior at large crao benefits of plastic relaxation would require a full
wherein G IG , then decreases with further increase in statistical resus in the presence of a distribution of
the stress. The rising segment is attributed to ehastic edge laws near the interface. Conversely, for arge I
mismatch across the interface which increases the cracki, expansion mf fit has the greatest effect on
relative elastic energy between the crack and the fracture suppression, such that G can be less than G,
interface as the stress increases, as indicated by the at large ), but only when the stresses ate low (Fig. 10). n

dotted aine in Fig. 7. At larger a/a0, the elasticity This behavior may be important for crack arrest I
effect is counteracted by plasticity in the metal which, some cases, such as thermal loading.as noted above, tends to suppress the tensile bound- Calculations of the phase angle of loading
ary layer in the ceramic near the interface (Figs 4 and associated with cracks parallel to the interface
5). Plastic relaxation tends to diminish GiGn as leo (Fig. sa 1) indicate thatl in the absence of misfitb the

increases, as indicated by the second dotted line in phase angle is negative at all stress levels and theFig. 7. The net effect in the presence of both elastic cracks would tend to deviate toward the interface. e

However, for significant positive misfit, the phase
tBonds fail by ductile rupture at str ack and the fracu suppres sio and becomes positive, especially at

inefaeaste tes nressa ndcte y h t ageA btonywente tese relw Fg.1)
dotd ie nFi.7 A are uu, h latciy Thsbeair a b mpran o cak res n I
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(a) (b)

10.

a 0.5 Jd-0.C

0-04 2 __-3 5

Fig. 5. The residual a,, stresses wear the edge (a)1 t-6.3, (b) A 1.6.

_)_PH _swam__ b) OftsMn of Pu*pd SNOW.30.1 X.340.

1.10

£0 0.2 0A 0.6 0.6 1 0O 0.2 0'4 0.69 0.8
x/h x/h

Fig. 6. (a) The principal stress, iw, in the ceramic near the interface. (b) The orientation of the mast positive3 pnncipal Stress. a,.

j -- s)LagCrsdis

Ek~c Misma" ~ Mis MW--

[ ~ II777 7-7

0 Appied Stress, (1/0. Applied SftT5. 0/06U ~Fig.?7. A schematic indicating trends in the energy release rate with applied stres (a) large cracks (b) small,
cracks, a/h ýO 0.1
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a2 2 '

S; -- -----

PA• Cre* tLnVM, 21h
Fig. 8. Variation in the normlizel enrg release rate
witha-k lengt for varo,,s stea (at) A -, 1.6, zlId ,- t.S, c ••(b),A,- 3.2, z/d-I.S. 00 2 3 4

Appie Stes.V0

smaller a/au, indicative of a tendency for cracks Fig. 10. Effect of stress and expansion misfit on the
to direct away from the interface, its found exper- energy release rate for long cracks (a/h - 0.2). (a) z/d - 0.5.

imentally [7]. (b) z/d - 1.0, (C) :/d = 2.0.
The general mixed-mode nature of cracks parallel I

to the interface suggests that the energy release rate To address this possibility, G has been calculated
may be larger for edge flaws inclined to the interface. for flaws having various inclinations 6 (Fig. 12),

within a range around the Ku - 0 plane suggested by 3
(a) ' ", the phau. angle calculations. The results reveal that U

"-.., G is relatively orientation insensitive, especially at

'. lower stresses, provided that the crack is defined in
terms of the length projected parallel to the interface
(Fig. 12).

1.0

40 1
3~0

Ifo

1.00

-20

u . . . . .ve K

I 2 3 4 5 6 0 1 2 3 4 5 6

Applied Stress, g/% Applied Stress, G/Go
Fig. 9. Effects of stress and expansion misfit on the energy Fig. II. Effects of stress and expansion misfit on the phase
release rate for short cracks (a/h - 0.02), (a) z/d -0.5, angle of loading for a long crack near the interface(b) zrid =1.5. (a/th - 0.2).

I
3
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i o concentrations anse because of elastic mismatch be-

tween the metal and the ceramic. The magnitude of
the stress and of the energy release rate at edge flaws

20 - is modified by thermal expansion misfit and by plastic

relaxation. Two basic behaviors have been identified.
For strong bonds, wherein the edgeflaws are small and
the stresses are large. plastic relaxation effects domi-
nate. Notably. edge failures in the ceramic near the

s *.4@ bond can be supposed by using a metal with a low

.yield strength. In this regime. expansion misfit effects.
-0 f although small. are detnmental.

.Very different characteristics obtained when the
Scracks are relatively large and the stress small, as

""appropriate for the'assessment of crack arrest, e.g.
when the loadings are displacement dominated. In

C this regime. the energy release rate is diminished by
-" having large (positive) expansion misfit, because of

the compressive residual stresses generated near the

0.5 interface.
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A concerted effort on the mechanics of interface cracks (1-3), coupled with the d of test
methods for measuring the interface fracture resistance (4, 5), has provided a framework for c
the mechanical properties of interfaces. There appear to be four governing issues (4,6,7). i) Interface frature
can be either brittle or ductile. ii) The fracture resistance is strongly influenced by the loading mixity,
primarily through its influence on the crack path. iii) Crack growth by stress corrosion and by fatigue are
commonly encountered. iv) The fracture resistance is substantially larger than the work of adhesion and is
affected by plastic dissipation, as well as by interface non-planarity and by segregption. There are also

~eapriabie geometric effec, such as the thickness of the metal present in laminates, adhesive bonds and
composites. In addition, residual stresses are typically involved and often provide an appreciable

contribution to the energy release rate (8), as well as influencng the loading mixity (6).
There are major differences in interface fracture with the homologous temperature, T/Tn, used to

produce the interface. Low homologous temperatures (/TIT < 0.) processes such as evaporation result in
interface mechanical pr dminated by impurities, especially organics present on the original surface
prior to deposition (uently, thin bond layers, such as Cr and Ti, are often used to enhance the
fracture resce. The presenc of these layers apparently results in the formation of carbides and hydrides
that 'dean' the surface. The use of high homologous temperatures T/ > 0.5) generally results in 'strong'
bondin; for a wide range of metals, ceramics, intermetallics and glasses. Such diffusion bonds areIhe fracture resistance of diffusin bonds can be influenced by the presence of reaction produts It is

Sthus convenient to catagoriz interfaces in terms of their susceptibility to reaction product fomation. An
incomplete list of diffusion bonded interfaces that have been subject to meumial c are
summarized in Table I, together with the known incidence of reaction products. When reaction products
form, cases have been found wherein cracks propagate within the product phase (10). and other case
wherein interface cracks extend between this phase and the parent material (11, 12), dependent on the
system and the loading mixity.

A comprehensive review of the interface fracture processes associated with each system is not
attempted here. Rather, the range of effects that can occur are illustrated from some of the systems Ipeste
in Table L Consequently, the following sections are organized in accordance with present unde sta of
the dominant fracture mechanisms: ductile void growth, brittle debonding and decohesion, as well as
combined void growth and debonding.

Ductile Interface Fracture

I Two systems are known to the authors in which fracture occurs by ductile void growth and
coalescence in the metal near the interface. These are AI/A1203 (13,14) and Ti/Ti 3AI/AI203 (15). This
mechanism involves void nucleation in the metal, typically at interface sites (Fig. la). For example, in
AI/A1203, voids preferentially form at grain junctions in the A1203 (14) (Fig. 1b). When this mechanism
applies, there are several profound geometric effects on the mechanical fracture resistance: especially with
regard to the metal layer thickness, h, and the loading mixity, V. The metal layer thickness enters through its
increase as h decreases, causing the fracture resistance FR to diminish at small h. An extreme case is

illustrated in Fig. 3 which demonstrates ductile void growth in a thin aq-Ti3AI layer formed between Ti(Ta)

1003
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and A120 3 (15). For this thin layer (h - 0.15 9m ), the fracture resistance rR - 25 Jm-2 is smaller than that
for brittle interface fracture in many systems, as elaborated below. The spacing between void nuleation
sites along the interface is also important and may dominate when this spacing is appreciably less than
h (16).

The loading mixity is important because of the influence on the crack path (6). In particular, the
loading that encourages the crack to deviate from the interface may induce cracking into the ceamic and
prevents measurement of rR. Measurements of rR require careful consideration of test specimens having
mixities that constrain the crack to remain at the interface, as exemplified by the flexure specimen depicted
in Fig. 4 (17).

Brittle Debhnding and Decohesmmn

Brittle debonding of metal/ceramic interfaces formed by diffusion bonding has rarely been observed.
The only example known to the authors is the A120 3/Mo interface, which has a fracture energy,
rR " 3-4 Jm"2 (Fig. 5) (18). There is also circumstantial evidence that Al20 3/W interfaces have a similarly
low fracture resistance. However, even in these systems, rR is appreciably larger than the thermodynamic
work of adhesion, Wad, indicating that dissipation mechanisms accompany interface fracture. The only
other known example of brittle interface debonding occurs in the Ti(Ta)/A1203 system, when a is .f
reaction product forms (12). In this case, fracture occurs at the interface tweethe parent A1203 and the
7-TiAl reaction product (Fig. 6a), with a fracture energy, rR 17 Jm2 . This result contrasts with the

behavior of diffusion bonded interfaces between y -TiAI and A1203 which are resistant to debonding (19)
(Fig. 6b). Essentially all other interface fractures that involve debonding are accompanied by appreciably
plastic dissipation in the metal, as elaborated below.

When brittle reaction products form and when thin brittle interlayers are used, brittle decohelon
within the layer has been frequently observed. Examples indude the 0-phase reaction product between

y-TLAI and Nb (10), as well as porous oxide interlayers between A1203 and other materials (2D). In such
cas, rR is dominated by the microstructure of the layer and the assoaated fracture resistame. M ff • -
are exemplified by porous oxide interlayers, wherein rF varies with the level of the porosity. The _
phenomenon is illustrated for ZrO2 interlayers in A120 (Fig. 7). For the porous interayers (porosity - 30%)
racture occurs within the layer, with a fracture energy, rR - 3-5 Jm_2 . However, for the dense ZJO2

interlayer, fracture can be induced at the interace with a energy, rR - 15-20 Jmr .

Debonding with Plasticit

Many of the interfaces summarized in Table I involve debonding accompanied by p
These systems include A120 3/Au, A120 3/Pt and A12 03/Nb. Furthermore, the behavior complicated by
the incidence of stress corrosion (7), as well as bcrack face bridgig caused by metal "( 1, 2
latter results in an interface fracture resistance t rises with crack extension (Fig. Ba). T e alU
is wel-described by plastic bridging models (23) (Fig. 8b). In the absence of stress corrosion by
moisture, direct observations of interface crack extension (22) have revealed that the crack advan by the
nucleation of debonds at the interface ahead of the crack (Fig. 9). These debonds grow by e brittle
debonding of the interface with plastic deformation and then coalesce to cause crack extenion. Thl prosm

occurs at a fracture resistance substantially lower than that expected for ductile fracture by plastic void
growth. Models of this process have yet to be developed.

Moisture induced stress corrosion substantially reduces rR, whereupon interface cracks grow with a
characteristic growth rate that increases as rR increases (7). This behavior is presumed to be analogous to I
that found in monolithic bodies. Furthermore, the nominal interface fracture resistance deausees as the

metal layer thickness decreases (22) (Fig. 10), reflecting an important role of plastic dissipation in fractur
even through stress corrosion is occurring (7). 1

Some of the interface fracture phenomena evident in both metal/ceramic and metal/intermetallic
interfaces have been briefly outlined. It is apparent that a rich spectrum of effects is involvd, analogous to
fracture in monolithic materials. While a start has been made, a systematic experIntal effort is nede to
characterize the range of fracture behaviors, along with the development of models that relate to each
important fracture mechanism. Important issues that have not been addressed in this brief survey include
effects of mode mixity on IrR and fatigue crack growth at interfaces.

I
I
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TABLE I
Interfaces That Have Been Subject to MedhanicaI hrcerzto

AMEAL CE1RAMC-Dl~rERMETALLC KNOWN REACTIO PRODUCT
Al A120 3  None
Au A1203 None
Nb A1203 None
Mo A1203 None
W A1203 None

11A1203 yf-TUI
a2?-T13A1

Al sic AlEC
AI(Si) sic None
A1QGV A1203 SPine1
Ti(Ta) A1203 7-7wl

a--hm
Pt A1203 Pt3AI
Nb y-TI-AL 7Z. a-phase

TIMb -f-TIL 02-7hAI
Nb Mol (NbMo)5%
Cu S"0 Nowe
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MOWa • -- Crack

Ceramic 
7

+ l I

I

b) A fracture surface of an AI/A120 3 specimen i ating Al ridges formed by plastic void I
coalescence. Note that virtually all of the ridges surround three-pain junctions in the A120 3
which act as void nuclei.

tI
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Fig. 2. Stresses at the interface ahead of a cradc for a thin metal layer between two brittle solids.
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Ta'lo)*s 1pm __.,,

Fig. 3. Fracture by ductile void growth within a thin a 2-Ti3AI reaction product layer found between
A1203 and Ti(Ta).

S~Crack

"Au

Fig. 4. A mxed mode flexure specimen for meamuring the interface fracture resistance that constrain cack
extension to occur along the interface
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I
10 W

I
Tcaft cracks-

Fig. 6. a) Interface debonding between a y-TiM reaction product layer and A1203 : note the branch cracks
in the reaction layer.I

"I TI
4~~4T(ALS.

I
I

b) Crack extension across the interface, without debonding, in a diffusion brittle 7 -rLAl/AI203

II I '
Fig. 7. SEM micrograph of ZrO2 interfaces on A120 3 (a) porous interlayer that fractures through the layer

with rR - 4 Jm-2 (b) dense interlayers that fracture at the interface with FR - 20 jm-2.

I
£



Vol. 25, No. 5 FRACTURE OF INTERFACES 1009

200

4ýE 175

.150

~100
W 70a

50
Lu25
LU-

00 Crack Lenpt a (mm) 6

Fig. 8. a) A redshsnc curve for the Au/A1203 interface measured in a dry atmospbeme
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I
I

111

II

.I I

!
rig. 9. A sequence showing the crock advance mechanism at the Au/A1203 interface tested in a dry

atmosphere. I
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Fig. 10. Trends in the nominal fracture resistance with metal layer thickness for tests

conducted in air.
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EFFECTS OF PLASTICITY ON THE CRACKI PROPAGATION RESISTANCE OF A METAL/CERAMIC
INTERFACE

3 I1. L. REIMANISt, B. J. DALGLEISH, M. DRAHY, M. ROHLEt aOW A. G. EVANS
Matcrialb Department, College of Engineering, University of California, Santa Barbara, CA 93106. U.S.A.3 ~(Receiw.d 21 March 1990)

Abintact-Fracture experiments have been conducted on a gold/sapphire interace. The interface is found
to fail by interface separation in a nonminally "brittle" manner with a critical strain energy release rate,
V,%50Jm-', substantially larger than the work of adhesion, Wd%0.5Jnv 2 . Evidence of plasticI deformation on tht gold fracture surface, such as blunting steps and slip steps, suggest that plastic
dissipation is the primary contribution to the measured IN,. Calculations suggest that the majority effect
occurs in the plastic zone through the crack wake. Thle interface is also found to be susceptible to slow
crack growth.I Rdtm=-On effectue des experiences de rupture sur tine interface or/saphir. On trouve que ruaterface ae
roinpt par seartion de celle-ci d'une manu~re "fragile" avec inn taux critique pour ]a libration de
l'knergie de deformation, Y, a 50 Jin" 2, beaucoup plus grand que le travail d'adh6rence, W., a 0,5 Jm-2.
LA mise en 6vidence d'une deformiation plastique sur la surface de rupture de l'or, par exemple de marches
6noussees et de marches de glissement, suggere que la dissipation plastique est la principale contribution
iIn valeur de 9F, mesuree. Des calculs suggerent que r'effet prepondkrant se produit danm Is zone plastique

par l'interm6diaire du sillage de la fissure. On trouve aussi que l'interface est susceptible de ralentir la
croissance d'une fissure.

Zina~emfug-fluchexpenmente wurden an Gold Saplir-Grecnzdkichn durchgefillrt. Die Grenz-
filche bricht durch Trennung an der Grenzflche nominal "spr6d". Die kritiscbec Energie-Freisetzungirate
9F, betrigt % 50Jm-2 , weiches deutlich h6hor ist als die Adhisonsarbeit Wd von sO,5 Jm-1. Hinweise
auf pinstische Verformung an der (3old-Bruchliftche, wie abstumpfende Stufen und Gleitstufen, legen5ae dl ltshDispion der wesentlick efltrag zum gennsenenUist. elngnlgnna,

Grenzfliche xii langsamemt Rillwachstum.

1. INTRODUCTION The fracture energy of bimaterial interfaces can be
measured with good precision by using a mixed mode

Metal/ceramic interfaces exhibit a wide range of four-poeint bending specimen [6]. This specmeln has
fracture energies, dependent on bonding, inefc thre dual advantage that precracking can be con-
morphology, plasticity in the metal and on the pres ducted with good control and that, when the interface
ence of interphases 11-31. Detailed understanding of crack is between the inner loading points, the energy
the fracture energy requires a systematic experimental release rate is essentially crack length independent [6).
study in conjunction with calculations of crack tip In addition, tae crack orientation in this seie
fields, using continuum [4, 5] as well as dislocation facilitates the in situ observations of crack growth.3 level calculations. One aspect of this problem is

*addressed in this article; notably an experimentalL EUSO BND Gstudy of the effect of plasticity. To investigate thiDIsSINDODN
issue, the sapphire/gold system has several attributes. Diffusion bonded plates are produced by carefully
In particular, test specimens can be Produced by polishing basal plane oriented sapphire discs having
diffusion bonding without the formation of inter- 2-in, diameter. Polishing is conducted mechanically
phases. Furthermore, bonding occurs without dissol- using diamond media. Gold foil, cold rolled to thick-
ution of A1201 in the Au and consequently, the flow nesses in the range 10-250,um, is inserted between the
stress of the Au is well-behaved. Finally, the tra1n5par sapphire plates and the system subjected to a normal
ency of the sapphire allows in situ observation of stress of about 5 MNa, within a resistanc~e furnac.
crack propagation along the interface, as needed to The temperature is raised to 10400C either in air or
elucidate the dominant fracture mechanism. in vacuum and maintained at that temperature for

________________________ . 1-48 h. The system is then slowly cooled to room
tPresent address: MPI fu-r Metallforschung, Stuttgart, temperature. Inspection of the interfaces in the opti-

F.R.G. cal microscope reveals the progression of the bondingI 2645
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Pore removal. in diffusion bonding 3
2h 4h 8h

1 ~ 1 4

100 gm

. I ..- - ..x• p.( - -" '

S ": "-' -

Si/ 4i/,. *.

Fg1.()Teeouino interface voids obr-re during diffusion bonding at 1040°C. (b) Scanning

Figs I.()Teeouino

electron micrograph of residual interface voids observed on the gold surface after fracture: slip steps
formed during fracture are also visible.

process [Figa l(a) from large planar voids to small, facilitate optical observation during testing Experi-

isolated, facetted voids in the Au. Such behavior is ence has indicated that testing is expedited by having

typical of void elimination processes at interfaces a sapphire layer on the tensile side with thickness of I

involving diffusion. Furthermore, the process was ,-0.5-1.0 mm while the sapphire on the compression

essentially the same for bonding conducted in air and side has a thickness of - 2.5-4.0 mm. Subsequent to

in vacuum. After 48 h, some small isolated voids cutting and polishing, a Knoop indentation, loaded

remain, corresponding to an area fraction of interface to -, 100 N, is emplaced in the thinner sapphire layer,

of -, 10%. The same voids can also be identified on with axis normal to the beam axis, as needed to I
fracture surfaces [Fig. l(b)]. The pores are typically initiate a surface crack. Thereafter, the specimens are

about 1Iram deep and 3-10pxm wide. precracked by loading in three-point bending, using
an outer span of 33mrm. During this process, the

3.EXPERIMENTAL surface crack extends through the sapphire layer to

the sapphire/gold interface and also extends symmet-

Beams with overall dimensions 40 x 3 x 3 mm are rically along the interface on both sides of the Ict

pu ro tessd[iffusai fomlarged planesard voidshe to smll fciliate oticalent obsrato during testing. 2 xpa) i. 3
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conducted in conjunction with optical observation of
" - the interface.

.Following mechanical testing. the fracture
surfaces are investigated in the scanning electron

'•I-i . ,microscope (SEM). with the objective of both
"characterizing morphological features of the frac-
ture process and investigating possible chem-
ical differences using energy dispersive X-ray

* procedures (EDS). In addition, electron backscatter-
ing channeling patterns are obtained and used to
"characterize crystallographic orientations. Finally,

transmission electron microscopy (TEM) of cross
"sections is used to provide further information about
the chemical and atomistic characteristics of the.,•,O~pm" ' ."-•,'•interface.

4. MEASUREMENTS AND OBSERVATIONS

Preliminary observations of crack growth reveal
that subcritical crack extension occurs. However,

Micrometer

(b)
Fig. 2. (a) A precracked specimen viewed through the
sapphire layer revealing the symmetrical cracks at the

fnefce(p ci ettn unladued)b Also visible at higher Load Cell
magnification is the facetted nature of the apparent (closure)

crack front and the residual opening around voids. Load Cel

Subsequent to precracking, the specimen is outputn

loaded in a four-point bending (inner and outer Slidin

spans of 33 and 19 mm, respectively) located in an Pae

inverted optical microscope (Fig. 3), as needed to Sample
permit in situ observation of cracking. Surfaces of
the specimens and of the loading rods are care- Microscope
fully polished to negate effects of friction. The micro- Objective
scope is operated using Nomarski interference, such
that fine topographic variations on the order of the
wavelength of light are apparent, facilitated by Crack

the high reflectivity of gold. The Nomarski mode
is also sensitive to changes of index of refraction,
and thus the boundary between the debonded and h
bonded region (ie. the crack front) can be located // b
precisely. A1203

A high degree of precision in load application is

achieved through micrometer sensitivity (0.0001 cm
resolution) and the high stiffness of the hardened steel Au

parts. As crack propagation proceeds, load/crack Fig. 3. (a) A schematic of the test fixture used for in situ
length data are generated by recording crack front measurements of crack growth of the interface. (b) A
profiles. In some cases, intermittent unloading is schematic of the test specimen.

AM 39 12--
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20 Second contour intervals crack extension is intermittent and erratic, as illus-

trated by the crack front sequences depicted in
Fig. 4(a). Nevertheless. the crack extends at an

Growth direction essentially uniform mean %elocity when a constant
300pro load is applied and furthermore, the mean %elocit.

increases when the load is increased. It is also notable

o.•sjm2 that there is no apparent correlation between the
(v-3.10

4 -v,) crack front shape and the pore distribution along the
interface. The subcritical growth behavior is seem-

o..io jiM
2  ingly characterized by a relationship between the I

(V_4.l-.7rrs) crack velocity d and the energy release rate '4. The

Fig. 4. Sequences of crack front profiles that illustrate the corresponding value of the phase angle of loading (6]
intermittent nature of crack extension at two different 9 ek is 52'. The range in velocity at fixed 4 reflects the I

levels, intermittent nature of crack growth which, in turn,

may depend on the spatial non-uniformity of the
"bonding".

The magnitude of the critical energy release rate 1,
can be estimated from the precracking experiments.

Load.tN) 'on
aardIo f NIac. P, ." . ' .

100

• .'. ,i . - .

50

P~ soue too eStimat

Fig. 5. Load, deflection characteristics associated with pre- -
cracking during three-point bending. The crack arrest load,P., is used to estimate Vf,.•:-.'"""'""

crack front •-: .,,:k:- .

(a)

I
• . ... :.,,.. :Is .- " ,,

crack . 0

growth %

0" 0. -. I

direction W(b I
Fig. 7. (a) A crack front following slow crack growth at

Fig. 6. Optical view through the sapphire of blunting steps 9Ft 20 Jm -2. A slip step (arrowed) is also visible (specimen
formed upon load changes and of the featureless surface loaded). (b) After unloading, closure occurs over - I00 0m,

formed upon uniform, slow crack growth. but the original crack front is also still visible. 5
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During precracking. the load is increased until the - Direction of crock propagation
Knoop indentation crack in the sapphire is induced P I Jý, - 00 P

to estend unstabl across the specimen This eoent If 1! JI
coincides with a load drop Fig. 5). to a load P.. at 'If ,, ' e

%hich the crack bhifurcate, along the interface, arrests 00, , -. , I;

and then sIothl extends (Fig. 2). Interface crack " - 0 /' /
extension during this sequence occurs quite rapidly -* ,
and consequentl\. the magnitude of ". deduced from • , . 5
P, is regarded as an approximate measure of S_ .

Estimates of '4, can he obtained from solutions ,, " "
generated b\ Charalambides ct a!. (6] extrapolated . ;./ . P

into the short crack range. This procedure indicates 0 %
that ', is about 50 Jm U-

Upon constant-load crack growth at IN < 5. the
fracture surface is found to be relatively featureless at
optical resolutions (Fig. 6). However. a change in
load generates a step in the gold along the crack front -8.-m
(Fig. 6). The steps are indicative of crack blunting, as.,B0nm
elaborated below. Slip steps that emanate from the
crack front are also evident in some cases. During
unloading, crack closure occurs over dimensions of
order 100pm (Fig. 7). However, the original crack .1, ,-
front is still visible as a small trough. again indicative (b) 150pm
of a blunt crack. Fig. 9. Profilometer measurements on the Au fracture

surface. (a) An optical view of a plastic trough passing over
a blunting step. (b) A profilometer amplitude trace over

blunting steps.

5. CHARACTERIZATION

5. I. Scanning electron microscopy

The fracture surfaces have been examined by scan-
ning electron microscopy. Within the resolution
limits of EDS, there is no evidence of Au on the
sapphire fracture surface and no evidence of Al on
the Au. Channeling patterns obtained on the Au
surface [Fig. 8(a)] reveal that the Au has recrystallized

during diffusion bonding into a highly textured foil

with a {100} interface plane. The grain size is ap-

(a) proximately 100-200,um [Fig. 8(b)]. Furthermore,
patterns obtained on both sides of slip steps reveal
small lattice rotations of up to 5 .The oriented nature
of the Au allows determination of the facet and slip
step directions from the channelling patterns. In all
cases, the facets and slip steps are along (110).
consistent with slip in the Au occurring on { Ill).

Observations of the sapphire surface reveal that it
is featureless and essentially the same as the original
surface prepared prior to bonding. It is thus con-
cluded that there have been minimal morphological
changes in the sapphire during bonding and mechan-
ical testing, consistent both with the low diffusivities

. -, .in the sapphire at the bonding temperature and with
its high resistance to slip at room temperature.

100 .The topography of the Au fracture surface has

been examined using two techniques. In one case, a
(b) • profilometer was scanned over the surface, to create

Fig. 8. (a) Channeling patterns obtained on a gold surface a narrow plastic trough of uniform width. The pro-
revealing the (001) onentation. (bN A %iew of the sub-grains filometer readings gave one measure of the topogra-

in the gold obtained in the SEM. phy (Fig. 9). Secondly, lines of electron beam damage
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incoherent and that there is no interening phase.
Analytical TEM indicates that there is no Al in the

- t-.. Au and no Au in the A1.O, at the detectabilit, limits
* U. ,of the EDS system (about I at.'.). Furthermore, no

other elements %ere noted in the EDS spectrum. In
S- •• some places. the interface is non-planar [Fig. I h(b)]. I

. reflecting roughness associated with the onginal sap-

phire surface before bonding. I
6. THE FRACTURE ENERGY

! : The seeming absence of gold on the sapphire
--- fracture surface and of sapphire on the gold. coupled

'- *' with the relatively low values of 4, compared with the
"�" fracture energy expected for a soft ductile metal-- " _ (W, > l04 Jm-), suggests that the crack progresses by

brittle bond rupture at the interface. In support of
(a) |this contention, it is noted that ductile interface

fracture occurs by hole growth in the metal, leaving
W metal ligaments attached to the ceramic side of the I

fracture surface [8] (Fig. 12). The proposed "brittle"
mode of failure at the AI.2O 3/Au interface occurs

-1 '..6A], 0, despite the incidence of plastic flow in the Au and of
crack blunting.

Gold I

-'•&, (I1- COS G

Fig. 10. (a) An electron damage line across an interface void,
tilted to determine the void profile. (b) Schematic of the I

approach used to estimate the work of adhesion W,. --

have been created while the fracture surface was 3
oriented normal to the incident beam. This was
achieved by imposing a high voltage, in line profile
mode, while the beam scanned the specimen in one
direction [7]. The specimens were then tilted by I
60-80' to allow the shapes of the features to be
deduced from the line profiles [7] (Fig. 10).

These techniques indicated that the crack front
blunting steps were typically <0.1 ptm in height and
that all such steps had the same sign (Fig. 9).
Investigation of the residual voids (Fig. 10) was of
primary interest for estimation of the work of ad- 1
hesion W.d from the void surface inclination at the
interface. These measurements gave, WA - 0.5 Jm-G,
consistent with previous estimates [5S.

5.2. Transmission electron microscopy

Thin foils normal to the interface have been made
by mechanical dimpling followed by ion beam Wb) I
milling. .Preliminary TEM analysis indicates the fol- Fig. II. (a) An atomic resolution image of the interface.
lowing characteristics. An atomic resolution image (b) A conventional TEM view revealing interface non-
[Fig. I I(a)] shows that the Au!sapphire interface is planarity. 3
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ALLOY SIDE I. INTERFACE SIDE -4

" "• ." '.• ,. ,. t .-.-. 5,-.'.,A

S, .. I

I V

&l&

Ir
I4

Fig. 12. A fracture surface of a ductile interface fracture between AI20 3 and Al.

The plastic dissipation associated with a crack thickness [11]. An interface decohesion criterion
growing along an interface can be addressed by based strictly on the normal stress would thus predict
invoking comparison with the behavior of cracks in a fracture mechanism that operates ahead of the
isotropic elastic/plastic solids. For such materials, the crack front: at variance with present observations.
energy release rate at the tip of a growing crack is Consequently, this topic also requires additional in-
strictly zero, such that the measured energy release vestigation.
rate equates entirely with the plastic dissipation (9].
Consequently, within the framework of continuum 7. CONCLUDING REMARKS
analysis, it has not been possible to relate the dissipa-tion within the plastic zone to the dissipation within The relatively large fracture energy measured for

the fracture process zone. Yet, for the present prob- the gold/sapphire interface reflects an influence of
lem, it is important to develop a basic expression that plasticity. Yet, the fracture process itself is brittle and
allows the plastic dissipation 4P to be related to such seemingly occurs by "brittle" bond rupture. For such
variables as the metal layer thickness, the work of a process, it is qualitatively appreciated that the
adhesion, etc. A preliminary attempt, described in the fracture energy should be a multiple of the work of
Appendix, considers the admissible dissipation out- adhesion, Wid, and the metal layer thickness, h.
side the blunting width, 6. and yields a dissipation Consequently, variations in fracture energy with

metal layer thicknesses should provide further insight
"" • z 90(h /6) (I) into the appropriate relations. However, ultimately, it

will be necessary to couple the continuum levelwhere h is the metal layer thickness and IW is the analysis of fracture to the atomistic bond rupture

dissipation within the fracture process zone. If 4. is criterion through the use of discrete dislocation
regarded as being WId, then for the present case configurations.
(h = 25pm, 6 L-0.1 pm), f*pt 100Jm- 2 . This level The incidence ofstress corrosion has been noted in
of dissipation is of the same order as the measured other metal/ceramic interfaces [12] and could be
value (! F 50Jm-2). Qualitatively, therefore, the analyzed phemnologically using conventional ex-
measured fracture energy is consistent with a domi- pressions between crack velocity h and energy release
nant contribution from plastic dissipation. rate 9 [10]. However, appreciable additional research

The presence of slow crack growth indicates that is needed to understand the underlyiag mechanism.
rupture is chemically assisted and occurs in accord-
ance with stress corrosion concepts [10]. These con- Acknowledgement-The authors are grateful for financial

Stypically invoke a brittle fracture process zone support provided by the Office of Naval Research underce 1,ts ty~al noeabitefatr rcs oe Contract No. N00014-85-K-0883.

at the crack tip and a maximum stress-based fracture

criterion in this zone [101. However, for a thin metal
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APPENDIX Fig. Al. Trends in the non-dimensional plastic dissipation
density with distance from the crack plane, y.

Preliminary Analysis of Plastic Dissipation Associated
with Crack Growth in Steady-State1 Consequently, from equations (A3) and (A4)

The basic features associated with plastic dissipation can be Ina = 1,/r0yoh - I. (AS) £
explored by considering the behavior of strips, dy, within the
metal layer (Fig. Al). The dissipation within each layer, The preceding result is only useful in the present context
d W., for a non-hardening metal is given approximately by if some choice is made regarding the relative dissipation that

occurs in the plastic zone and in the fracture process zone,
d WP • royp dy (Al) respectively. In a preliminary attempt to address this issue, i

where -o is the shear yield strength and y is the maximum the fracture process mechanism is considered to operatewithin a zone of width, 6, and that this process occurs
plastic strain experienced within thiat strip element as the ubject to a dissipation, T. Then, plastic dissipation occuus
crack extends. The plastic strain associated with the growing within the range 6 to h and has magnitude 9F. Thereupon,
cramcl at the interface with a thin metal layer is unknown. e
However, for a homogeneous elastic/plastic solid, the plastic equation (A3) can be reexpressed as

strain for a non-hardening material has the form M91 f (A6)wtY Ino /s/y) dy (A26)
Yp •Y0 n~ahy) A2) Integration of equation (A6) with a given by equation (A5)

where yo is the yield strain and a is a coefficient. Assuming gives

that equation (A2) also applies to the thin strip, but with a fh \
unknown, integration of equation (AI) over the metal layer rp = yo' - I -hr 0 yo In(h/6). (A7)

with yp taken from equation (A) ves Then, for small 6/h and subject to the inequality I
W=-f :.y.ln(,h/y)dy 9loyo6 >>In(h/6).

= rooy0h[ + In al. (A3) Equation (A7) reduces to the simple results

The magnitude of a for the metal strip can now be estimated vp - 400114
by appreciating that, for the growing crack within a plasti- This result, which is used in the text to provide an initial
cally deforming medium, the energy release rate at the crack estimate of the plastic dissipation, indicates that 9f•. for a
tip is zero (9] and consequently the energy release rate and non-hardening metal, is proportional to the energy dissipa-
WP are identical, i.e. tion involved in bond rupture process and also to the metal

layer thickness. These features are amenable to experimental
9F.= W1. (A4) evaluation. However, the ambiguity with this formulation is

the choice and the significance of the rupture process zone
tThe treament used in this Appendix was suggesed and cut-off dimension, 6. Further basic understanding of the fields I

developed by J. W. Hutchinson. very close to the crack tip is needed to address this issue.

I
B
I
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RESIDUAL STRESS CRACKING OF METAL/CERAMIC
BONDS
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Abstaeg-Metaliceramic bonds subject to residual stress caused by thermal expansion misfit have been
investigated in an AI2O3JTa(Ti) system. The residual stresses cause cracking of either the A1'0 3 or the
interface, dependent on the magnitude and upg of the residual stress. The observed locations, orientations.
and trajectories of the cracks have been rationalized on the basis of residual stress fields, energy release
rates and fracture energies for the ceramic and the interface.

Rdmia-On etudie les liaisons mital/ciramnique soumises a une contrainte rsimduelle due a Ia diffe.ec
de dilatation thernique daze un systeme A1203/Ta(Ti). Les contraintes residuelles provoquent une
fissuration soit de A1203, soit de l'interface suivant la grandeur et le signe de la contrainte residueile. La
situation, l'onientation et Is trajectoire des fissures observees sont rationalisees it partir des champs de
contrainte riisiduelle, de la vitesse de libiration de l'inergie et des entergies de rupture de Is ceramique et
de l'interface.

-ad _f In dan System A12O3fTa(Ti) werden metaikeramische Verbindungen. die einer
Restspannung wegen der thermiuschen Fechipasaung unterworfen sind. untersucht. Die Restspinnung f1h"t
je nach H61IC und Vorzeichen zu Ri~bildung entweder in A120, oder in der Grenzfiiche. Die beobachteten
Ofte. Orientierunigen und Trajektorien der Risse werden anhand der Restspannungsfelder. der Energie-
freisetzungsraten und der Druchenergen der Grenzflche. Die beobachteten Orte. Otientierungen und
Trajektorien der Risne werden anhand der Restspannungsfelder. der Energiefreiseizutipraten und der
Bruchenergien der Keramik und der Grenzfliche erklirt.

1. 24MODUCTION Consequently, alloys can be prepared that have either
smaller or larger thermal expansions than sapphire. It

Most metal/ceramic bonds are subject to residual wi be shown that a second advantage of this system
stress. This stress can cause cracking of either the is that a thin multiphase reaction product layer forms
ceramic or the interface. The residual stresses may during diffusion bonding having composition rela-
also degrade the mechanical strength of the bonded tively insensitive to the original alloy composition
system. Some aspects of residual stress induced crack. within the range of interest. The "interface" thus has
ing have been analyzed previously [1-3], but a con- relatively consistent mechanical characteristics.
prehensive description of this phenomenon has not The fracture behavior can be rationalized by invok-
yet been presented. The intent of the present investi- ing various solutions for residual stresses and for
gation is the experimental characterization of crack- stress intensty factors associated with bonds. To
ing and correlation with the results of stress analysis facilitate interpretation, it is also noted that, within
and of fracture mehaics. homor'eneous brittle solids, crack propagation occurs

A model system consisting of sapphire diffusion along a trajectory in which the mode Il stress inten-
bonded to Ta(Ti) alloys is used for the experimental sity factor, K11, is zero [4,51. However, cracks on
study. This system has several attributes. The alloy interfaces can extend subject to mixed mode con-
compositions used in this study (20-50% Ti) show ditions with fracture energy r, influenced by the
solid solubility, such that the coefficient of thermal iinse angle, TP (6, 7].
expansion, a, can be continuously varied between
-_ 1 x 10-'K` (pure Ti) to :::7 x 10-6K-' (pure 2. EXPERIMENTS

Ta), compared with ;t gX 10-6K' for sapphire.t
2.1. Diffusion bonding

tThe coefficient of thermal expansion is a function of Sapphire discs having random orientation were

tempera~ture- mechanically polished to provide surfaces with good

1579
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Fill. I. Schematic of the geometries used in the expernments. • c~

planarnty. Foils of Ta(Ti) alloys 0.8-1 .9 mm thickI

were placed between two of the sapphire discs and •.,' Iw
located within a compression loading fixture in a 156K,

vacuum furnace. A normal compression of 3-S MPa •

was applied and the system heated to 1100CC. held at ___________________

that temperature for L h and cooled at a rate of 40 S IN 1m lOU.

5°C/rain. Both symmetric and asymmetric specimens Fig. 2. PEELS spectra for the metal and recto produc
were produced (Fig. 1). layers retealngl the absence of oxygen within deaeclabje

int$

2.2. Interface propertiesi-ij

in all bonds, reaction products were formed, as subsequent loading the crack extended along the1
elaborated elsewhere [8] and summarized here. In sapphire/reaction product interface. In addition, peri-
general, three distinct reaction products formed, as odin branch cracks were observed in the reactionU
established by cross-section TEM. A PEELS spec- layer [Fig. 5(b)J. The load at which the crack extended
trum revealed that within detectable limits ( • 5%) no gave a fracture energy for the inerace between the
oxygen was present in any of the reaction products sapphire and reaction layer. !", =, 17±+3 Jm-2  I
(Fig. 2). ('F • S0C). For comparison, the fracture energy

Consequently, use of a preliminary Ta-TI-I-Al of the u-phase reaction product (13] ' ==4OJm-2 ,
ternary phase diagram [9] (Fig. 3) suggests that the and that for sapphire on non-basal planes [14] 1

phases are: y, a2, and a. Electron diffraction results T • 12Jm-2 . I
(Fig. 4) combined wit EDS and with lattice par-
ameters obtained from X-ray data confirm the 2.3. Cracking observations
identity of these phases. A general observation is that positive misfit sys-

sapphire alowed measurement of the interace frac-I

turn energy 110-121. Alloy compositions giving mr Ti

residualZ steswrecoe n odrtsmp ismy

020I

mNts 00 samle IMr M by411r0-1
Fig 1 Schemonating of the diffusiones onded in ishe exeimnts. 0•ewm /•"0

planarty Foils ofhavTin alloys 0.28-1.9mm thicn. A

prerack was introduced into the thin sapphire layernd
using a Knoop identor. T fter, loading in three- i

point bending extended the precrack to the interface.ol
Subsequent fracture energy measurements on the o0 p/e/ -o v)

precracked specimens were conducted in four-point 32. P \ / ti70

beenprducng (F0ig. In .situm testingn inl thenc SEM allowedhn rict

detailed observations of crack evolution. These ob-
servations revealed that the precrack propagated al
unstably through the sapphire and reaction product Ti rc 70 In ad i0t/o30 20 10 p
layers and thenearste tthe reaction product/alloy - at w , Ta it e
interface, accompanied by blunting [Fig. 5(a)b. Upon Fig. 3 Te la d Ti-Ta-Ai phase diagram.

I

trm eeae ta wtindeetal lmts(_ % n gv afacue nrg orth ntrac eten h
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Ta at 1100 C) crack predominantl] within the samples %&ere sectioned, polished and characterized
sapphire. although the details depend on sample by SEM. revealing the morpholog. detailed in Fig- 6
geometr, and history. Con~ersely. systems subject to (The bonding geometr. was such that the sapphire
negative misfit ( < 2A,,,) crack along the inter- extended beyond the edge of the metal i Crack in-
face. Systems vkithpositnie misfit %%hen inspected with itiation did not occur at the ceramic metal interface.
light microscopy revealed continuous perimeter but instead nucleated in thc cerann, at a distance
cracks with no sign of internal cracking. In order to I. 15/pm from the interface. The crack angle 0 with
observe the trajectory of these cracks in detail, the respect to the interface %%as consistentlx in the

Experimental Experimental

00

a S

S 0

CalcuLated 121 zone CaLcuLated 1212 zone

Fig. 4. (a) Calculated and observed electron diffraction Fig. 4. Continued. (b) Calculated and observed electron
pattern: y phase. diffraction pattern: a, phase. (Continued overleaf.)
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inclination 0 of these cracks decreased with distance
from the specimen edge. Edge cracks occurred in the
ceramic parallel to the interface at distances of
50-100,pm from the interface and extended almost
continuousl% over the cross-section. Further section-
ing and polishing revealed that these cracks, which I
are traces of new perimeter crack,. formed at the ne-A
surface introduced by sectionin, and initiated at a

"stand off" distance from the interface z 50 prm.
For systems having negative rmsfit (misfit strain,

tT :t 5 x 10-') no cracking was observed in the as-

cooled samples. However, sectioning introduced
flaws that, in some cases. initiated visible cracks.
These cracks formed near the edge and propagated
along both interfaces (Fig. 7). No cracking was ob-
served in the ceramic. The cracks propagate on a
variety of interface paths: within the reaction product I
layer, along the reaction product/sapphire interface,
and along the reaction product/alloy interface.Experimental.I

3. SOME RELATED MECHANICS

Information about the initiation of cracks can be
gained from the principal tensile stress. Crack trajec-

tories are addressed by evaluation of the crack path U
along which the mode II stress intensity factor is zero.

S•.The stress field information [1, 15] is summarized in
.. . ."Fig. 8. In the ceramic close to the interface, the I

S" . . " " •principal tensile stress is essentially normal to the
* " . " . -•" interface near the center but around the perimeter is

.0*•0 *

• * :0 o a 1 0 ... :.• ..... :••.:.0 •. •I
• ." 0 O ":• 60:.•

• * • * • 000 ••0:0600 •

Catcutated 111 zone
Fig. 4. Continued. (c) Calculated and observed electron

diffraction pattern: a phase.

range 62-642. Following initiation, the cracks curved
in a continuous trajectory, turning parallel to the
interface at a distance on the order of the metal layer _ 3
thickness, before arresting.

Sectioning and polishing led to additional cracking ".
having the features illustrated in Fig. 6. Two types of U WIL ", W 1= I -iI -
cracks were present. Periodic small zone cracks were Fig. 5. (a) A precrack that penetrates the reaction product
apparent near the interface (within 10 pm), but did layer and blunts at the alloy interface. (Continued on
not extend into the reaction product layer. The initial facing page.) £



Branch
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Fig. 6. A summary of cracking patterns observed in the sapphire for systems %kith positive misfit.
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Fig 7 Crack in the reaction product layer for a system Aith negatise misfit o.5 z 0 '1

inclined at f t 30 .Along the periphery. the principal of a s.mmetric specimen has the non-dimensional
stresses are tensile within a narrow boundary layer form [I. 18] 1
near the interface. This stress is high but the stress (* ý I-)

gradient is also large. A crack in this layer experi-
ences an energy release rate G that reflects both where 2d is the metal la.er thickness. ti, t the misfit
the stress amplitude and gradient (Fig. 9). Conse- strain. f is a composite modulus and fQ is a crackine
quentl.. G exhibits a maximum at a characteristic number z. 1.
stand-off distance proportional to the metal laver
thickness. 4. ANAIASIS OF CRACING I

When cracks develop into a length comparable to
a characteristic specimen dimension (such as either The general cracking features can be related to the
the metal or ceramic laver thickness) interaction with sign of the misfit strain. Poxirhc misfit (c,_. > i s ,) I
the boundaries occurs 14. 16. 17. 19]. These inter- leads to a negatic AK for interfacial edge cracks [I].
actions tend to deflect the crack into a K, z 0 path Such cracks are thus suppressed and fracture "ould
parallel to the relevant boundary, at a distance occur preferentially in the sapphire. Consersels. 'or
proportional to the layer thickness, The most com- negatire misfit (,,, < :.l. edge cracks experience
prehensively analyzed examples involvc cracks in a a positive A, along the interface [I] and interface
brittle substrate induced by residually stressed thin failure would be encouraged. Further details are
films [16. 171. The energy release rate G for the sensitive to the overall geometrN and the crack lo-
example of a crack extending along both interfaces cation. For positire misfit the initiation of the crack I

r'd-'O rd05 _I

S!K~

0tTerrsw' Cormrcessior.

z ••, TensfIe
Boundary Layer /

4- N -~'.B~ offse!
EnergyRelease - - --

l - , so.-.-:
Rate, ~ -

Tesion

C_ coroqn Fig. 9. A schematic of trends in the energy release rate for
cracks in the sapphire near the interface The stand-off

Fig 8 Principal tensile stress fields for a system suhlect to distance is given h\ the locatmn at \%hich (, atnt , it.,
positlse misfit. maximnum \aluet
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in the sapphire reflects the above stress field and (xww, < a~jo,) fail along the interface. Based on infor-
energy release rate information. The perimeter and mation about the residual stress field, as well as the
edge cracks appear to be dominated by the stress in fracture energies of the sapphire and the interface,
the tensile boundary layer (Fig. 8), whereupon their most of the cracking features have been rationalized.
nucleation at a stand-off distance from the interface The effects of specimen boundaries on crack trajec-
is in accordance with energy release rate consider- tories within the sapphire have also been shown to be
ations (Fig. 9). The subsequent extension of these in agreement with existing understanding.
cracks into a trajectory parallel to the interface is
consistent with the known characteristics of K11 = 0 REFERENCES
trajectories [16, 17]. 1 H C Cao, M. D. Thouless and A. G. Evans. Acta

The formation of the zone cracks reflects the . tal.. 36, 2037 (1988).
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the orientation of these cracks with distance from the 3. K. Suganuma, T. Okamoto, M. Koizumi and
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prevents the zone cracks from reaching the interface. Vol. 4, p. 295. Pergamon Press, Oxford (1990).

For negative misfit, the interface near the edge 8. A. Bartlett and A. G. Evans. To be published.
experiences residual tension and cracking would be 9. C. McCullough, J. J. Valencia, C. G. Levi and

R. Mehrabian. To be published.expected to occur preferentially at the edge. The 10. P. G. Charalambides, J. Lund, R. M. McMeeking and
available energy release for this process, based on A. G. Evans, J. appl. Mech. 111, 77 (1989).
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I THE FRACTURE ENERGY OF INTERFACES: AN ELASTIC
INDENTATION TECHNIQUE

I ~J. B. DAVIS, H. C. CAO, G. DAO aNd A. G. EVANS
Materials Department. College of Engineering. University of California, Santa Barbara, CA 93106, U.S.A.3 (Received 22 June 1990)

Abstract-Debonding of thin refractory coatings between two oxides has been investigated by developing
a new, simple indentation test technique. The method is based on a Hertzian indentation approach,
modified to incorporate crack propagation down an interface plane beneath and parallel to the indentedV ~surface. The test m~ethod has been analyzed using finite elements and the results validated by experiments
on homogeneous solids. Test materials have been selected to distinguish coatings capable of debonding
from those immune from debonding. The implications for fiber coatings suitable for use in high
temperature oxide based composites have been discussed.

Rdismb-Nous avons etudii la decohqtjion de rev~tements refractaires, de fatible 6paisseur entre deux
oxydes, en developpant une technique nouvelle et simple d'essais d'ndentation. Cette m~thode, bas& star
une approche d'indentation hertzienne, a iti modiflee pour tenar compte de Ia propagation des fissures

le long d'un plan d'interface paralldle et sous-jacent i lat surface indent~e. Cotta m6thode d'essaisnlye en utlsn e lmnsfii tlsrslasextiau beu ta e oie ooks
Les matkriaux testis ont itii choisis en distinguant tant des revetements capables de se dkcoller que d'autres
qwi ne le sont pas. Nous discutons l'importance de nos resultats par le choix des revetements de fibre
utilisables dans Las composites de haute tempirature Ai base d'oxydes.

Zasmessifasusta-Das Abl6se dfinner fiberzoge aius Refiraktormaterialien zwischen zwei Oxiden wird
anittels der Entwicklung cines neuen, einfachen Endrfiikversuches analysiert. Die Method. baut auf
einer Hertzschen Ni~herung des Stempeleindrucks auf und wird modifiziert, urn die Rilasubreitung
entlang einer Grenzfiliche unterhaib undparallel zur eingedrfickten Oberficthe zu etfassen. Dimse Method
wird mit finiten Elementen analysiert; Experimente an homogenn Festkorpern bestlitigent den Ansatz.
Untersuchungsmaterialien wurden ausgewlihit, urn zwischen fiberziign unterucheiden ata k6nnen, die sich
abl6sen und die dam Abli~sen widerstehen. Die Bedeutung fu-r Faserfibeezilg. die ffir die Verwendung in
Hochtemparaturmaterialien auf Oxidbasis geeignet sind, werden diskutiert.

1. INTRODUCtION Other attempts have been made to dievise inden-

A basic mechanics framework for characterizing the tation tests to measure ri for interfaces [10, 11lJ.
fracture resistance properties of bimatenial interfaces These have been based primarily on elastic/plastic
has been established, based on the critical strain indentation procedures, such as a Vickers indenter.I energy release rate G, (or equivalently the fracture However, the elastic/platic fields are complex and,
energy, F,) and the phase angle of loading, 11 [1-31. consequently, relationships between r, and the inden-
The latter is a measure of the fracture mode mixity, tation load P are approximate. These methods have
between shear and opening. Furthermore, the formu- thus had limited applicability. Superior accuracy in

lism whereby ri(Y') data may be used for the inter- relating ri and P should be possible when indentation
pretation of such phenomena as fiber debonding in is conducted with a spherical indenter in the elastic
composites (4, 5J and coating decohesion [S-71 ha range: analogous to Hertzian frakcture in homogeneous
been established. A suite of test methods hass also brittle solids [12] (Fig. 1).
been developed that allows measurement of ri(VI)
over a range of T f2, 8, 91. Some F, data on interfaces
have been generated using these techniques. However, boIthe preparation and testing of specimens typically I
involves several intricate steps. Consequently, it has
not been possible to quickly evaluate the fracture
properties of interfaces and thereby identify classes mCrc
of intierface that exhibit debonding, resist decohesion,
etc. The intent of the present article is to describe an
indentation test that can be used to quickly and CafiIIaccurately explore the fracture energy of interfaces Fig. 1. A schemsatic of the test geometry and the cracking
(Fig. 1). patterns associated with the elasti indentation technique.
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As a prelude to studies that examine interface crack still influences the crack traiector. and the associated

growth. a summary of the Hertzian fracture problem value of F,, Prior research 1161 has indicated that the
is appropriate. Hertzian cracks initially propagate relatively %eak planes in sapphire 1161. t: 1010' and
normal to the surface and then rotate into a trajectory T012 i. have [ , 12-2o m . Conmer-Ar , fracture
having constant cone angle. P (Fig. I). The behavior on the basal planes I:0001 is prohibititely difficult:
at small crack lengths is complex. However. dimen- Fr > 80 Jm-
sional analysis indicates that, for cracks in the constant
cone angle range [31 2. EXPERIMENTAL

Erc R'iP -= (v) cos ft(v) (1) 2.1. Specimen preparation

where P is the load, R is the cone crack radius (Fig. 8), Specimens suitable for indentation testing of inter-
E is Young's modulus, F. is the fracture energy. v is faces are produced by diffusion bonding. To create
Poisson's ratio and 2 is a coefficient. Experimental these bonds, thin discs of either sapphire or glass are
results for glass, with v - 0.25, coupled with stress mechanically polished on one face to achieve good I
analysis, have suggested that 113] 2 % 2.2 x 10'. planarity. Coatings of the second material are then
However, detailed effects of v on a and Pi have not produced on the polished surfaces either by physical
been specifically addressed. A preliminary feature of vapor deposition or by sol gel. as elaborated else-
the present analysis is thus the application of finite where [171. The coatings have thickness in the range U
element methods to clarify the Hertzian cone crack 0.4-6 pm. The coated surfaces are put in contact and
problem. The ensuing insights establish a basis for emplaced in the bonding fixture, subject to a pressure
finite element analysis of crack extension along the of - I MPa. The bonding fixture is then subjected to I
interface, in accordance with the geometry indicated a diffusion bonding cycle that depends largely on the
in Fig. I. melting temperature of the coating material (Table I).

The present calculations and most previous analyses The diffusion bonding is conducted in vacuum
[14] are based on the premise that elasticity prevails (< 10-6 toff).
throughout the indentation cycle. However, other

parameters enter the problem when elastic response 2.2. Coating characteristics
at the contact zone is violated. Important inelastic The sputtered coatings have a characteristic
effects include frictional tractions at the contact columnar microstructure [Fig. 2(A)]. However. after I
induced by elastic property differences between the diffusion bonding, various microstructural changes
indenter and the indented surface [15], as well as are apparent [171. The sol gel coatings have a very
plasticity either within the indented material or in the different initial microstructure. but yield essentially I
coating. Usually, such non-linearities are manifest in
crack extension as the indentor load is removed [! 5].
Consequently, in situ observations of cracking provide
one check on the utility of the elastic analysis.

The experimental approach is described and illus-
trated for test specimens consisting of either glass or
sapphire, in conjunction with a variety of diffusion
bonded interfaces, involving oxides, refractory metals
and intermetallics (Table 1). Comparison between
the numerical solutions and the experimental results
provides a calibration of the test specimen and
also generates fracture energy data on interfaces of 10lin l
practical interest,

To facilitate such interpretations, it is noted that
sapphire exhibits anisotropy in the fracture energy. I
Consequently, the experiments are conducted with

{0001 } as the indented surface, in order to minimize
effects of anisotropy in Fr. However, the anisotropy 1

Table I N

Bonding Homologous
temperature temperature Compositional

Coating material (C) (TIT.) changes
Y,0,- 1300 0.54 Yes A1003,10 Ji
t-ZrO, (YO) 1300 0.48 Ye _
m-ZrOZI 1300 0.48 No

Mo 1450 0.56 No Fig. 2. Coating microstructures revealed by scanning elec-
TiAI 1050 0.69 Yes tron microscopy (A) after physical deposition (Mo coating),

'Denotes that both sputtered and sol gel coatings were used. (B) after diffusion bonding (Mo coating). I
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two extremes of behavior are encountered. In som.,'
cases, the cone crack continues through the coating

into the lower substrate material. In other cases.S~the crack jumps along the interface. then arrests

and thereafter propagates steadily as the load on the
indenter is further increased. The analysis for evaluat-I ing the fracture energies of coated interfaces applies
only when the second behavior obtains. Debond crack
growth upon unloading has not been observed when

Fig. 3. A cone crack in glass revealed by optical microscopy the above test procedure is implemented.
with oblique incident illumination. 24. Results

the same post-bonding microstructural characteristics, A series of cone crack experiments has first been

except that they have greater porosity. In some cases, conducted on soda lime glass and (0001) sapphire. In
reactions occur. Notably, the Y203 and TiAl coatings these experiments, the crack diameter 2R, is monitored

react with the sapphire to form various aluminate in situ using a low magnification optical microscope
and aluminide reaction products. In particular, YO, (Fig. 3). In some cases, the surfaces are also immersed

reacts with the AI.O3 to form YAG, as determined in oil to limit access of hydroxyl ions to the crack and

by X-ray analysis. Conversely, the pure ZrO, and thus minimize effects of stress corrosion. Some typical

Mo coatings are non-reactive. Furthermore, the pure results for the soda lime glass are plotted on Fig. 4,
ZrO2 coating is monoclinic at room temperature using the normalization suggested by equation (1),
whereas ZrO, (3% Y20 3) coatings are tetragonal: a P/R32 . For the glass experiments, the cone angle
feature that may offer insight into their different achieved subsequent to initial crack formation is sym-
fracture behaviors. All coatings are also subject to metric and constant, such that P = 22T (Fig. 3). For

substantial grain growth during bonding. The resultant sapphire, some asymmetry exists and the cone angle
coating microstructure typically consists of equiaxed is larger: on average • •-30'. This angle tends to
grains having dimensions comparable to the coating increase as the crack approaches the bottom surface
thickness, often with substantial interspersed porosity of the indented plate.

[Fig. 2(B)].

2.3. Test procedure3 The indentation tests are conducted with a 12.5 mm
diameter WC sphere. The surfaces to be indented are
lightly abraded to introduce surface flaws that allow
ready nucleation of cone cracks beneath the indented
surface. A thin Teflon film is placed between the sur-
face and the indenter to minimize non-linear effects

associated with frictional sliding within the contact
area. Also, a die penetrant is used to highlight the
crack features. In the present experiments, the trans-
parency of the glass and sapphire allow in situ optical
observation of the cracks. Through such observations,
it is found that cone cracks nucleate in the indented
material and propagate stably toward the interface as
the load is increased. Upon reaching the interface,

Fig. 4. Trends in cone crack radius R with load P obtained Fig. 5. Optical micrographs of debond cracks obtained
for glass, plotted in accordance with the parameter P/R 3

17 with a sol gel m-ZrO2 coating viewed from beneath the
suggested by equation (i). indentation.I
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the -'weak" interface, the cone angle increases and the
crack seemingly extends into the interface with a cone
angle P - ir 2. 1

3. ANALYSIS OF THE INDENTATION SPECIMEN

The elastic indentation test has been analyzed using
a finite element procedure, based on the ABAQUS
code. The finite element mesh is illustrated in Fig. 7.
The first problem to be addressed concerns the cone
crack in a homogeneous. isotropic elastic half space.

To facilitate the analysis. the cone crack is considered
to have attained a constant cone angle configuration.

M lmmConsequently, the initial growth of the cone, which
occurs subject to a larger cone angle, is not simulated.
The error introduced in this step is negligible when
the cone crack is fully developed: i.e. when R is
appreciably greater than the radius of the contactI
area.

The analysis is conducted by calculating both the
mode I and mode II stress intensity factors and
the calculation iterated for different cone angles, until
that angle which gives K,. % 0 is identified. This pro-
"cedure is used because cracks in isotopic brittle solids
occur along trajectories having Ku _ 0 11, 71. The I
"results of this analysis reveal that the preferred cone

S ."angle, P, changes with the Poisson's ratio v of the
material. The importance of Poisson's ratio had been
implied in previous studies 114]. The non-dimensional
energy release rate, X = EGR3/P 2, is evaluated and
plotted as a function of crack size R for various cone

Fig. 6. (A) A SEM view of an exposed cone obtained with angles p (Fig. 8) to verify that x is independent of
a Mo coating; (B) an optical micrograph of debond crack R. These trends in X with cone angle provide a basis

of Mo coating viewed from beneath the indentation, for connecting with other studies [13) [equations (i)
and (2)]. The present analysis indicates an explicit con-
nection between the non-dimensional energy release

Experiments have also been conducted for interfaces rate and P, such that
between sapphire and the four refractory coatings 1.30
described in Table I. The tests revealed that the cone X sEGR3IPI i ---- tan'#. (2)
crack extends through the coatings into the substrate
when either Y2O3 (sputtered and sot gel), sputtered A substantial effect of the cone crack angle P on the
y-TiAl, sol gel partially stabilized ZrO 2 and sputtered energy release rate is apparent. Moreover, for glass
pure ZfO 2 coatings are used. Conversely, the crack I
extends down the interface when either sol gel pure p

ZrO2 or sputtered Mo coatings are present. In some Cora cI.S

cases, the debond cracks obtained with the sol gel .i
ZrO2 coatings are not symmetrical (Fig. 5), indicating t'--W I-, ,
that the bonds are subject to local variability, perhaps ! uI _
due to microstructural variations (i.e. porosity) across
the bonded surfaces. ll l

To provide a vivid visualization of the cone crack 1111111 I l 1 I
and the interface debond, a section around an indent
from a specimen of a Mo coating on sapphire has
been detached and examined in the scanning electron I
microscope (Fig. 6). This view of the indent fracture a/

reveals several features. Debonding along the A120 3/ Al.S

Mo interface has clearly occurred. Cone cracking in I
the sapphire has attained a near constant trajectory CONE CR OICIPROSLEM
state, similar to that obtained in homogeneous sap- Fig. 7. The finite element mesh used to compute the energy

phire, with P 30'. However, upon interaction with release rate G and the phase angle of loading, T.
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fracture anisotropy. Nevertheless. %alues off Fealu-
O04 "ted using the measured cone angle. #. and assumingI elastic isotropy indicate values in the range 25-30

Jm -. comparable %ith literature aiiues for :1010'
%I 0 - x coo '•- and :1012: [161. Results obtained for the coatings.

interpreted using Fig. 8. indicate that for Mo. F - 3 5
Jm-: and for sol gel. m-ZrO:. F = 15-2OJm

0.02

25 5. IMPLICATIONS FOR FIBER COATINGS

The present interface fracture energ) results have
immediate implications for oxide matnx composites

I reinforced with sapphire fibers, based on the debond-
ing diagram [18] summarized in Fig. 9. Specifically.

1 2 3 4 5 6 7 sol gel m-ZrO: and Mo are viable coatings. whereas

Imn er eaat PAm u P YO, TiAl. and t-ZrO. are unacceptable and should
Snot be used. More specifically, when basal plane

function of crack radius for several values of cone angle. (c-axis) oriented sapphire fibers are used. having a
fracture energy, Ff % 25 Jm - , both sol gel m-ZrO:
and Mo coatings have fracture energies in the

(P = 220) the values of X from equation (2) and from debonding range (Fig. 9). However, for sol gel m-
Fequation ( i) nie comparable. ZrO. coatings, debonding may only occur when the
Further analysis considers the cone crack expanding fibers are inclined to the crack plane normal, and are

radially outward along a "weak" interface parallel to probably unsuitable for other fiber orientations, since
the surface. The specific problem of interest concerns r 12-20 Jm-:. The m-ZrO: and Mo coatings are
a thin coating between two like materials and, conse- also thermochemically and morphologically stable at
quently, to first order, the energy release rate G and elevated temperature and thus have high temperature
the phase angle of loading W' can be calculated as if potential. One obvious limitation of Mo coatings
the system were an isotropic elastic body 16]. Then, concerns the tendency toward formation of a volatile
the small correction to Y' caused by the thin coating oxide. However, other refractory metals less prone to
layer can be made based on the elastic mismatch with oxidation degradation (such as Ta, W, Nb) may also
the coating, as well as the coating thickness. These prove viable.
calculations have been conducted for cone angles Another notable feature of the preceding results
applicable to the present materials (P t 20-300), The is that the fiber coatings that give debonding are

results reveal (Fig. 8) that after the cone crack expected to be in residual compression. The Mo should
intersects the interface, the non-dimensional strain be compressed because it has a smaller thermal
energy release rate' diminishes as the crack extends, expansion coefficient than A1,03. The m-ZrO2 is in
while 7' increases. Again, the non-dimensional G compression because of the dilation that accompanies
depends strongly on the cone angle, P. These curves the martensite transformation. This feature may be
may be used to determine interface fracture energies important because residual compression in coatings
when the crack propagates down the coating interface
and when elastic contact conditions operate, asif described below.

4. INTERPRETATION OF RESULTS

Based on the above energy release rate solutions, ] I
load/crack radius data may be used to determine
critical energy release rates (or fracture energies), The ,,0
results obtained for glass (Fig. 4) provide fracture b.
energies (F1 of 8-10 Jm -) compared with literature
values, FI • 8 Jm - .t Interpretation of the results for
sapphire is somewhat complicated by its elastic and 0.5

MElastic mismatch between the indenter and indented
material appears to lead to systematic errors in the
measurement of F, the sign and magnitude of which I - I• .0.5 1.0
depend on the materials used. This error arises primarily
from friction in the contact region [151 and idealizations h ,
of point loading in the analysis. If necessary, this source Fig. 9. Debond diagram for sapphire fiber reinforced
of error can be minimized by experimental calibration, composites with various fiber coatings.

I
I
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INTERFACES BETWEEN ALUMINA AND PLATINUM:
STRUCTURE, BONDING AND FRACTURE RESISTANCE

M. DE GRAEF"1', L. J. DALGLEISH', M. R, TURNER' .. d A. G. EVANS'
'Materials Department, Co~lle-ge of Engineering. University of California, Santa Barbara, CA 93106-5050
an 'Materials and Mineral Engineering Department, Hearst Mining Building. University of California,

Berkeley, CA 94710, U.S.A.

AU - et-Vanous diffusion bonded interaces have been produced between Pt and either sapphire
or polycrystaline A1203 . The structure, bonding and fracture resistance of these interfaces have
been examined, as well as the infuence of intervening silicate phases, both amorphous and crystalline.
It is found that the intrinsic fracture resistance r, of the Pt/sapphire interface is high, especially when
Pt has an epitaxual orientation with respect to the sapphire. The fracture resistance is substantially
degraded by amorphous silicate phases at the interface. even when discontinuous, but is not
adversely influienced by crystalline silicates. By contrast, the silicate phase enhances the diffusion bonding
and facilitates formation of void-free bonds. This duality in the role of silicates is a major feature of this
arti*l.

Ri=m6-Diverses interfaces lWes par diffusion sont &lborees entre du platine et soit du saphir, soit de
r-alumine polycristalline. L& structure, Ia liaison et In resistance a Is rupture de ces interfaces sont 6tudiies.
de mime que l'influence des phases silicaties qui 3c produisent. tant amorphes que cristallisies. On trouve
que Is resistance intrinsique a I& rupture r', de 1'interface PtIsaphir est elevie, sp6cialement lorsque Pt a
tine orientation epitaxique par rapport au saphir. LA risistance i Is rupture eat considerableinent digradie
par les phases silcaties amorphes I l'interface, mime lorsqu'elles sont discontinues, mais elie West pus
d~favorablemient influence par les silicates cristallisis. Au contraire, in phases silicaties renforcent Is liaison
par diffusion et faicilitent In formation de liaisons exemptes de cavitis. Cuett dualitk dui r6le des silicates
est tin aspect inajeur de ce travail.

__- knoo -- Verachiedene difsogrgeGrenzilicli wrde a wiachen Ptud Saphir oder

polykitallnein A12 0 3 hergestelt. Struktur, Bindung und Bracliwidertand diese Grenzfilichen werdenI untersucht, ebenso der EinfluB eingelagerter Silikatphasen, amorph oder knistaflin. Es ergabt sich, daB
der uintinsiche Bruchwiderstand rder Pt/Saphir-Cirenzfliche hoch ist, insbesondere wenn Pt epitaktisch
aiim Saphir orientiert ist. Der Bnuchwiderstand wird betrichtlich verringert durch eine amorphe
Silikatphase an der Grenaflche, such werin sie diskontinuierlich ist, jedoch nicht gegenteflig beeinftiflltI wird dutrch kristallines Silikat. Dagegen verstirkt die Silikatphase die Diffusionshaftung und erlecictert
die Bildung porenfreser Verbindungen. Diese Dualitit der Rolle des Silikates ist wichtigstes Anliegen dieter
Arbet.

31. 111MODUCTION and fracture is gained by conducting experiments
with a layer of silica deposited onto sapphire prior to

Attention has been given to the structure and the difusion bonding'with Pt.
thermodynamics of the interface between aluminum Previous studies on comparable interfaces [2-51I. oxide and platinum [I]. However, there have been no have indicated strong effects on the fracture energy,
reported attempts at measuring the fracture resist- r,~ of plasticity, of reaction products and of theUance of such interfaces and relating these res~istace atmosphere, coupled through the interface frac-
to the structure, chemistry and microstructure. Th ture mechanism (4, S]. Crack extension along
principal intent of the present article is to address this interfaces without reaction products may occur
issue. Ile emphasis is on interfaces generated at either by ductile, void growth, by brittle debonding
elevated temperatures by a diffusion bonding process. or by coupled debonding with plasticity (6]. Inter-
Both sapphire and a commercial polycrystalline fac caking involving plasticity often ocusby
alumina are used, in conjunction with polycrystalline a debonding mechanism operating at interfacial
Pt. Since commercial polycrystalline Al2 0, contains defects ahead of the interface crack front, whereas
silicates, insight regarding their effect on bonding brittle debonding occurs by direct bond rupture at

______________________________ the crack front itself. The dominant mechanism
tnleave from the Department of Metallurgy and (among these possibilities) governs the role of such
Materials Engineering, K. U. Leuven, de Croyinan Z parameters as yield strength, work of adhesion,
9-3001 Belgium. metal thickness environment and interface defect
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population. The presenh experimental stud% pro- .

vides neA information about the rclatije importance U
of soeof these %arnables.

2. MATERIALS I
Basal plane oriented sapphire was acquired and

carefully polished. High purit, platinum foils were
obtained from Johnson-Matthev (99.99%) and -

Engelhard (99.95%) having thickness 25-250um.
Polycrystalline AI.O, was obtained from Coors: this 3
material was -99.5% AI:O-, with the remaining
phases consisting of silicates, generally in the amor-
phous state. Diffusion bonds between either the
sapphire or polycrystalline alumina and the Pt foils
were made in a sandwich geometry. wherein the foil
was placed between the two polished alumina plates
[5]. Prior to bonding, the sapphire and A120 3 plates
were dry pre-annealed at 1000C for 2 h and the Pt I
foil was dry pre-annealed for 2 h at 1200.C. Two
different furnaces were used for this purpose. One
furnace, designated A, had been used only for diffu-
sion bonding. The other, designated B, was a multi-
purpose air annealing furnace. As demonstrated
below, the choice of annealing furnace had a pro-
found effect both on the diffusion bonding and the
resultant interface fracture energy. Consequently,
hereafter the bonds are designated A or B, according
to the furnace used for pre-annealing. Following
pre-annealing, a small load was applied to the sand- I
wich layer, the system placed within a vacuum fur-

nace and the temperature raised to 1450'C. At this
temperature, an additional load corresponding to a
stress of - 5 MPa was applied for 12 h to achieve the
diffusion bonding. Thereafter, the system was cooled
to room temperature, with the load still applied.

3mm Fig. 2. Optical observation of Pt--sapphire interfaces.
(a) A bonds, (b) A bonds coated with a 100 nm thin SiO 2

LE) fs(I . 3OOpm layer and (c) B bonds. 3
-0.5mm

A+ Subsequently, diamond sawing and grinding were
used to prepare test specimens from the bonded

xplates. Some bonded materials were produced by first
depositing a thin (approximately wr0 prd) silica layer

forinn, onto basal plane sapphire by reaction sputtering andoNml then diffusion bonding with Pt, 1
3.i b PROCEDURES

dl Mechanical measurements were made primarily
with the mixed mode flexure specimen 12-51. The
basic test procedures, elaborated elsewhere 14], are

Fig. I. Successive stages of the sample preparation pro- briefly described. A row of Vickers indentations was
cedure: (a) cutting geometry; (b) position of dimple, relative
to the interfaces; (c) incident ion beams graze along the placed along the center line of the thinner A1203
metal layer; and (d) geometry of the semi-circular quartz layer. The specimen was loaded in three-point flexure

shields on the ion-mill platform. with the indentation on the tensile surface. Loading 3



m

DE GRAEF et al: INTERFACES BETWEEN ALUMINA AND PLATINUM S335

was continued until a crack formed and propagated and Pt. a ne% thinning method was de,,eloped for
to the interface. The crack arrest load was recorded. preparing samples suitable for transmission electron
Following this precracking step. further testing microscopy observations. Cross section samples
was conducted in four-point flexure, with the were cut from the as-bonded plates using a low
loading performed within an optical microscope to speed diamond saw. Circular samples (3 mm diam-
allow in situ observation of interface crack growth. eter) were cut from these beams, using an ultrasonic
These tests were conducted in air. In some cases, cutter
mode I tests were conducted on notched beams [Fig. i(a)]. The samples were ground (3-4 at a time)
(wherein the notch was prefabricated into the down to about 80-100t m using 30 or 15 Am paste.
bonded structure) and the specimen tested to frac- One side was polished with 1 pm diamond paste.
ture. The unpolished side was dimpled on a Dimple

Specimens fractured in accordance with either Grinder, using 6 and 3pum diamond pastes with
of the above test procedures were examined in the i pm paste used for final polishing. The dimple was
scanning electron microscope (SEM). Emphasis was displaced relative to the top of the metal layer. The
placed on the interfacial fracture surfaces, wherein distance between the center of the dimple and the
both the morphological and chemical characteristics interface is crucial for later success in the ion-
were examined. In some cases, Pt and sapphire milling step; a distance of about 0.5-0.8 mm is opti-
fracture surfaces were examined by atomic force mum. The geometry of the sample after dimpling is
microscopy (AFM) on a Nanoscope II from Digital shown in Fig. l(b). The final thickness of the
Instruments. In other cases. XPS was used to inves- sample at the dimple center was 10-15pm. For ion
tigate fracture surfaces. When interface fracture thinning, the off-center position of the metal-cer-
could not be induced, some aspects of the interface amic interface is oriented with respect to semi-circu-
were studied by using HF dissolution to separate lar shields (Fig. i(d)] such that ions only graze the
the layers and expose the as-bonded Pt interface, metal layer [Fig. 1(c)]. The ion milling conditions

Transmission electron microscopy (TEM) has are: 5 kV, I mA, at 13-17', two-sided milling.

emphasized sections normal to the interface. Be- All TEM observations were carried out on a

cause of the very different ion-milling rates of A120 3  JEOL 4000FX analytical transmission electron

I

I
I

I
m (c)

Fig. 3. SEM of Pt-sapphire fracture surfaces produced from B bonds. (a) Sapphire side, (b) Pt side, (c)
an AFM trace across one of the ridges on the sapphire fracture surface.I
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Fig. 4. AFM trace of a "void" on the interface of a Pt -sapphire B bond. n

microscope. operated at 350 and 400 kV. This micro- by SEM and AFM. However, interface fracture could
scope is equipped with high angle X-ray (Tracor) and not be induced in A bonds and SEM information
parallel EELS (GATAN) detectors with an optical could only be obtained on the Pt interface after U
fiber imaging system. Some electron diffraction was separation of the bond by HF dissolution. The results
performed on a JEOL 200CX, operated at 200 kV. of optical observations are summarized in Fig. 2. The
All crystallographic computations and diffraction A bondst exhibit three basic types of contrast
pattern simulations were conducted on a Vaxstation [Fig. 2(a)]. (i) Linear features outline those regions I
3200 with the EMS-software [7]. that did not bond during the diffusion bonding cycle*

[Fig. 2(a)]. (ii) Within the area that bonded, a con-

tinuous network delineates the grain boundaries, in
4. OBSERVATIONS the Pt (and defines the grain size). (iii) Finally, faint

The diffusion bonds produced using sapphire were lines within the network may relate to facetting on the

amenable to preliminary observation in the optical sapphire. Similar regions appear in the A bonds

microscope. Fracture surfaces in B bonds, which were formed with the silica layer [Fig. 2(b)]. except that the

susceptible to interface fracture, could also be studied area fraction of debonded interface was substantially
smaller, and the grain structure in the Pt less visible.
The B bondst [Fig. 2(c)] exhibit only one form of

"tRecall that A and B refer to the designation of the of unbonded regions.
pre-annealing furnace. contrast. There is no evidence

*+Prior experience with sapphire-Au interfaces [4, 5) has The observed contrast relates to ridges that form on
facilitated explicit definition of these features, the sapphire in the bonding process. at the location I
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of the grain boundaries in the Pt. Note that this Y
..grain boundar%- contrast is more distinct than
that in A bond,, [Fig 2uij iiFurthermore. the con-

tatis more esideni in the B bonds produced using
the thicker (100 p iPt foils The a~erage grain size
of the Pt in B bonds is smaller than in A.

A direct %isualization of the continuous net
work delineating the Pt grains in B bonds is
provided bN SEM observations of the fracture
surfaces [Fig. 31a. b)]. which reveal ridges on the
sapphire side of the fracture surface that coincide
with depressions at the grain boundaries in the .
Pt. That the linear features are ridges rather f)'(

thndepressions on the sapphire and vice versa 4- 1
isetablished by AFM trac.cs across the fractureI surface [Fig. 3(c)]. Such studies also established
that the maximum height of the ridges was approxi-
mately 450 nm. Some of these ridges were deter-
mined by EDX to contain appreciable quantitiesI of Ca and Si. No evidence of these species could
be detected on the interface between the ridges.
These impurities must arise from the pre-annealing
furnace, by deposition of either vapor or particu-
late Ca. Si. 0 species originating from the furnace
walls. Similar furnace effects have been found in

other studies performed with AI.03 [8].There were no indications of species other than
Pt on the metal side of the fracture surface (either

Pt-sapphIrBinterface. (a) reInitilontefc.s )d n3C 
r a c kas adhnng paticle or frm ED=etri

I bond ~~~~~Rduig, thDifuin bondin yle ae

ong6 theset observationso the fatre ap ecarito be three
principalr Bdifferences be)IntweenteAfand , (b) bonds(i
(foned)fring is more omplete rings B c t chan atin A. ( theI P t g rain size is a k s m all h ercn h a n i ns A. ( ) I m u

ritiens) (eseal Ca andtSi)are involvced in thend
bondingd achievedislto with B. roie

(b anotadd itioalchartesticn of Bh begonds revaledino

Fig SE o frctre uraceofintrfce rouce wth byn AFurisg ofe sigiffuicacon bothin fractue. Bsur-
polcrytalin AI0, (a A ~sid sowig te utlne of faces, f beatrestatios hr appear to be*vis thate

the aoposierhs:()PsdermAin aftrdiffuionachrteiicoB bondin are evient(Fg.4)Fi.5IE ffatr ufc fitraepoue ih b F so infcne nbt rcuesr
poyrsaln 10:()A,,sd hwn h uln ffcs etrsta pert e"od"ta
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Such -'voids" are also visible in the optical
images (Fig. 2. However, AFM traces across
these features indicate that thev are depressions
in the Pt (Fig. 4) but hillocks in the sapphire. U
Furthermore. b- using EDX, Si and some Ca
could be detected at the hillocks on the
sapphire side of the fracture surface, suggesting 3
that a lenticular silicate phase exists at these lo-
cations.

The polycrystalline Al,03 is opaque and not
amenable to optical observation. Reliance has thus
been placed on SEM observations of fracture sur-

faces. The key observation is that the A120 1 side
of the fracture surface has a smooth appearance
with frequently occurring outlines that circumvent
voids and other defects at the interface [Fig. 5(a)]. *AJ6 2 0 - 0
These features suggest that a thin amorphous layer opt
exists at the interface. A study of this surface by 0 0 O o 0 U
XPS has established the presence of Si, consistent ... . .
with an amorphous silicate layer having formed 0 0 0 0 0 0
during diffusion bonding. On the Pt side of the 0
fracture surface, there is evidence of adhering par- 0 ) ( I6ticles [Fig. 5(b)], but otherwise, there are no EDX
indications of species other than Pt. Interface deco- 0 0 0 Q 0 0
hesion thus appears to have occurred at the • . -. . . -

Pt-silicate interface. 0 0 0 0 0

5. FRACTURE RESISTANCE b
Fig. 8. (a) Experimental [l0lJ,,-f45.0]s zone axis patternAttempts at measuring the Pt-sapphire inter- and (b) computation of this geometry for a [00.1sJsl[ll _,.

face fracture resistance using the mixed mode flex- (2T0)s,!l(l), orientation relation.
ure specimen were only successful for B bonds.
The fracture resistance was obtained from the For A bonds, following precracking, further crack-
measured propagation load and the specimen di- ing renucleated in the lower Al203 layer, and only a
mensions [2]. Results obtained for 25 and 100 m i lower bound ofy100 amd couldabe
thick Pt layers are, Fi = 40 and 20 Jm-2, respect- interface fracture resistance. assigned to theI
ively. Most notable is the lower fracture energy Direct observation of crack growth in B bonds in
measured for the Pt with the larger metal layer the optical microscope revealed that crack extension
thickness. This is contrary to a trend found for tinv lv deboni revents that oragina teda dof

bonds between sapphire and Au (51, as well as involved debonding events that originated ahead of

for layer thickness effects described below for the crack front (Fig. 6). The debonding commenced
interfaces between Pt and polycrystal line A12 03. at the silicate ridges along the Pt grain boundaries

and proceeded to decohere the intervening interface.
Such debonding was most extensive in the B bonds I
produced with the thicker (100pum) Pt foil. Little

40 . time-dependent crack extension was detectable, con-

3 trasting with the strong effects found in the
30 Au-Al2 0, system [4].

S25 Experimental information obtained on bends
2 •A between Pt and polycrystalline A1203 consisted of

~20
j oprenotched mode I flexure tests. While these are
1E not valid fracture resistance tests (because pre-

cracks were not introduced along the interface)
U- j ... the trends with the Pt layer thickness are of

interest (Fig. 7). Notably, the nominal mode I
0 ao 4o o 120Q 1ao 40 fracture resistance increases as the metal layer

rThickness (tIm) thickness increases and extrapolates to F, 7

Fig. 7. Effects of Pt thickness on the mode I nominal 4 Jm-n at zero thickness. Mode I results obtained 3
interface fracture energy for Pt-polycrystalline A120 1. on interfaces between Au and poivcrystalline

Results for Au-AI20, bonds are also shown. A1203 are included for comparison. I
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*A1203 different orientation variants alternate with Pt

opt regions. EDS-analysis suggested a composition
close to Pt.AI. Electron diffraction anal'.sis of this

i2D , .o 1 phase resulted in the zone axis patterns sho~n in
021 Fig. I l(a. b). PtAI is orthorhombic. haiing a space

group Prnnia. a - .629nm. b "O.392nm.

0r2 0.543nm. with 24 atoms per unit cell [9]. This struc-
!.. • Atture is shown in Fig. 11(c). in a 10101-proj•,ection.

-20 Note the wavy character of the (001 I-planes. Based
on these unit cell data, the experimental patterns

*3 [Fig. l(a, b)] were successfully simulated. using kine-

Fig. 9. Computed zone axis pattern for a {00.1s =[ It I matical diffraction theory [Fig. Il(d.0el. Pattern
zone axis in the same orientation relation as in the previous I i(d) is obtained by superimposing two orientation

figure. variants of the Pt, AI structure. There are a total
of 3 different variants with respect to the perfect
Pt-structure: two obtained by rotating the original

6. TRANSMISSION ELECTRON MICROSCOPY OF cell by 90 around the b-axis, the third has the long
INTERFACE axis perpendicular to the plane [Fig. I I(e)]. PEELS

6.1. SapphireiPt interfaces observations did not reveal 0 in the intermetallic.

Electron diffraction analysis of A bonds revealed EDS measurements in the Pt away from the inter-

epitaxial growth of Pt on the substrate. The metallic indicated a solid solution of up to 10 at

observed orientation relationship is [00. 1111[111] and % Al.

I (21.0)11(i 21). The experimental diffraction pattern Observations of B bonds indicated that the

and a computer simulation (kinematical approxi- majority of Pt grains are randomly oriented,

mation) are shown in Fig. 8. This orientation although some grains are in epitaxial orientation

relation corresponds to a 19.1 rotation of the with respect to the sapphire. A thin amorphous

close packed directions in the Pt-layer with respect interlayer, with composition similar to that of

to the underlying close packed oxygen plane. This the amorphous region in A, was frequently ident-

rotation angle is reminiscent of a frequently occur- ified at junctions between two or more Pt grains

ring orientation relationship in systems with inter- and the interface (Fig. 12). This phase is believed
calant layers, wherein the intercalant layer has an to coincide with the ridges found in the SEM

effective in-plane lattice parameter V'7 times that and AFM (Fig. 4). High-resolution microscopy

of the substratet and rotated by 19.1'. Further- suggests that the amorphous phase is confined to

more, a similar rotation was previously observed the junction and is not continuous.

for epitaxial Cu and Pt on basal sapphire [1]. A new epitaxial relationship was also found in

Superposition of the [0001] and [1111 zone axis some cases. A diffraction pattern (Fig. 13) of the

patterns results in the geometry of Fig. 9. The [2T.01 sapphire zone axis with a slightly misoriented

slightly different in-plane lattice parameter rep- 11001 Pt zone axis suggests the following orientation

resents a lattice mismatch of 1%. This causes relationship: [21 .01slI[100]p and (03,0)slJ(0 T),.

strain contrast observed at several locations along Hence, the (01 l)n-plane is parallel to the basal plane

the interface. The sapphire surface also shows mul- of sapphire. The lattice mismatch in this orientation

tiple surface steps with a step-height of approxi- is small: the mismatch parameters are 0.98% for the

mately 3 nm. The Pt-layer follows the steps [10 0]n direction and 1.06% for the perpendicular

perfectly. Occasionally, amorphous regions were
observed about 150nm thick and up to about
600 nm in extent along the interface. In such regions,

the epitaxy between metal and sapphire was
locally imperfect. Energy dispersive X-ray analysis
(EDS) of the amorphous regions reveals Ca, Si and
Al; parallel electron energy loss spectroscopy
(PEELS) shows the presence of oxygen. The relative
concentrations of Ca, Si and Al indicate that this
amorphous phase is related to anorthite.

In one sample, an intermetallic reaction zone3 exhibiting a domain structure was found (Fig. 10);

tin the Pt-sapphire system, this occurs even though there is
no simple ,/7 relation between the two in-plane lattice Fig. 10. Low magnification micrograph of a Pt2AI reaction
parameters: 0.2747 nm for sapphire and 0.2774 nm for Pt zone close to the Pt--sapphire interface; different orientationI[I]. variants are indicated with arrows.

I
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Fig. II. (a) [010] and (b) [001] experimental diffraction patterns for the PtAl intermetallic (orthorhomh;c.
Pmma): Ic) structure drawing projected along the [010] axis. (d) and (e) computed zone axis patterns

corresponding to (a) resp. (b). Open and filled circles in (d) refer to two orientation variants. I
direction. This mismatch can be accommodated parallel to the [1111 zone axis of low crystobalite: a
either by misfit dislocations or a misorientation of tetragonal form of silica, with lattice parameters,
the metal layer, as apparent from the diffraction a = 0.497 nm and c = 0.693 nm. and space group
pattern (Fig. 13). P4,2,2. The [11] crystobalite zone axis is. in turn.

parallel to the [1231 Pt zone axis. The orientation
relation is completed by the indices of the parallel

6.2. Sapphire-silica-Pt interfaces lattic planes: (II T 1,:( 10 T '(00. IsI. Computed elec-

Electron diffraction observations of the interface tron diffraction patterns and experimental zone axis
formed with a thin layer of silica indicate that the patterns for the two interfaces, as well as the orien-
silica layer has become crystalline and that the three tation relations [Fig. 14(a-d)] reveal that the rotation

materials (Pt, silica and sapphire) are single crystals for the close packed oxygen and metal planes is again
over distances of several millimeters. Diffraction pat- 19.1 . As illustrated in the micrograph of Fig. 15, the
terns indicate that the [2T.01 sapphire zone axis is interfaces of crystobalite with both sapphire and Pt 3
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-seq uence.:

An amorphous silicate having similar compo-
Al sition also appears to be Involved in the diffusion3 9 1203 bonding of Pt with polycrystalline AI.O,. imply-

Glas ing a liquid phase mechanism. However, in this

instance, a continuous amorphous phase has been
identified at the interface. The apparent difference
in amorphous phase continuity ma% be related

either to compositional differences or to orientation
effects (associated with the basal plane in Al103
having a lower interface energ) with Pt than other
planes).

The enhanced sintering of A bonds induced by
Fig. 12. Low magnification micrograph of a Pt-grain bound- the crystalline SiO, layer may also be caused either
ary (G.B.) close to the interface, there is an amorphous layer by a greater diffusivity of the Pt (in either the SiO 2
filling the triangular opening. The mottled contrast in the Pt layer or at the SiO 2-Pt interface) or by a relatively

regions is caused by ion milhng damage. smaller Pt-SiO2 interface energy compared with

Pt-AI20 3. The present experimental results are
are flat and well defined. The crystobalite layer is unable to distinguish between these possibilities.
about 60-70 nrm thick. There is no evidence of either However, the absence of alkali impurities, such as
Al or Ca in the layer at the resolution limits of the Ca, which allow this phase to remain crystalline,

EDS system. The absence of such elements probably
accounts for the formation of the crystalline SiO 2
phase, rather than the amorphous phase formed
with the polycrystalline Al 203. Several twins were
observed in the crystobalite. The twin plane is of the

(01 T)Lc-type and is perpendicular to the interface.
Occasionally, twins parallel to the interface were
observed. Low crystobalite is extremely radiation
sensitive. After approximately 20s in a focussed
200 kV beam, the illuminated region becomes com-
pletely amorphous.

7. DISCUSSION

7.1. Diffusion bonding

Differences observed in the diffusion bonding
characteristics in the Pt-sapphire system found
between A and B bonds, as well as between A
bonds with and without SiO2 , provide important

insights. The complete diffusion bonding evident MA20J3 0 O "
I with P I-onds suggests more rapid diffusion induced opt

by the .ri.Torphous silicate phase created by the Ca, 0*2
Si impurities. This could occur by a liquid phase Ca0
mechanism, assuming some solubility of the Pt (D*-0220

(and/or AlI,03) in the silicate [81. In support of this 0" 0 Q " "
hypothesis is the occurrence of the silicate phase at 0 0
the interface "voids" (Fig. 4).J One paradox with the
liquid phase mechanism that needs further investi-
gation is the apparent absence of a continuous phase 0. 0 0
at the interface, which would be needed as a rapid

Iis observation only appears explicable if precipi- 0 0 0
tation occurred at interface voids during cooling, by b
exsolution from the Pt: a phenomenon documented in

the Nb-AIO, system [101. Fig. 13. (a) Experimental and (b) computed zone axis
:A continuous phase present at the bonding temperature patterns for the [2T.0JN[l[1001 orientation relation. Note that

is not precluded by the TEM conducted at room the Pt crystal is slightly misaligned in the experimental
temperature. pattern.

I
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Fig. 14. (a. c) Experlir - tal and (b. d) computed zone axis patterns for respectively the Pt-crystobalite and

the crystobalite-apphire interfaces. 3
would diminish the diffusivity c, inp. red with the oxide glasses [11]. Furthermore, the linear increase in

amorphous silicates. fracture energy with increase in Pt layer thickness
infers an influence of plasticity on rI in qualitative

7.2. Fracture resistance accordance with models of the effects of plastic

The overall comparisons between the measure- dissipation [4].
ments of fracture resistance and the characteristics of The consistently larger F, obtained for Pt-sapphire
interface structure have revealed some important bonds than for Pt-A12 01 indicates that this interface
trends. The interfaces formed with polycrystalline has an intrinsically greater fracture resistance than

A120 3 resulted in a lower fracture resistance than that associated with the amorphous layer. However,

those formed with sapphire. The thin, amorphous the differing fracture characteristics for the A and B

silicate layer present at the interface with polycrys- bonds indicate important effects of impurities on the

talline Al20 3 appears to have a key influence on the fracture resistance. Present evidence suggests that the

fracture resistance. This assertion is consistent with effect relates to debond nucleation in the crack tip

the magnitude of the fracture resistance as extrapo- field, at the silicate ridges formed by the Ca, Si I
lated to zero Pt layer thickness (FI m 4 Jm- 2), whic¢ inm'urities [Fig. 6(c)], rather than by homogeneous

is about equal to the bulk fracture resistance of segregation. Since these ridges are amorphous, they 3
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Sfound in the A bonds has previously been reported
AIO3 5 2 for both Cu and Pt on sapphire III: the lattice

mismatch was 66:65 for Cu and 120:121 for Pt.
"However, contrary to previous assertions, these lat-
tice mismatch ratios should not be used as "expla-
nations" for the observed orientation relations. When
two hexagonal networks with different lattice par-
ameters are superimposed in an arbitrary orientation.
it is always possible to find three atoms of the top
lattice which coincide with three atoms of the sub-
strate. This coincidence only requires a rigid trans-
lation and an arbitrarily small change in lattice
parameter of one of the two lattices. Such a change
effectively results in a lattice mismatch parameter of

Fig. 15. Low magnification micrograph of the crystobalite unity, when computed with respect to these atom
layer at the interface. The arrows and indices indicate the positions. Therefore, this parameter is not a good
normals to the planes parallel to the interface (close packed indicator of possible orientation relationships. The

planes in both sapphire and Pt). locations of the three coinciding atoms define two
vectors, which can be used as the base vectors for
a coincidence lattice. All distortions and modu-would be expected to decohere at fracture energies lations at the interface must be periodic within this

characteristic of that noted above for the amorphous superlattice (introduced as the "0"-lattioe (121).
interface formed with the polycrystalline Al 20 3. Fur- A first principles approach is not possible with the
thermore, the high density of such ridges found in B current state-of-the-art algorithms. The number of
bonds produced with the thicker (100 pm) Pt foils is atoms required for such a computation far exceeds
qualitatively consistent with the important influence capacities. Most of these techniques require an input
of the ridges. Otherwise, the thicker layer would be structure for which the total energy is minimized with
expected to have the higher Fr, as found for bonds respect to the lattice parameter. The introducton of

between Au and sapphire 15], as well as the bonds imperfections along the interface would then require

between Pt and polycrystalline A1203. a priori knowledge of the atomistic equilibrium

The interface fracture mechanism in B bonds, coin- structure of the interface.

pared with A, must also reflect differences in interface An alternative approach e.3, 14] uses the reciprocal

orientation. The essentially random Pt-Al 203 inter- base vectors corresponding to the coincident site
face orientation exhibited by B is presumed to cause superlattice, plus a model interaction potential, and
the interface between ridges to have a lower work of computes the interface energy as a function of misori-
adhesion relative to the epitaxial interfaces prevalent entation angle. The necessary input for such a calcu-
in A. Consequently, the debonds that originate at the lation is the potential energy of a top layer atom as
silicate ridges are able to extend and coalesce along a function of its location above the substrate. For the
the Pt-Al 2 03 interface, resulting in crack growth Pt--sapphire system, such a potential might be derived
[Fig. 6(c)). Interface crack growth by debonding from a self-consistent cluster molecular-orbital model
ahead of the crack previously has been found for the [151 for contact between the transition/noble metals
Au-A120 3 system [5]. provided that stress corrosion and sapphire. This potential function could be used
is suppressed by excluding moisture from the test to minimize the energy across the interface plus
environment. The apparent absence of time depen- elastic energy due to the distortions in both materials
dent crack growth in Pt-Al2 0, bonds suggests that with respect to the Fourier components of the distor-
this system is less susceptible to stress corrosion, tion parameters. Again, the rotation angle between

consistent with the fracture occurring by debonding the two materials cannot be treated as a variational
ahead of the crack front. parameter, because the superlattice size depends on

The inability to debond the interface with the this angle. This approach will be pursued in future
intervening crystobalite phase contrasts with the rela- studies in an attempt to provide a rationale for the
tively low Fr, found when an amorphous silicate phase observed orientation relationship.
forms at the interface. The epitaxial nature of the
bond from Pt to SiO 2 to Al203 undoubtedly accounts
for the good bonding. It remains to be determined
whether a high fracture energy occurs between Pt and S. IMPLICATIONS
polycrystalline SiO 2. A major finding of the present research has been
7.3. Interface structure and bonding the duality associated with the presence of an amor-
7aphous phase between ceramic-metal interfaces. The

The 000)l1I [llll; (21.0)11(I 21) (19.1' or 10.9') amorphous phase accelerates diffusion bonding and
orientation relation between Pt and basal sapphire results in an interface with a small area fraction of

I
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THE EFFECT OF REACTION PRODUCTS ON3 THE FRACTURE RESISTANCE OF A

METAL/CERAMIC INTERFACE
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Materials Department. College of Engineering. University of California, Santa Barbara. CA 93106-5050.

U.S.A.

3 (Received 15 June 1992)

Ahuract-Solid state diffusion bonds between a Ta(Ti) alloy and AI20 3 have been used to study the effect
of reaction products on the fracture resistance of a metal/ceramic interface. The reaction layer conmts
of brittle intermetallics, consistent with the Ti-Ta-Al ternary phase diagram. The interface fracture energy
r, was found to be dominated by periodic tunnel cracking of the reaction products, and was relatively
insensitive to layer thickness, because of the self-similar nature of the periodic cracking. The contribution
to F, from plastic dissipation within the alloy was minimal because the intervening reaction layer inhibited
yielding. A sequenee of cracking observations was used to bound the unknown values of the fracture
product/sapphire interface.

1. INTRODUCTION required for crack propagation, have been shown to
n bdepend on the phase angle of loading (the relativeMany metal/ceramic bonds form reaction prdut shear at the crack tip), the modulus mismatch and

[I, 2]. The effects of these reaction layers on interface the relative fracture energies of the constituents.

fracture are disparate, as illustrated by two examples. Such analogies will be used to facilitate interpretation

(i) In the system Ni/A1203, the formation of a of the behavior found at metal/ceramic interfaces

NiAI20 spinel layer decreases interface tensile onthe beavior foda cts.

strength [3]. (ii) Conversely, in the NiO/Pt system, the containing reaction products.

formation of a NiPt interlayer bicreases the interface
shear strength [4). The morphology and mechanical 2. EXPEUMENTAL
properties of the reaction products are expected to be
responsible for such diverse behavior. The Ta(Ti) alloy was produced in an argon atmos-

Interface fracture has been observed to proceed in phere arc melter, with composition 0.67 Ta-0.33 Ti,
one of three ways: (i) within the reaction product chosen in order to minimize thermal misfit between
layer itself, (H) at either of the interfaces and (iii) on the alloy and the sapphire [12). After homogeniz-
an alternating path between the interface and the ation, the material was cold rolled to I mm in thick-
reaction zone. These observations have been on the ness and mechanically polished. The sapphire plates
systems, TiAl/Nb (5], Ti/AI2 O3 [6] and Hf/Si3 Ni [7), were 250 #m in thickness, having random crystallo-
respectively. However, there is little understanding of graphic orientation. Bonds were fabricated in the
the relationships between the properties of the reac- geometry indicated on Fig. 2(a). The bonding tem-
tion products and the interface fracture mechanisms. perature was I I 00°C. Bonding was conducted subject
To provide new insight, the present study has been to a compressive stress of 3 MPa for 1/2 h at an
conducted on interfaces in the AI,0 3 /Ta(Ti) system ambient pressure of 10-' Torr. The cooling rate was

that forms intennetallic reaction products consistent 50C/min. In addition, some of the bonds were heat
with the Ti-Al-Ta phase diagram (Fig. 1) (81. treated at I100°C for 120h in order to increase the
Measurements and observations of interface decohe- reaction product layer thickness.
sion in this system will be used to establish the Specimens for mechanical testing were prepared by
dominant parameters affecting fracture, including the careful diamond sawing and polishing to dimensions
fracture energy of the reaction products and the -25 x I x I mm [Fig. 2(b)). A precrack was intro-
residual stress within the layer. duced in the sapphire perpendicular to the interface

The existence of a variety of fracture paths at by first indenting with a Knoop indenter and extend-

metal/ceramic interfaces containing reaction prod- ing the associated radial crack to the interface by
ucts has analogies in the failure of brittle adhesive loading in three-point bending. The sample was
joints [9-111. In particular, the occurrence of either subsequently loaded in four-point bending, causing

interface or adhesive failure, as well as the energy the crack to propagate along the interface. The mixed
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Ti diffusion through tile lI, r into ,olution in the allo\. 3
~hih dt' n o~\ cn inkElectron diffraction and

S 2C ncr disperi•sc \-rai iEDSi measurements in the
TEM. plu, X-r% ditlraction results in coniunction

TAA <.%ith the Ti-Al-Ta ternar (tFig. 1). identified a

0 2
6O 40.~40 60 12

/20 T 80A Týs

W

Ta týAl
80 60 40 20

-- at.% Ta

Fig. 1. Ti-Ta-Al ternary phase diagram.

mode interface fracture resistance F' at a phase angle
S% 50, was then obtained from the load required to QI
extend the crack [131. In situ observation in the SEM

allowed detailed study of the cracking mechanisms.
Finally. in order to explore the effect of the loading
mode on the fracture mechanism, in some cases. mode I
I cracks (;P % 0) were introduced at the interface, by a
emplacing 200 N Vickers indents in the A11,O1. near
the interface.

. RESULTS 200 nm

3.1. Reaction products 
3I

Bonds produced at I 100 C for 12 h had reaction Al
products with a thickness of --5m [Fig. 3(a)].

Energy loss spectroscopy (PEELS) measurements in
the TEM indicated an absence of oxygen within the
reaction layer, at the detectability limits of the tech-
nique, consistent with the reaction products being
intermetallics. The formation of intermetallic (rather I
than oxide) reaction products reflects rapid oxygen

0.25mm£

1 5mm (1

I
PrFcrack

___ __ ___ __ IT
25mm

Fig. 3.Micrographs showing reaction product morphology.
(a) TEM of 1/2 h bond. The intermetallic 7-TiAI adjoins the(b) sapphire. the (-phase is formed adjacent to the alloy, with

Fig. 2. (a) Schematic of geometry used for diffusion bond- 2.-Ti, Al intervening (b) TEM of 120 h bond. y is continuous
ing. (b) Test specimen geometry for measuring mixed-mode and adjacent to the Al O,. with intermixed a and a2

interface fracture resistance. comprising the remainder of the layer. I
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" The bonds subsequently heat treated for I20 h at
I IMt) C had a reaction product laN cr -_ 2oP m thick.
The - phase %as again continuou- and adiacent to the
sapphire. but its thickness had increased t, pm.
The remainder of the reaction zone consisted of
intermixed Ia~ers of the ey and 7- phases [Fig. 3(b)).
Prior to testing. no cracking %~as xisible in the
reaction lasers.

3 3.2 .Mechanical characteristwi.

Precracks in the sapphire were found to penetrate
the reaction product layers and arrest at the reactionIi
product metal interface (Fig. 4). Subsequent loading

. .•-in four-point flexure caused cracks to propagate
'-. along the interfacial zone. Crack growth occurred

Reection subject to mixed mode fracture energies. F, 18 Jm-
roIc at 41 - 50. Two types of cracking were observed. (i)

The main interface crack propagated along the
-* ;AI,03 interface. (ii) Periodic branch cracks formed
in the reaction product layer.

In the specimens with the thinner reaction layer, the
branch cracks were spaced approximately 9pumI k apart, inclined at an angle, 0 . 40 , to the main crack
(Fig. 5) and always formed in association with the

- interface crack tip. Removal of the sapphire layer
TaITiJ 1.0 pm after testing showed that these were surface traces of
I cracks that tunneled in from the free surface (Fig. 6).

Fig. 4. Precrack penetrating the reaction product lavers and crkstatunldifomheresrae(Fg )

terminating at the reaction product alloy intersace. For the specimens with the thicker reaction products,
the branch cracks were spaced -30#pm apart and
inclined at 0 z 60. Furthermore, their formation was

sequence of three phases: -,, ot, and a. The - -TiAI disassociated from the parent interface crack (Fig. 7).
was adjacent to the Al.O•, and a adjacent to the being manifest as a discrete damage zone. One end of
alloy, these cracks terminated at the reaction product/alloyI

I
i

TalTi) cracks pm
Fig. 5. A mixed-mode crack propagating along the sapphire/reaction product interface. 1/2 h bond. Note

the appearance of periodic branch cracks.3
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interface, but at the other end often deflected along requires that the tloo ing iequahlit applies.
the reaction product A.:O, interface. F, F- < b. Conscquentrl. \, I. - Jm i : on U

The mode I interface cracks produced bh indenta- rhombohedral and prismatic plin,. [! ]. it t, required

tion propagated along the , AIO, interface iFig. S) that the - Al:O interfaces hax-c a fracture energy.
Such lractures were not accompanied b% periodic 1-1 < 4Jm , .
branch cracking in the reaction products. A precise The incidence of tunnel cracking pro ides•,,ombintd I
determination of the mode I fracture cnerg\ could not information about the fracture encre. of the reaction
be obtained becau-e of the distortion of the indenta- products. T. and the residual stress. r, One bound
tion. Howe'er. use of the indentation toughness on the F (J relatiC" h-ip is provided b\ the ocurrence 3
formulae 11I1 combined with the obsermation of ol crack kinking A. thinner reaction la'er during
extcnsive interface cracking inferred a low Nalue. interface crack grvý% th. Another bound can be derived
F. < 10 im - from the absence of residual strcvA cracking in the

thicker bond. Interface crack kinking is go% erned by I
4. ANALYSIS the magnitude of the parameter. tj. defined as 116)

The measured interface fracture energies may be ?I UR Crl- EF, 1 (2)
rationalized in terms of the mechanisms depicted in U
Fig. 9. The principal contributions to the fracture

energy arise from three terms: (a) the energy dissipated
by periodic cracking of the reaction products;

(b) cracking of the 7' IAl0O interface: and (c) the
residual strain energy released by the cracking of
the reaction products. The first and second terms
are positive, while the third term is negatire. These
three contributions to the fracture energy F, may be
expressed as

F,=(hidsinO)F + F1 -a a /2E (1)

where h is the reaction layer thickness, d the periodic
crack spacing, 0 the periodic crack angle with respect Tunnel
to the interface. T the fracture energy of the reaction crocks
products. oR the residual stress in the reaction product
layer. E the plane strain Young~s modulus of the layer.
and Fr the fracture energy of the - !AIO, interface.
Plastic dissipation is assumed to be negligible because
the intervening reaction product layer inhibits yielding
of the alloy, by reducing the Mises stress below its
yield strengtht.

The fracture energy given by equation (1) is depen-
dent upon three unknown factors: (i) the fracture
energy of the y/AI, 0O interface, (ii) the fracture energy
of the reaction products and (iii) the residual stress in
the reaction product layer. Several independent obser-
vations and analyses of both interface and reaction
product cracking may be used to provide information
about these factors. This information may then be U
used to rationalize the measured values of F1 .

The observation that tunnel cracks in the thick
reaction zone deflect along the y/AI:20 interface
(Fig. 7) provides an upper bound on the interface
fracture energy. FI. This bound is obtained by using
the criterion for crack deflection along an interface
[15, 16]. This criterion may be expressed in terms of
the fracture energy ratio, Fr1 Fs, relating the y/AIO0 U
interface fracture energy r, to that of sapphire, Fs, as
a function of the crack inclination, 0. For the I
measured crack inclination, 0 = 604, this criterion Edge of somple

Fig. 6. Plan view of the reaction product layer subsequent
tThe Mises stress in the alloy [a, t(ET,/67th)'j is about to the removal of the sapphire, showing tunnel cracks in the

250 MPa. compared with a yield strength, a. % 700 MPa. reaction products (thin layer. 1.2 h bond).
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ALL. Yt Uppera and , Op, (MPa)3
Fig. t 1. Uppe lower bounds on the relationship be-
tween T and as established by crack kinking and tunnel

Fig. 9. Schematic of cracking mechanisms. cracking reqouirements. The allowable am /T le governed by
the fracture mechanism is superimposed. The admissible

values of a, and r are identified. 3
where x is the incipient flaw size in the reaction
product, at the interface. For kinking to occur, n ,(Ta . 1osqu-ls the pr ectedi descripttnmust exceed a critical value, dependent on the ratio abl ) Consequnl, t9 e Re ding desrptono

of the fracture energy of the reaction products to that interface fracture is self-consistent if the inferred
of the interface, f 1rd and the loading phase angle, * values ofb T and to are compatible with available

(Fig. 10). By assuming that the undulations along the information about Ti intermetallics.
interface are the incipient flaws (x k- I 0/m), the kink- The inferred fractur energy of the reaction prod- o
ing criterion provides the upper bound relationship ucts, r & 18 im -2 , is of the order expected for brittle

between F and am, plotted on Fig. 1.. solids, but lower than reported values for the bulk y
Residual stress induced tunnel cracking in a n and a phases [5,r19). Relatively low values may be

tion product layer occurs when the ridual stres, am expected in the presence of dissolved oxygen, whichI

exceeds a critical value, a bo given by [181 has been shown to substantially reduce the room

= 1.12 ~temperature ductility of y [20).
relato plod 1 F. 12J 1. () aResidual stress arising solely from thermal expan-

Consequently, the absence of spontaneous tunnel sion misfit would require a themal expansion co-
cracking in the thicker layer (h t 20 pm) provides the efficieit for the raction products to be in the range,
lower bound relationship between F and ar, plotted a t Z 10 X 10-' C-', to provide consistency with the
on Fig. 11. inferred, om -- 450 MWa. Values of thermal expansion1

Yet another relationship between F and a,, is in this range are typical for Ti intermetallics [21).
provided by equation (1). The independently It thus appears that the interface cracking phenom-
measured values of F, h, d and 0 ae used in ena represented by equations (iH3) and Fig. 10,

conjunction with F,, evaluated above, to give the provide a consistent description of action product
relation plotted as an overlay in Fig. 11. The allowed effects in the Al20 ,/Ta(Ti) system. However, inde-
values ofT and , must be located on this line and lie pendent measurements ofmi and amp would be needed
within the above bonds, such that the required to fully validate the preceding phenomenology. This
magnitudes are: F ~ 18 Jmr2 and u,, =450 MPa has not been possible in the present study, because of

the experimental difficulties involved in unambiguous
measurements of these quantities in thin reaction

.. product layers.3

0.8 715. REMARKS

0.6 Fracture of the Al2 03/Ta(Ti) interface in mixedI
mode is found to be dominated by periodic cracking

0.4 of the reaction products, despite the low fracture

02 energy of the parent interface crack. The periodic

0 _ __ Table I. Summary of interface properties
0 to 20 30 40 W0 so 70 so 00 R=iduahrmef, 450 MP&

Pha~eAi@ e • L.O•,k • Interface fracture enerlp (TrAI/Al•O)r, a 4 Jm - 2
Reaction product fractureeeryr, r I&Jm- 2

Fig. 10. Predicted kinking diagram when residual stresses Incipient interface flaw size. x w I pm
exist: q is defined in equation (2). Kinking occurs when I, I/ Crack kinkidn parameter, q % 0.45

lies above the curve. Plane strain Young's of intermetallics, E f ISO GPa
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reaction product formed in this system are probably
responsible for this difference. le

In summary, interface fracture in the presence of a Op-20 u•
reaction product layer has been shown to depend 12-
upon the relative fracture energies of the interfaces
and reaction products. the residual stress within the
layer and the mode of loading. In general, it is .0 e
prohibitively difficult to access independent infor-

mation about all of the necessary properties of the
reaction products. However. a variety of cracking 4
observations, in conjunction with simple models. may No T~

be used to understand and rationalize interface crack- -

ing phenomena and associated fracture energies. 0 2 4 6 8 10 12
Finally, it is apparent that there is no single cri- Distance Ahead of Interlace Crack (pm)
terion for predicting interface failure, when reaction Fig. Al. Distance ahead of crack at which stress exceeds

products exist. critical tunneling stress, as a function of layer thickness.

1
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APPENDIX t the crack exccedt ihe tunnel cracking reqwimnent. given 5
b,. equation it For a simplified situation. repmrented by

Periodic Crackinif ol Reaction Products an elasticalk homogeneous solid, the aserage stress d caused
h% the interlace crack. along the normal to a tunnel crack

The observed transition with reaction layer thickness in traiectory. can be readily obtained from standard elastic
the periodic cracking mechanism--from a frontal damage tormulac. This stress d. Ahen combined with am (Table 1),
zone to crack front kinking---can be addressed by examining indicates the distance. i. ahead of the interlace crack at

the stress held in the reaction layer ahead of an interface %khich a tunnel crack ma% form. as a function of layer
crack. A frontal damage zone is expected when the net stress :ýickness and residual stress. The result is plotted on Fig. Al
in the laver iresidual plus applied) at a finite distance ahead for an interface crack expenencing , = 4 Jm
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THE FRACTURE RESISTANCE OF METAL-CERAMIC3 INTERFACES

A. G. EVANS and B. J. DALGLEISH
Materials Departmnet. College of Enwineennrg. University of California.

Santa Barbara. CA 93106-5050. U.S.A.
Absuiect-The effects of interface structure and microstructure on the fracture enry r,. of
metal-ceraimic interfaces are reviewed. Some systems exhibit a ductile fracture mechanism and others failU by brittle mechanisms. In the absence of either interphases or reaction products. r is dominated by
plastic dissipation (for both fracture mechanisms). leading to inportant effects of metal thickness. h.
and yield strength. or.. Additionally. F, is larger when fracture occurs by ductile void grow-th (for the
same h and a.). A fundamental understanding now exists for the ductile fracture mechanism. However.
some basic issues remain to be understood when fracture occurs by brittle- bond rupture. particulairly
with regard to the role of the work of adhesion. W.,. Intuephases and reaction products have been shown

lur enrgyof heinterphaseitefwhrirtnstinraefrteiepaesquc:ampos
oxde >crstllneoxides > inemtlis oee.there as pert eipratefcso hI residual stresses in the interface (which influence the fracture mechanism) and the laver thickness.

Rdini--On fait sine revue des effets de Ia structure et de In microstructure interfaciales sur leinergie de
rupture. r,. des interfaces mesal/ciramique. Certains systinses montrent sin micanisime de rupture ductile
et d'autres cassent par des mecanisines fragiles. En l'absence soit des interphases, soit des produits deIreaction, riest domine par Is dissipation plastique (pour les deux memanismes de rupturei. ce qui conduit
a des effets importants del'epaisseurdumietal, h.et de talmite aastique.ca. Depluis. rest plus grande
qttand In rupture se produit par croissance ductile des cavit6s (pour les mimes A et so). 11 existe maintenant
une explication fondamentale dui mecanisme de rupture ductile. Cependant. certaines notions restentI encore a expliquer lorsque In rupture se produit par rupture de liaisons fragiles. en particulier en ce qwi
concrnse Itr6le dui travail dl'adhiesion, Wd. On montre que les interphases et lit produits de reaction
ont un eflet important suir r,. Par l'expiuienoe, on trouve tine tend&=c ginirale de r, a suivre leknergi
de rupture de l'interphase elie-raime, c'est..&-dire i croitre dana I& seuenc d'interphases: oxydes
amorphes > oxydes cristallis6s > internktalliques. Cependant. lea effets des contraintes risiduelies a
l'interface (qui influeneant le micanisme de rupture) et de rMpuisseur de Iii couche apparaissent importants

Zrninm~ul-Der Ein~ufl von Grenzflchenstruktur und Mikrostruktur auf die Bructienerge 17,
metall/keramischer Grenzflchen wird zusanimenflassenid beschrieben. Linige Systeme weisen Mechanis-
men des duktilen, andere des sprflden Brudlies auf. Del Abwesenheit entweder von Zwischeniphasen Oder
von Reaktionsprodukten wird r, dominiert von plastischer Dissipation (bei beiden Bruc" haiurc
Das fu-hrt zu wichtegent Effekten der Metalldicke h und der Fliealestigkeit co. Asiflerdem ist r, gr6fler.
wenn der Bruch fiber duktiles Porenwachstum (bet selbean h und as) abiliuift. Der duktile Bruchinechanis-
mus iat jeW gut verstanden. Anderermerts muisse nosh eimpg grundlegende Punkte gekliar werden. wean
der Bruch fiber spr6den BindungsriB abiliuf~t, insibesondere in Hiablfick auf die Rolle der AdhIsionsarbeit
W~d. Es ist gezeigt worden, dall Zwischenphse und Reaktionsprodukte F, erheblich beeinflussn. Ein
allgemeiner experimentell gefundener Zusammenhang ist. dal 17, mit der Bruchenergie der Zwiscbenphase
selbet skaliert; hierbei neig r, zu immer groflerein Werten in tolgender Reibienfolge der Zwischenphasear3 amorphe Oxide > kuistafline Oxide > intennetailiache Verbindungen. Allerdings scheinen such wichtige
Einfiisse von Restspannungen in der Grenzflice (welchec den Bruchinechamimus beeinflussen) und der
Schichtdicke herzunfibren.

1. INTRODUCTON which cause stress concentrations at edges and dis-
continuities. The appropriate interconnections have

There have been many studies conceined with been addressed in previous reviews (1-51. The focus
the formation of metal-ceaic bonds and bond of this article is on the most basic mechanical propertyI strength. These investigations have established that of the interface: die fracture resistance, 17, A frame-
the overall mechanical response of interfaces result- work for discussing this property is presented in
ing from such bonds involves considerations of rev- Fig. 1. reflecting both the mechanisms of crack
eiral factors: including the fracture resistance r, and growth and the incidence of either reaction products
the magnitude of the interfacial flaws, a, as well as or interphases. Notably, crack extension can proceed
mismatches in elastic, plastic and thermal properties, either by ductile void growth in the metal adjacent to
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Ductile Brittle
Fracture Debonding

Fully 3od litcZn

NoMEAr WTALReaction
Products

or iý
lIntephaasesL ' ' EAI

Reaction
Reaction METAL Products M A

Fig. 1. A schemnatic indicating the various fracture mechanisms that occur in mietal-ceramic inwteraces.3

the interface (5. 61 or by brittle debonding along the
interface [7, 8L, perhaps accompanied by a zone of b
plastic deformation in the adjoining metal. The pre- 3i- e
ence of either reaction products or interphases intro- O Qs
duces additional mechanisms, such as mnicrocrack 4 10rh Yc S
coalescence within the interphiase (9, 101, and also 0) Deaumnnhhe u

encourages brittle modes of failure. In thi article, theI
fundamental ductile and brittle fracture mechanisms,
are addressed for interfaces that form without reac-
tion products (some of these systems are summarized
in Table 1), followed by consideration of changes
in behavior that arise when eother crystalline or
amorphous interphases are present. )WlpLo

To provide perspective, several pervasive issues

that must be rigorously ad~dressed in order to obtain

residual stresses, crack trajectories, pre-cracking. 4~f
Table 1. interfaces to be considered in this article uo

System Inteuphuain Coumeueaw
A1201-Au NaOW Am texture (7, 81 Q~ Mind Noft Nleum
A120,-Nb Naow AL 0 in solution in

MA'011Nb 120.28 mew

Ah0,0-Slihat&-Pt Amorphous ridges L-w r, (271 OWW
A1203-Al None Ductile (5.61
Al,O,-AI(Mg) M1 loaid Ductile (51 d) Smal 8pecmm

Al'O,-TI(TS) y-TMl Raidual tension in
a,.TiAi reactioni products Fig. 2. Sandwich test specimens suitable for interface frac-

e 19.101ture energy Measurements.
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Residual stresses caused by thermal expansion misfit at relatively high homologous temperatures (TIT.
can induce an appreciable energy release rate V, at > 1/2, with T. referring to the lowest melting con-
interface cracks [ill. These stresses are difficult to stituent). In fact, it has been difficult to identify the
measure and predict, especially when plasticity occurs low F, interfaces needed for reinforcement debond-
in the metal upon cooling after bonding. Test speci- ing in composites [19]. Nevertheless, W., is still
men geometries that minimize 9R are desirable and, expected to have major relevance to interface failure.
in some cases, essential. This objective may be Estimates of this quantity may be obtained from

achieved by using a sandwich geometry, consisting of measurements of the dihedral angle 0 associated with
a relatively thin metal layer bonded within the cer- the residual voids on diffusion-bonded interfaces.t
amic (Fig. 2). Then, only a small fraction of the A convenient procedure for obtaining 0, when the
residual energy is released upon interface crack- interface fails by a brittle mechanism, is to make
ing, because the metal remains bonded to the measurements on the fracture surface using the
thicker ceramic 112]. Furthermore, the magnitude atomic force microscope (Fig. 4). Then, W., is
of %t can often be computed for this geometry, obtained from 18, 20]
because bending effects on cooling are minimal.
The specimen design, as well as the expansion Wd=y0(l -cos0) (1)
misfit can also affect the ri measurement by influ-
encing the crack trajectory. Notably, when the where V. is the surface energy of the metal. An
interface crack is subject to shear loadings that important objective of interface fracture studies is
result in a negative phase angle, 0 (as defined in to ascertain relationships between F, and Wad. It will
Fig. 3), the crack may deviate from the interface be demonstrated that such a relationship may exist
into the ceramic, thereby preventing measurements for interfaces that fail by brittle debonding, but is

of Ti [2, 13, 14]. Specimens that provide positave not to be expected when failure occurs by ductile
* on interface cracks are thus preferred. Fur-
thermore, , must be known (from calculations) mechanisms.
because there can be appreciable effects of 0 on
the magnitude of F, [15-17]. Introducing a sharp 2. DUCTILE INTERFACE FRACTURE
pre-crack along the interface is another necessary
step in the measurement of r,. Attempts to accom- A limited number of metal-ceramic bonds are
plish this by locally contaminating the interface found not to be susceptible to brittle debonding at the
during bonding have usually led to inconsistent interface. The most extensively studied have been
results. Mechanical pre-cracking procedures after Al203 bonded to either Al or Cu [5]. In such systems,
bonding are preferred and specimens that facilitate interface fracture may proceed by the nucleation,
this procedure are emphasised. growth and coalescence of voids, occurring by plastic

The preceding considerations have resulted in a flow in the metal adjacent to the interface (Fig. 5)
number of test specimen choices, depicted in Fig. 2. [5, 61. The mechanism has the classical features of
Many of the data presented in this article have ductile fracture, modified by two factors: constraint
been obtained using the flexural specimen shown in and void nucleation.
Fig. 2(c), primarily because it has attributes that
address each of the above issues [2, 18]. In particular,
the phase angle (0 ; tr/4) encourages interface crack-
ing. Also stable pre-cracking along the interface can
be achieved in three-point loading. Moreover, uponL
loading in four-point bending (after pre-cracking), h

a steady-state energy release rate applies [18]: a3 condition that facilitates the acquisit~n of accurate

and consistent fracture resistance +wt. Moreover, 1 Clad"
when the ceramic is transparent (e.g. -,%&ie crystals), -,.0
direct observations of crack growth can be made
in situ in an optical microscope [7,8], leading to 1_ I € 0

vitally important information about the crack o.s
growth mechanism. O - 01

Most metal-oxide interfaces have been found to
exhibit a relatively high fracture energy compared 02

with the thermodynamic work of adhesion, W., 0,
provided that the bonding has been conducted 0 W2

Pham Angl o Loaing, W,

Fig. 3. A diagram indicating the region in which cracks
tOne objective of atomistic calculations is to determine the deviate from the interface, using fracture energy/phase angle

work of adhesion. space.

AMM 40/$-T



I
S29•K F%.NS and DAI.(jLLISII FRACTCRE RUSISIANCL OF INTFRF•(- S

0 4

0 3

E

S0,2
II

Horizon'tal displacemnent (ýLr)
Fig. 4. A void onl the fracture surface between Pt and AIO, and the AFM trace that can be used to obtain

the dihedral angle.

04 1

as,
Fig. 5. Fracture surfaces formed when the interface fails by a ductile mechanism, obtained for the
AI AL:O, system: (a) matching fracture surfaces at low magnification, (b) a high resolution view of the
AIO, side of the fracture surface indicating a network of Al attached to this surface caused by void
coalescence (see Fig. 1): note that each element in the network forms around a three-grain junction in

the AIO,, suggesting that these are the void nucleating features.
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The constraint arises when the metal exists as a thin
layer between two ceramics. This situation is manifest VW
within metal-matrix composites, as well as layered F g V

materials and in certain metal-ceramic bonds. In thin C-' -
layers, high hydrostatic stress d is developed due to A .- of C.c,,• r
inherent limitations on slip. This component of the
stress tensor is important because it dominates the
plastic void growth rate P, in approximate accord-5 eae with an exponential expression 122, PI/V -~
exp(#/ao), where eo is the uniaxial yield strength.
Consequently, by understanding trends in g/a0 , fac- I coo ..
ton affecting ductile fracture can be addressed. One
useful limit for interface ductile fracture is associ-
ated with an instability that occurs at large i/a0 [231,
which arises when this stress reaches a critical level.
This critical stress, 0, (while having some depen-
dence on the work hardening coellicient) is of order @ ---- O-----

[231 mR yove Vid Sm../h

Fig. 7. Trends in interface fracture energy with metal layer
dc/o60 - 5.5. (2) thickness when fracture ocurs by a ductile mechanism.

Of particular relevance is the elevation of hydrostatic
tensile stress a that occurs ahead of an interface crack ri = (vo4h)H(*) (4)
(Fig. 6) [24). These stresses attain a maximum at a
distance ahead of the crack a few times the layer where to is the yield strain and H is a function given
thickness. This maximum d.,, can be expressed in the by Varias et at. (24). A simplified interpretation of
form equation (4) is that the fracture energy is exclusively

governed by plastic dissipation, occurring at flow
SF[E*/•A~, •, N] (3) strength a0, fully contained within the metal layer of

thickness h. Furthermore, the layer experiences awhere f is the energy release rate associated with the plastic strain somewhat in excess of the yield strain co.
applied loads, a0 is the uniaxial yield strength of the Consequently, the dissipation per unit area of crack
metal, h is the metal layer thickness, N is the work extension must scale as, r, ~ AKeO. This trend in
hardening coerffcient and Fis a function evaluated by fracture energy with metal layer thickness and yield

Varias et at. (24J. Because the stresses &../vo can strength provides a simple framework for interpreting
attain large values, the void growth instability con- experimental results.
dition (equation (2)) can be reached. A useful bound The above bound is only applicable when the metal
is thus identified by allowing crack extension to occur layer thickness is small. For thicker layers, the num-
when or./oa satisfies equation (2), whereupon the her density of nucleation sites becomes important. In
interface fracture resistance becomes this case, the ductile fracture criterion is found to be

essentially the same as that of the homogeneous
K metals [251

Ir, %2a0X0 (5
where X0 is the spacing between nucleation sites. This
mode of fracture dominates when Xolh 3 0.1 124]

7. (Fig. 7). In this case, the majority of the plastic
K .00.4W dissipation is confined to the metal ligaments between

& 1the vo•d,: hence, the key length scale becomes the
0 15 spacing X0, rather than the metal layer thickness, h.I47 One observation suggest.. that the voids originate at

4.0 the interface (Fig. 5): analogous to void nucleation at
S-.. • "- hard particle interfaces in alloys. Hence, the interface

3.0 microstructure can have an important influence on the
10 fracture energy. The preferred interfacial sites for

nucleation are three-grain junctions [61 in the ceramic
* Wo I t o o' o -- 3 4. at the interface [Fig. 5(b)]. Consequently, in this

x /h range of metal thickness, the grain size of the ceramic
Fig. 6. Variations in the hydrostatic stress ahead of the crack D has an important influence on r1 , with D replacing

for a range of metal layer thicknesses. Xo in equation (5). The most vivid illustration of this
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gri size effect is in interface debonding in AI:ýO, A.

toughened b,. A alloys 161. When the A1,0 grain size - 3
is small (D < 2 Pmh. extensive debonding occurs
during crack growth [Fig- 8(a)] and the composite has
a high work of rupture. Converse,. when the grains .
are large (D > 10pum). the interface does not debond
[Fig. 8(b)] and the composite has a reduced work of -i crack frontQ_2.
rupture. Similar trends in void nucleation with cer-
amic grain size have been found in transverse testing I
of Al alloys reinforced with A1:O, fibres 126].

In summary, when interface fracture occurs by
a ductile mechanism, the debond energy satisfies
some simple rules. The dominant length scales are
the metal layer thickness, h. and the ceramic grain
size D, as well as the length ratio, D/h. At small DAh, ,. .
D is the important length and vice versa. In all cases, *.,. .

the stress scaling parameter is the uniaxial yield 7-" --. ", -
strength a,.

• . . "..• -. •", I
3. BRITTLE DEBONDING (a) " . '...

A number of systems have been found in which no
reaction products form and fracture occurs by brittle ' ":)":..
debonding. Such debonding differs morphologically :4

from ductile interface fracture in that there is no
metal attached to the ceramic side of the fracture 3

Fig. 9. Fractu surfaces observed in s3i in the optical U
microscope for cracks extending at the Au'AI,0 3 interface:
(a) moist air (RH 100%); (b) dry air indicating plastic

distortion.

surface (Fig. 1). Furthermore, there is no ceramic
attached to the metal, clearly indicating that the crack
extends by brittle bond rupture at the interface plane.
These interfaces are characterized by a well-definedinterface plane, when imaged at atomic revolution in

the transmission electron microscope (201. The inter-
face is typically faceted and there may be some of the
ceramic in solution in the metal and vice versa,
resulting from interdiffusion during diffusion bond-
ing. The systems that have been most extensively
studied consist of Al203 bonded to Au [7, 8]. Pt [27]
or Nb 120. 28) and SiO, bonded to Cu 129]. A coherent
model that characterizes the interface fracture resist-
ance when this mechanism occurs has yet to be U
devised. However, certain general characteristics are
apparent. (i) The fracture energies are appreciably

Ib•) larger than the work of adhesion, because plastic

Fig. 8. Incidence of ductile debonding between Al a dissipation in the metal accompanies interface crack I
inforced A203: (a) extensive debonding in materials with a extension, leading to effects of metal layer thickness
2 pm grain size, (b) absence of debonding in a material with and yield strength. (ii) The interface can be embrit-

20jum grain size. tied by environments that induce stress corrosion,
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20C

4- / ;.

-- '25 , e. 'tI r~ :°-

0 10 I'mso C5 25'C..

2 3 4 5 6

Crack Length a (mm)

Fig. 10. Interface fracture resistances for the AIlO,-Au Fig. 12. Slip steps on Au fracture surface associated with
interface, ligaments that bridge the crack surface. indicative of exten-

sive plastic strain.

suggestive of a scaling between r, and Wd analogous crac growth rate, on the a energy release rate 4 1301.
to that in homogeneous oxides and in liquid metal Bralk wth the benvr rexes and metals,
embrittlement. (iii) The interface microstructure is By analogy with the behavior of oxides and metalsg
important through its effect on the density of debond the inference is that the crack growth rate in stage I
nucleation sites. (iv) The fracture energies are con- has the form
siderably smaller than those obtained when the inter- a = ao(•/iT° (6)
face fails by ductile fracture. (v) Interface crack growth
can be subject to resistance curve behavior associated where F? is the interface fracture energy when stress
with intact ligaments that remain in the wake of the corrosion is absent and the scale velocity do depends
propagating crack. Each of these points will be on relative humidity. Further measurements are
illustrated by examples taken from the above systems. needed to validate this behavior.

Stress corresion effects have been most vividly When stress corrosion is excluded, crack growth
demonstrated for the Cu-SiO2 [29] and Au-AI20 3 [7] involves several additional features, including resist-
system, but are probably widespread when interface ance curve behavior [8, 29] with large associated values
fracture occurs by brittle debonding. The responsible of the fracture energy, Fi (Aa) (Fig. 10). Crack
environmental species is water, as demonstrated by extension proceeds by debonding from voids on the
dramatic effects that occur upon excluding moisture interface ahead of the crack [Fig. 9(b)], leading to the

manifest in the fracture energy and the morphology incidence of alternating debonding on both interfaces
of the fracture surface [7]. When moisture is present, (Fig. II). In turn, this causes intact ligaments in the

,F is low (but still larger than 1I+.) and the metal side crack wake. These ligaments are subject to extensive
of the fracture surface is relatively undistorted plastic distortion (Fig. 12), implying that they are the
[Fig. 9(c)]. When moisture is excluded, F, is substan- source of the rising resistance curve behavior noted
tially larger and the metal fracture surface experiences in Fig. 10. Verification of this premise is achieved
substantial plastic distortion [81 [Fig. 9(b)1. Further- by removing the ligaments through exposure to a wet
more, interface crack growth subject to stress cor-3 rosion appears to have the classical dependence of the __o

175

I II125 Dry N, 1, r ,
100.

.1 75.1

50 - ---- #

25 Ligamnent
DetacdimeqiU0 I 2 3 4 Is 6

Crack Length a (mnm)

Fig. 13. The effect of removing the ligaments by stress
corrosion on the resistance curve. Note that after the

Fig. II. Alternating debonding at the two interfaces formed ligaments have been removed, the original resistance curve
in a thin layer between Au and A1,03. is duplicated.I
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atmosphere under stress in order to stress corrode the I 3
ligament interfaces 181. When this has been accom-
plished and testing is continued in a dry atmosphere, A-0
the fracture resistance reverts to its original level and
the initial resistance curve is duplicated as new lip-
malts develop upon further crack growth (Fig. 13). Na..
With this confirmation that the risng resistance is c.wm
governed by plastic dissipation in the ligaments, the 3resistance effect can be readily simulated [8, 311. The P/_,_DOW
salient non-dimensional parameters are ral/F and
o(.fi~H/2Ej]"4 (a/H), where fA is the fraction
of interface area subject to intact ligaments and H
is the beam thickness. Numerical simulations for
large-scale bridging (Fig. 14) are consistent with
experimental measurements, including independently
obtained information aboutfA and oq. Based on this
understanding, it should be possible to design inter- F IS. A s of t f around an interface
faces that have high fracture resistance. One inter- ca5ck that fails by featune dadintf
eating approach, demonstrated for Cu-SiO2 , is to
introduce morphological features on the interface U
that increase the ligament area, f, [29]. illustrated in Fig. 15. Atomistic calculations of

The most basic interface fracture resitance is that bond separation indicate that stresses of order #/100
occurring upon initial crack extension (Aa -, 0), dea- (or >10 GPa) are needed at the crack front to
ignated fr. Limited data on A 20-Au indicate that ca rue upture. However, continuum elastio-plastic

ro increases as the metal layer thickness incr calculations indicate that the seases cannot eareed

"indicative of an influence of plastic dissipation, but - 3-5ag [24L (or <I GPa for Au, Pt, Nb). The
is much smaller than the resistance expected when missing feature is an intervening zone, not described I
fracture is ductile (Fig. 7). Furthermore, results for by existing continuum formulations, having radius of
AIO,-Nb [28] suggest important effects of yield order l10-103b (where b is the Bure's vector) (32).
strength. These measurements, coupled with obser- This zone contains a distribution of dislocations that
vations of extensive plastic distortion [Fig. 9(b)], allows the stress to build up to that needed for bond Iimply an important role of plastic dissipation. rupture. A representation for this zone compatible

Dimensional analysis based on a brittle debonding with the boundary conditions asciated with the
mechanism with plasticity identifies the following surrounding continuum elastic-plastic material has

basic parameters: r/loW1 , qohl W., N. An empirical yet to be provided.
fit to limited experimental data for AIO,-Au based
on these parameters (neglecting N) suggests the 4.EC OF
approximate relationship []Two types of interphase have been identified: (i)

W.h/W, + IJta. (7) Crystalline reaction products formed by interdiffu-

Such empirical relationships based on non-dimen- sion that can be rationalized from phase equilibria
sional parameters provide guidance for basic studies and kinetics. (ii) Amorphous phases formed either by
of interface fracture in accordance with this viscous flow of a phase that pre-ext in the ceramic
mechanism. or by reaction. A smple conclusion baoed on various

A key fundamental problem in modelling and measurements of interface fracture in interphae
predicting relationships between rI and W, is dominated interfaces is that 1, is often dosely related 1

to the fracture energy of the interphase material
itself. Notably, amorphous interfaces lead to gi
in the range S-lOJm-1, crystalline oxide inter-I

. phases 10-20Jm-2 , and intermetallic intefphass,
20-40 J m-1. This ranking has important exceptions
elaborated below, but generally seems to apply
despite considerable complexity im the local details of
interface fracture. The bane pheno-ea ame

----------- __ _ cussed with reference to results for the followim
0 o0 0.4 , 0, ,0 1 , 1A 1A systems: (a) A12%O bonded to Ti-Ta alloys which

No OS&LaCndanp (Z/4n)'1 (S/lh form intermetallic reaction products [9, 10, (b) Pt
Fig. 14. Simulated reiance curves baed on large-scal and Au bonded to commercial grade AI20 which
bridging by metal ligamenitsr tal reslt are stper- forms an amorphous oxide interphase during bond-

pond. ing and (c) Pt bonded to sapphire with interphases
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consisting of either crystalline SiO2 (cristobalite) or 40

an amorphous Ca silicate 127]. A preliminary obser- A
vation is that interphases typically facilitate diffusion L&AI

bonding. leading to diminished residual voids and E 30

defects, as exemplified in Fig. 16 for the PI-sapphire a s

system, with and without interphases. Enhanced
diffusivities within the interphase are probably
responsible for this phenomenon. However, the frac- 1 ,s

ture energies of bonds with interphases are typically . .
lower than those found for directly bonded U.

metal-ceramic interfaces.
Fracture energy results obtained for either Au or Pt 0o 0 2 40 so so 100 20 104o

bonded to commercial grade A120 3 (Fig. 17) indicate Meta Th•lcnss (Aim)
that fracture energies F, approach -6 J m - as the Fig. 17. Trends in r, with metal layer thickness for interface
metal layer thickness tends to zero, where plastic between Au or Pt and commercial grade A120,.
dissipation effects become negligible. Observations on

these systems reveal that an amorphous layer is
,• present on the AI.,O, side of the fracture surface

(Fig. 18) and occasional oxide particulates on the

metal side. Thus, while fracture appears to occur
predominantly at the metal-glass interface, neverthe-
less, the fracture energies are similar to that for the
glass itself. Furthermore, r, is considerably lower
than that for either Au or Pt directly bonded to
A120 3, described above.

When Pt is bonded to sapphire with an intermedi-
ate SiO 2 layer, this layer is found to be crystalline andEE epitaxial (Fig. 19), resulting in a high fracture energy,
ri >40 J m-2. However, when Ca is also present,
amorphous ridges form during diffusion bonding,
located at intersections between the sapphire and
grain boundaries in the Pt. These ridges are evident
on fracture surfaces (Fig. 20) and also dictate the
contrast observed by optical microscopy [Figs 16(c)
and 21(a)]. This interface has a relatively low fracture
energy, F, f 15 J m-2 , and fracture occurs by decohe-
sion at the amorphous ridges (Fig. 21(b)], followed by
progressive debonding of the intervening interface
[Fig. 21(c)]. Again, therefore, the presence of an

amorphous interface has a detrimental effect on Fr.
Intermetallic interphases formed by reaction in the

A1203-Ti(Ta) system illustrate a rich array ofIphenomena, including effects of layer thickness and

I - --

I!
Fig. 16. Diffusion bonded interface in the Pt-A120 3 system:

(a) no interphase with extensive unbonded area, (b) crys-
talline SiO2 interphase with some residual voids, (c) amor-
phous silicate interphase that forms a network at the
junction between the Pt grain boundaries and the AI20 3 (see Fig. 18. The ceramic side of a fracture interface between Pt

Fig. 20). and commercial grade A120 3.I
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Fig. 19. TEM cross section of Pt-AI:.O bond with SiO,
(cristobalite) interphase.

of residual strain within the reaction products. The I
reaction products in this system are intermetallics
formed by diffusion of the oxygen from the AIO.
into the Ti alloy, accompanied by interdiffusion of Ti,
Ta and Al. The phases that form are rationalized by ;
the Ti, Ta, Al ternary diagram (Fig. 22). Notably,
a,-Ti3AI, y-TiAl and er-phase form. with the TiAI
adjacent to the AI,0•. All of these phases have a
larger thermal expansion coefficient than either AI203

or the Ti(Ta) alloy and are thus subject to residual
tension of about 600 MPa [101. This residual stress
causes periodic microcracks to form within the lavers I
during interface failure (Fig. 23). In consequence,
the interface fracture energies, F, % 20-30 J m-2, are
found to be comparable to those for the (oxygen

saturated) intermetallic reaction products. Obser-
vations of periodic microcracks within the reaction
products indicate that they have characteristics typi- --
cal of tunnelling cracks [33], which propagate across 1
the layers when the tensile stress, rT, in the layer R• ,s Crack Debns

(residual plus applied) exceeds ac, given by Frn t

Fig. 21. Interface debonding mechanism in Pt-AI.O inter-
where h is the layer thickness, F, is the fracture energy face. Decohesion of amorphous phase ridges (a) and (b).

of the layer material and E, its Young's modulus. Progressive debonding of the intervening interface is sche-

Furthermore, the cracks form with a spacing, matically tepresented in (c). I
I : 4-8h. Consequently, when residual tensile stresses

exist and the layer is relatively thick [small T,.
equation (8)], these microcracks can be activated by
the tensile field associated with the interface crack.
The interface fracture mechanism then consists of the
formation and coalescence of these microcracks, as
sketched in Fig. 24. The microcrack coalescence I
mechanism could, in principle, be suppressed either if
the reaction product layer is very thin [large a,,
equation (8)] or the' residual stresses are compressive.
In such cases, the fracture energy should be related to I
that for the interface itself, which (in the one case
investigated) appears to be lower than that for the
reaction products [10]. This speculation requires

Fig. 20. Ridges of amorphous Ca-silicate on the AI2 O, side experimental validation. It is also noted that there
of a fracture surface of Pt-Al20 bond. appears to be no contribution of plastic dissipation to I
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1 20

G Fig. 23. Periodic microcracks formed within the minermetal-

'1 tic reaction product layer duning interface fracture in the
STa J O O •0 "!ZA AI;O 3-Ti(fra) system.

Ta•

i Fi. 2. Te T-TaAI ernry has diaram imortnt araete istheuniaxial yield strength of
the eta. Whle hisunderstanding now exists, it is

F, whnterato rdc ae sthick, but such not clear why brittle debonding is suppressed, causing

m a contribution may arise for thin layers, as suggested ductile void growth to become the preferred failure
* by th aapresented inFig. 1.ehiii

Finlly itis otd tat wo ystms(Al20,-Mo, Interfaces that form without interphases can also

AlzO-Cr hav ben idntiied that form inter: fail by brittle interface debonding. Such interfaces
I phases and have exceptionally low fracture ener- have relatively large F,, because of a major role of

gies (usataysmlethnfor the reaction plastic dissipation in the metal, as evident from effects
products themselves) (19, 34]. In both cases, oxy- of metal thickness and yield strength. It is hypoth-

gen in solution in the refractory metal is respon- esized that W,,1 is still an important quantity govern-
I sible for the formation of an oxide that grows ing F,, but this has yet to be verified. A fundamental

eptIal o h I0 during diffusion bonding effort is needed to address this issue that couples
(Fig. 25). Also, fracture occurs as the oxide-metal atomistic calculations with elastic-plastic continuum
interface. It is not yet clear whether there is a mechanics. A complicating factor is the existence of

I fundamental reason for "weak" interfaces between a resistance curve, caused by metal ligament bridging,

IK

either Mo or Cr and their own oxides (MoO2 and but a good understanding of this effect seems to
Cr2 03, respectively), i.e. governed by a low work of exist. Another complication is that these systems are

I adhesion. An alternate possibility is that the oxygen susceptible to stress corrosion cracking, caused byI in solution in the refractory metal sufficiently elevates moisture.
its flow strengtht that minimal plastic dissipation Interphases and reaction products have a major

accompanies interface fracture (35]. effect on F,. A general trend is that F, increases as
I the fracture energy F, of the interphase increases,U but there are important exceptions. Studies of

crack extension when interphases are present have
S. CONCLUDING REMARKS identified a microcrack coalescence mechanism that

Soeo h ai ise soitd ihtefa- rationalizes the importance of F,. This understandingI ~ ~~~ture energy F, of metal--ceramic interfaces are now hshglgtdaptnilykyrl frsda
clear, through elucidation of some key crack growth stress in the interphases. Appreciable plastic dissipa-

I mechanisms: ductile void growth, brittle debonding
and microcrack coalescence. For each mechanism, t
some understanding has been developed, leading to,

preliminary models that relate F, to the separate"
I properties of the adjoining materials, the interphases

(hnpresent) and the interfaces. The limitations of [7/
the models have also been described in order to•

i identify a focus for further research.

When fracture occurs by ductile mechanisms, the

relevant length scales have been identified as either
the metal thickness, h, or the ceramic grain size, D, R~ v~

Fig. 24. The microcrack mechanism of interface fracture

tThe flow strength of b.c.c. metals is strongly influenced by with bpittle reaction products subject to residual tensile
dissolved oxygen. stem.

I
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ZIRCONIA COATINGS FOR SAPPHIRE FIBER-REINFORCED COMPOSITES

. B. Davis, E. Bischoff and A. G. Evans
Materials Department3 University of California, Santa Barbara, CA 93106

ABSTRACT

Sapphire fibers are promising reinforcements for both ceramic and intermetallic matrices
because of their high specific strength and stiffness as well as their superior creep resistance.
These attributes can be utilized only if fiber coatings are identified to control the interfacial
properties. The feasibility of employing ZrO2 coatings, which are t emically
compatible with sapphire, was determined on the basis of fiber debonding requirements. In
general, two types of behavior are observed: coatings which promote debonding and

coatings which permit fiber failure. These characteristics are explained in terms of
microstructural differences between the coatings which result from variations in the coating
deposition method and subsequent processing.

INTRODUCTION

IRequirements for high temperature, oxidation resistant materials necessitate the
development of ceramic and intermetallic matrices reinforced with strong brittle fibers such
as sapphire. To achieve acceptable toughnesses in such brittle matrix composites, it is
imperative that criteria be satisfied for debonding of the fiber from the matrix at the crack tip
as well as further debonding and fiber pullout in the crack wake. Hence, the fiber/matrix
interface behavior determines the overall toughness of brittle matrix composites. The

debonding criterion is governed by the relativ fracum mnehgies of the iWnaf tc and fiberl.
The pullout characteristics are governed by the intwfacial sliding resistanc. Recognizing
that interfacial properties can be manipulated with fiber coatings has led to numerous
investigations to identify coatings which are themnochemically compatible with typical fiber

and matrix materials and also satisfy the mechanical property requirements outlined above.
The present study emphasizes coatings for sapphire fibers in an A1203 matrix. This system
has been selected because matrix cracking problems, which arise from thermal expansion
differences between the fiber and matrix, are minimized. However, the results of this study

may also be applicable when intermetallic matrices such as y-TiAl and MoSi2 are used. The
coating material selected for this study was ZrO2, which is both chemically stable with
sapphire at temperatures of interest, 10000C to 1200C, and oxidation resistant.

An important concept from interfacial fracture mechanics investigationslS concerns the

critical interface-to-fiber fracture energy ratio which must be satisfied for fiber debonding to
occur in preference to fiber failure. This concept can best be illustrated with the "debond

A
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map" for bimaterial interfaces shown in Figure 1.1 Plotted is the fracture energy ratio for two
values of matrix crack inclination, 0b, as a function of the elastic mismatch between the two 3
materials, represented by the Dundurs' parameter .6 The identification of two regimes
separated by the locus of fracture energy ratios makes it possible to ped•ct the maLimum
allowable interfacial fracture energy for a composte with fibes of known fracture energy.
As an example, assuming an elastically homogeneous system (le., a - 0) and noting that for 3
sapphire7,8 r - 25-30 Jzm, debond coatings on sapphire fibers must have interfacial fracture
energies less than - 7 jm,2 if the system is to lie in the debonding gme for all mafrir aick
inclixetiom. Residual stresses and the intrinsic size of flaws in the fiber and coating may
shift the position of the debond loci when debonding occurs either within the coating or at 3
the matrix/coating interface.9

F~FIm

E- I

Figmre L Debond map for bimaterial interfaces.

EXPERIMENTAL PROCEDURE

Sample Preparation

ZzO2 coatings wier deposited onto basal-plane, opticel-quality sapphire disc (24 cn
diameters) using either sputtering or liquid precursors (sol gel) which were pyrolyzed
following deposition. The sputter coatings were -1-2 pm thick, whem the sol gel coatings
were - 025-0.5 pm. In all cases, the as-deposited fms wem porous. Two such discs, with
coating placed against coating, were diffusion bonded into the sandwich geometry

I
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schematically shown in Figure 2. For these experiments, sapphire has been used to represent
both the matrix and fiber, as elaborated above. The bonding conditions involve heating in
vacuum (<10.6 torn) to 1300( C (-1/2 Tm for ZrO2) under a small applied load (1-3 MPa) for
times of 12 and 48 hours. The processing temperatures thus exee the range of projected use
temperatures, ensuring the evaluation of microsructurally stable interfacs.

Vechanical Testing

U The diffusion bonded samples were used to produce two types of mechanical test
specimens.7,10 The phase angle of loading for both techiniques is similar and comparable to
that associated with crack front debonding in actual compostes. IA Furthermore, the
fracture energies obtained from analysis of these specimens are unaffected by residual trs
in the thin coatings, since such stresses are not relieved by the propagation of the interfacecrack. .

I
I Low. -

Figure2. Test geometriestused a)Interfa• e b)BmaterialFexuBms

I The gne oetada i Cone Crack Test, illustrated in Figure 2aB employs an elastic indentation

technique to simulate the behavior of a composite conaining a matrix crack. The
advantages of this test include small sample slze (-2an diameter) and simple sampie
prepeation, mamn it an ideal initial test for debond coatings. A spherical WC indenter is
used to produce a Hertzian cone crack in the upper "matrix" layer, which can be stably

A
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grown through this layer until it reaches the coated interface. Furthermore, the choice of a
transparent sapphire matrix facilitates direct crack growth observation. The cone crack
produced is inclined to the interface at an angle which depends on matrix properties
(crystallographic anisotrop and Poissones ratio). For sapphire,0 300, whereupon theI
debond map indicates that debonding occurs in systems for which r1 < 0.8 r. For COati!?
on sapphire fibers, this corresponds to a maximum interfacial fracture energy of -20 Jm .
Debonding in the Interfacial Cone Crack Test is a necessary but not sufficient condition for
fiber coati selection. Consequently, coating which debonded were also, evaluated using a
flexure test in which the crack plane as perpendicular to the coated interface (0 - 90').
Beams (Figure 2b) whc a iesos3Srmx 4mm it d4amu winy tested in four point
flexure in a jig affixed to the stage of an optica microscope.3

RESULTS AND DISOCUSSION

Three types of ZrO2 coatings were examined: sol gel and sputter coatings diffusion
bonded for 12 hours, and sputter coatings subject to bonding for 48 hours The mechanicalI
test results for these coated interfaces are shown in F~igre 3. The samples produced with sol

20 [8 hr

4'.-4 *4hr.
Spultared10

E0

Crack est rsultsare crcled

12 hr.

634 ur 3.Rslso nh ltsso 2catdvItranced. CopoInterfateialsCn

Crak tstresltsamcireI

634 dvaned ompoiteMateial
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gel coatings bonded for 12 hours, and sputter coatings bonded for 48 hours, had mterfacial
fracture energies in the "fiber failure" regime of the debond map and are unsutable for
composite use. However, the sputter coated interfaces bonded for 12 hours exhibited
relatively low interfacial fracture energies and the debond map predicts that such coatings
may be satisfactory for sapphire fibers.

The difference in the observed fracture behaviors for coated interfaces of identical
chemical composition can be explained in terms of the coating microstructures. TEM
micrographs reveal that the sapphire/sol gel ZrO2/sapphire interface (Figure 4a) is much
thinner than those produced by sputtering (Figures 4b and 4c.) Furthermore, when
debonding is induced by using inclined matrix cracks, this system is found to fracture at the
interface. Similar fracture characteristics were exhibited by the sputter coated samples
bonded for 48 hours ( Figure 5). In this case, the fracture path deviated from the interface
over small isolated areas, possibly because of inhomogeneities. In contrast, the sputter
coated samples bonded for 12 hours contained significantly more porosity (Figure 4). This
inter-coating porosity provides an alternate fracture path, through the coating rather than at
the interface ( Figure 6) which accounts for the relatively low fracture energy. The
implication of this study is that the fracture energy of the interface between ZrO2 and
sapphire is too high to satisfy the debonding criterion for all matrix crack inclinations.
However, debonding can be encouraged through the development of a porous3 microstructure which provides a lower energy fracture path through the coating.

a b CI -

I

Figure 4. ZrO2 coating microstructures; a) TEM micrograph sol gel ZrO2/sapphire interface
b) SEM micrograph 12 hour sputter ZK)2 /sapphire interface
c) SEM micrograph 48 hour sputter ZrO2 /sapphire interface.

A
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Figure S. Mating fracture surfaces for sputter coated samples a) bonded for 48 hours

b) bonded for 12 hours

interfacial fracture energy. Pure 7ZrO2 is known to transform, on cooling, from a tetragonal
to a monoclinic crystal structure. The effect of this phase transformation and the thermal
expansion mismatch between ZrO2 and sapphire, can be seen in TEM micrographs (Figure
7.) Microcracks in the ZrO2 costing and at the coating/sapphire interface, as well as bend
contours associated with localized strain in the sapphire were observed. Both of these factors
may degrad the strength of sapphire reinforcments and reduce th utility of Z%0O2 debond
coatings.I
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Figure 6. Microcracis and interfacial strain revealed by TEM.

CONCLUSIONS

3 The fracture energies of several ZrO2 coating/sapphire interfaces were measured. The
interface fracture energy was found to be prohibitively high for fiber debonding to occur
over all matrix crack/ fiber inclinations. However, when the inter-coating porosity is
substantial, the porosity is found to provide a low energy fracture path through the coating
rather than at the interface, such that fiber debonding in sapphire fiber-reinforced composites
can be achieved. Interfacial microcracking and residual strain in the sapphire caused by the
coating may degrade the fiber strength and limit the usefulness of ZrO2 coatings.
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Fiber Coating Concepts for Brittle-Matrix Composites

j Janet B. Davis.* Jan P A. LofAander. and Anthony G. Evans*
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The current interest in tough, high-temperature materials requirement. Potential options are onented micas." some
has motivated fiber coating development for brittle-matrix amorphous oxides,' and fugitive coatings which are removed
composites with brittle reinforcements. Such coatings are after composite consolidation. "' However. the amorphous coat-
needed for controlled interface debonding and frictional ings have limitations governed by viscous flow at elevated tern-
sliding. The system investigated in this study was sapphire peratures. plus reaction with AI.O,. Two alternative concepts
fiber-reinforced alumina. This system is tbermocbemically are explored in this article: (i) porous oxide coatings and (ii)
stable for severe use conditions, exhibits little thermal coatings that form "weak" interfaces with ALO'. The first con-
expansion mismatch, and utilizes the excellent strength and cept recognizes that porosity generally decreases the fracture
creep resistance of sapphire reinforcements. Porous oxide energy of brittle materials, such as oxides." Consequently, cer-
and refractory metal coatings which satisfy requirements tain porous oxide coatings may be able to satisfy debonding
for toughness improvement in these composites were entd- requirements for sapphire fibers, by allowing debonding within
fled by employing a variety of newly developed mechanical the coating itself. The second concept is based on the expects-
testing techniques for determining the interfacial fracture tion that certain nonoxide coatings may allow interface debond-
energies and sliding resistances. ing. While most such interfaces have relatively high fracture

energies (F, > 10 Jm-'),s larger than that required for the

1. Introduction debonding of sapphire fibers, preliminary evidence has sug-
gested that certain refractory metals provide suitably lowT HE mechanical requirements for fiber coatings in brittle- values.'

matrix composites are reflected in two properties: ' An effective coating should have the attribute that it does not
debonding and sliding. These properties are manifest as an degrade the strength of the fibers. Consequently, coatings that
interface debond energy, r,. and a stress to cause sliding along either react with or dissolve the fibers are usually unacceptable.
the debonded interface, -r. A prerequisite for good composite This thermochemical requirement further limits the potential
strength and toughness is that a debond criterion be satisfied, set of coating materials. Various refractory materials that
wherein the debond energy relative to the fiber fracture energy, exhibit known thermochemical compatibility with A120 3 at
rl, satisfy r,/rf < 1/4." Control of sliding is needed to ensure a 1500rC have been evaluated (Table 1), plus C. Y20 3, and the
notch-resistant material, such that -r Z 100 MPa. Larger values refractory metals, Mo, W, Cr, and Zr. The latter are still suscep-
result in high stress concentrations on fibers around notches and tible to oxidation, but in conjunction with oxide fibers, it is
lead to notch-sensitive materials.' Coatings of C and BN meet hoped that the composite system would have good durability in
these criteria, but both are susceptible to oxidation. Conse- oxidizing atmospheres. superior to either C or BN coatings on
quently, when SiC fibers are used, and when matrix cracks are SiC fibers.
present, oxidation embrittlement is encountered because the
fiber oxidizes to form a silicate layer that violates debonding 11. Approach
requirements.' Other coatings are thus desirable for high-tem-
perature applications. The present study examines some alter- The overall approach used to identify viable fiber coating
native fiber coating concepts, with emphasis on coatings for concepts is illustrated in Fig. 1. Planar geometries readily ame-
oxide fibers, such as sapphire, which are not subject to the nable to processing and testing are used to screen candidate
above oxidation problem. coating materials. The associated test procedures include a

Debonding of sapphire fibers* requires coatings with a Hertzian indentation technique' and a mixed-mode flexuredebond energy 17, Z 5 J -m--'. Few high-temperature materials test's (Figs. I (a) and (b)). For coatings that exhibit debonding,

have intrinsic fracture energies small enough to satisfy such a

This concept is being exloeda Coming Incorporated, by K, Chyuing.

R. J. Kerna---conrbuting editor

Table 1. Some Materials Thermochemically Stable with A120,
at 1390M

Manuscnpt No. 195645. Received May 22. 1992: approved January 29. 1993. Materia Ref. Remmt
Presented at the 94th Annual Meeting of the American Ceramic Society. Minne-

apolis. MN. April 16. 1992 (Symposum on Ceramic Matrix Composites. Paper -TiAI 29 AIO, dissolves
No. 74-S11-92).

Supported by the Defense Advanced Research Projects Agency under Contract Nb 30 AI 2O dissolves
No. MDA972-90-K-OOI. NiAI 31"Member. American Ceramic Society. Z101 32

.I',- 12-20J-m %.depending on the fracture plane.3
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the fracture energy. r,. may also be determined from these crvstaHinc material: and miii a Iot-purit% material tCoors
tests. The subset of coating materials that satisfy fiber debond- .D-945 and Coors AD- suhbtrate,. rcspecti'%cl't . The test
ing requirements is then u, "J to address composite perfor- specimens were produced h. diftuion infding. using a proce- I
mance. For this purpose. sapphire fibers are coated and dure des.nbed clsewhere. * BondinL at -T T .05 allowed
incorporated into a brittle matmx. Beam specimens are cut from coatings to he produced A ith relatise densit, lecel% in the range
the consolidated plate tFig. I(c)). with the fibers onented along 0.65 to I.
the beam axis. Tensile andior flexural tests are then used to Tests on coated sapphire fibe•rs %%cre conducted alter incorpo- I
assess the interaction of a crack with the coated fibers and to rating into a high-purit. 09.9'' ) pol'cr.stalline Al.O, matrix.
obtain information about the sliding stress. -r. The magnitude of For this purip),C. suhmi•crorncter AI .O p der iAKP-50 Aith a
T is ascertained from a measurement of the crack opening dis- particle sizc of -0.2 f.m obtained trom Numitomo Chemical i
placement as a function of the applied load."' Such tests also Co.. Ltd.) was isostaticall cold-pressed into two thin disks -5 I
permit measurement of the fiber pull-out length. h. and the fiber cm in diameter. These dis.ks wcre then sintered in air at 1500'C
fracture mirror radii. `-" The latter yield a direct estimate of the for 2 h. A row ol coated fibers and Iotse powder were placed
in situ strengths of fibers. S.'" The magnitudes of S and h. in between the disks, the assembly inserted hetmeen dies and vac-
turn, give another estimate of r. and thus provide a useful con- uum hot-pressed at 1500°C for 2 h subject to an axial pressure I
sistencv check. In addition. -r can be obtained from fiber push- of -2 MPa. These consolidation conditions resulted in an
through tests (Fig. l(d)).`-92 2 In the present study, a combina- essentially fully dense matrix.
tion of the above tests is used to assess coating concepts for sap-
phire fibers in polycrystalline ALIO,. (2) Testing and Analysis I

111. Experimental Procedure (A) Mechanical Behavior: The Hertman indentation and
mixed-mode flexure testing procedures used with planar speci-

(!) Processing mens have been described elsewhere."'" The flexural tests Irequired precracking. This step was conducted in three-point
The coatings were deposited either by evaporation. sput- flexure. using a row of Knoop indentations along the tensile

tering. chemical vapor deposition. or sol-gel methods. For the surface to control the crack pop-in load and. hence, the extent
planar geometry, coatings were deposited on two surfaces, of the precrack along the interface.
each representing either the fiber or matrix component of the The tests used with the specimens containing fibers have 1
composite. Bonding was then conducted by hot pressing at been performed using a combination of fiber push-out and pull-
homologous temperatures (for the coating material) in the range out techniques. The fiber push-out technique has been
0.4 < TIT, < 0.7. Consequently, the system experienced a described previously.' The fiber pull-out tests required that
thermal cycle analogous to that expected for composite pro- chevron notches be machined into beams containing singlecessing. Specimens containing fibers were produced by sputter fibers (Fig. I(c)). This notch geometry ensured stable crack
or evaporation coating sapphire fibers and incorporating them growth through the beam upon flexural loading. The crack was
into powder matrices, using hot pressing to achieve grown until the crack front passed below the fiber. This
consolidation, occurred with a small crack opening. which induced some fiber

(A) Coating Deposition: Oxide "sol-gel" coatings were debonding and sliding. After precracking. the beam was sup-
produced from liquid precursor materials. A spin coating appa- ported and the remaining matrix ligament mechanically
ratus was used to deposit the coatings onto the planar substrates removed. This procedure created a specimen consisting of two
used for diffusion bonding. The coated substrates were then blocks of matrix material bridged by a single fiber, amenable to
heat-treated in air to temperatures suitable for pyrolysis of the tensile testing. Tests were conducted in situ in a Hitachi 2100

precursor. typically below 10XOC. During pyrolysis, the film scanning electron microscope (SEM) to permit measurement of
is convened to an oxide. Subsequent iterations were used to the crack opening displacement and the corresponding tensile
increase the thickness of the coating. loads. These measurements may be used to evaluate the sliding

Sputtered coatings were deposited onto sapphire disks and resistance, Tr. '
fibers (Saphikon single-crystal sapphire fibers) in an rf diode (B) Analytical Techniques: Specimens for scanning elec-
sputtering unit. The sputtering targets used in most cases were tron microscopy were prepared using standard metallographic
high purity (_99.9%): only the W target had a lower purity techniques. Carbon-coated samples were examined in a JEOL
(-99.5%). Oxide coatings were deposited by reactive sput- SM 840 SEM in secondary mode. The microscope was
tering using a 50%-50% mixture of research-grade argon and equipped with a Tracor Northern TN 5500 system. Samples for
oxygen at a total working gas pressure of 6 mtorr. The interme- transmission electron microscopy (TEM) were prepared by
tallic compounds were produced from dual opposed targets of grinding wafers to a final thickness of approximately 100 l.m
the pure elements. Both the refractory metal and intermetallic before cutting 3-mm-diameter specimens. These were subse-
coatings were deposited in an atmosphere comprised of quently dimple-ground and ion milled to electron tansparency
research-grade argon at 6 mtorr working gas pressure. The top with Ar at 5 kV and I mA at 14* incidence angle. The samples
and bottom target voltages were maintained at 3 and 0.5 kV, were examined at 200 kV in a JEOL 2000FX TEM equipped I
respectively. Fibers were rotated during coating at - I rpm. with a LINK eXL high take-off angle energy dispersive spec-

Submicrometer-thick Mo coatings were deposited onto sap- troscopy system. Computer simulations and indexing of
phire fibers using an electron beam evaporator and a high- selected area diffraction (SAD) patterns were facilitated by the
purity target. A glow discharge cleaning procedure was used Diffract software package (Microdev Software. Hillsboro. OR I
prior to coating the fibers. Deposition was carried out at rela- 97124).
tively high vacuum (< 10- torr), with the fibers rotated at - 10

The carbon coatings were produced by a low-pressure chem- IV. Coating Characterization

ical vapor deposition technique in which methane was mixed
with research-grade argon carrier gas in a tube furnace. Flow (1) Oxides
rates of 10 cm l lmin. for the methane, and 100 cm-lmin. for the For the oxide coatings, a range of porosities was generated,
argon. were used. Throughout deposition. the furnace tempera- as illustrated in Fig. 2. At the equivalent bonding cycle, the I
ture was maintained at 1200( to 13000C. thinner. sol-gel coatings had lower intercoating porosity than

Ill) B,,nding und Consolidation: For experiments to be the sputtered coatings. whereas the porosity at the interface was

conducted with planar configurations. three different Al.O, similar for both. In all cases, the grain size was about equal to
materials were used: 6i) (0001) sapphire: 0i) a high-purity poly- the coating thickness. The most notable features found by TEM I

Illlilm nllil_~ In I l m
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Fig. I. Approach adopted to identify viable fiber coating concepts for brittle-matrix composites, consisting of developing testing procedures to
evaluate the debonding and sliding propensities of various coatings on sapphire.

were bend contours in the sapphire caused by residual strains" ZrO2 and A120 3 . Such strains appear to be an inherent problemi (Fig. 3). For unstabilized ZrO2 coatings, extensive straining in with oxide coatings, potentially leading to fiber strength degra-
the sapphire was apparent, as well as microcracks within the dation (Appendix).
coating (Fig. 3(A)). This effect diminished with decreasing
coating thickness (Fig. 3(B)). Selected area diffraction indi- (2) Refractory Metals
cated that the ZrO2 was monoclinic and the strains are attributed For the refractory metal coatings, thin foil cross sections for
to the tetragonal-to-monoclinic phase transformation. For ZrO 2  TEM were difficult to produce, because of debonding. How-
coatings partially stabilized with 3 mol% Y20 3, the tetragonal ever, for Mo, results have been obtained in two cases: (a) a thin
phase was retained and the intensity of the strain contours (0.7 tIm) evaporated coating with the high-purity AI20 3 matrix
diminished (Fig. 3(C)). However, some residual strain per- and (b) a thicker (>3 l.m) sputtered coating with the lower-S sisted, attributed to the thermal expansion mismatch between purity A120 3 matrix. For the former, the coating appeared to
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Fig. 2. /.r( c.oating sapphire nitcrides proclued k he 1C1111 H~I'iti dittii'in h,'iidin,_ s, hcdu~c' t\ It ,oeol '1ut111 ittin one Ndcl at 3I"IN I
12 h \% itih an appl icd lo~ad ot 1 M; a. I Ifs puttere-d k oazdIlle_ dtif.11fuion bonded 11 131( N 11r 12 It %%Ith an 11111 .ip ldIud I It I Mild, 'pulercd ~oat
ing ditiuston bonded at 1.1 ("I C b 4K h \lith an applied koad ot -3 P',

ha~e somec discontinuit\ Fr 41 A.\ , hut othcr~i. ise sur% ived the The %puttein1 Cr coatttwN exhihited similar features. A thin
consolidation. These discon~tinuitice.. which arc induced b\ ditI- pol crs stailliiic chromiium ox)idc( 2'M min thickt ý %as attached
fusioni, arc tvpical for thin. poix crystallinc turnis.' E[)S a'naIl - to the s~apphire ( Fig. 7), A~ ith thc remainder oft thc coatint- bcirw
Nis %as unable tot detect either MIo tn the AlO orY i Al tin the Mo. Cr. Anal'.sis h% EI)S indicated no Cr tn the AI.O, and onis trace
IFor the latter. a relativelý thick -3MX nm I dense polvcrvstal- anmount,, of Al in thc chromitum oxide. Selected area ditfraction
line MoO. phase was found at the sapphire interface IF~ig. patrs established that (hc chromtium oxide wkas Cr,0.. and
41 B). In addition. an amorphous silicate phase was ohscr ived at siuniticant porosit\ cx~istcd at thc metal oxidc interface.the Moo./Mo interlace that presumably resulted from Viscouswacidn.ourntbeenthmtladislDebondirn-i\a ~dn.ocrig ewe h ea n vflow of, the silicate front the polycrystalline AI.Oý into porositx xd lsr
at (his interlace. oiel~r

The Mo coatings were also investigated by SEM. after The .sputteird W coatingis on sapphire exhibited pronounced U
debonding,. For sputiered coatings. oxide particles (identified ridge,, ott the sapphire side of' the dehiond surface IFii-, .500)i.
as MoOi, were tound to he attached to the sapphire in regions These ha,,% been associated with Fe- and Cr-rich aram hound-
where debionding occurred hetween the Mo and sapphire. X-ray ar\ i mpuritý phases. originating! in the sputtering- tareet. The
diffraction of' the debond surf~ace conhrmned the presence of resultine, dearadation oft the sapphire. evident in Fig 5M). I
MoO. on the sapphire. Shallow ridges were also apparent on illustrates the importance of selecting cheinicall\ stable coat-
the sapphire side of the debond surface. having spacings comn- ings. Similar features were obserted'at C AI.O. interlace,, dif-
parable to the grain size in the metal (Fig. 5tA)). These ridges fusion bonded at high temperatures (- 1I4(00C under high
are believed to formi at grain boundaries, by diffusion during the vacuum 1( It torn'I For this sy stem,. the ridges are attributed I
bonding process, as equilibrium dihedral angles are estab- t h omto fa L ecinpout
lished. Snmall impressions were evident on the Mo side of' the tohefrain(tn .Craconpdu.
dehonded surface between Mo and the higlter-purit). AV1., Studies of the a.%-.sputtcredNMo and Cr films, using WI)S and
(Fig. 6). having dimensions which coincide with the A120, X-ray diffraction, revealed an oxide surlacc layer. In addition. U
grain size. These are believed to have formed bý- deformation of" there was an oxide layer adjacent to the sapphire. identified b\
the Mo during diffusion bonding. peeling the coating frotn the substrate. These tindings indicate

(B) St/ I
Unsiabiltazed Zr(O2  Unstabilized ZzO2  *

40 in200 nm /.
Fig. 3. (A) Extensive bend contours in the sapphire when unsiahili/ed tr(). sputtered coatings were used Iti is believed that the contours result
fromn strain in the fiber due ito the t- - ni-Zr() phase transbonnation. ii) The bend contours in the sapphire decrease wkith coating thickness bor the
unstabilized sol-get rO. coating t(C The extent oI bend contours ";as furiher reducedI \%hen ihin stahili/ed sot-get Zr() coatings were used The

remaining stresses are believed to result fron ('TY mismiatch across the Aell-bonded interfacea



f(B)3 ~Mo -

.Sapphire 2(W nmn

IFig. 4. (A TI. !l imi tcr,,rph ýho .s tim- tiw di.5 .ini uo u' Nubmicronicter \1t cioal im,i on ipph i rc liher inih t hcit ih pim %M t mal( t Ut x s l IT \1

an amorphous Nsilcat pha~ sim ti.,hn th, ,t ~rlactal pores Mo~c \. and3 th, lo( IPhaise

that the oxide phase is initiallhi deposited on the sapphire sub- Mo. Cr. porous ZrO:. and porous AIO, Further studies %%ere
strate during sputtering and tha a surface oxide form,, subsc- confined to these materials. The retractori, metals wsould obvi-
quent to deposition. prior to diffusion honding. ously oxidize during service. The effects of oxide formation onIcoating performance would need to he further st udied .In at

V. MchaicalMeauremntsleast one instance, for No. coating oxidation can be beneficial.~ MehancalMeasremntsas discussed in Section V2).
The debonding, propensit of the retracior% Pnet'l~ coatings

(I) ebomndang exeiet onutdo lna pcmn as observed to varý wAith the purity of the AJ.O,. When either
w reith a nh ri exper i mdentsr ro nid ued inom ton panar t spe cien sapphire or -sapphire plus high-purj-ii polycr\ stalline A IO. wa%

wit a pheica inener rovdedinfrmtio abut he ci used. debondin±, occurred consistentl\ with FI 4 Pill for
* dence of debonding at a 3W crack inclination to ihe interface. M n - ' o r utemie sarayntd h3 From such experiments, it wvas established that most diffusion- M n - - o ?.Frhroe saravntd h

bonded coatings formed high fracture energ\ interfaces. Only deonin ocurda h nefcsbtenete ol
the coatings consisting' of Mo. W. Cr. Zr and C debonded co- - o oNo.adC'rO ovrey hntei~~~ bwas used. debondline was not observed in the Hermzan indenta-
sistently. Coatings of ZrO. and NY AbC),. were found to exhibit
variable debonding tendencies. Coating's of' Nb. -y-TiAI. and tion test. implying a lower hotoul for V, of -~ l6 J'm `.' This
NiAI did not debond. Furthermore, from the list of promising behavior is attribued to the silicate phase found at the
coating materials, several were observed to chemically reaji Mo'MoO. interface, which seeniinglk forms, a strong bond'"
with the sapphire during diffusion bonding. The only coatino and increases I*, for that interface. in addition, as alreadv noted.
materials from this set which were found ito be hemietoialh- si MoO, appears to bond well with sapphire.

bl' with sapphire above I 3(X)rC and to re/jab/v debomd were

,-hos tower h.,und is 1, i 81',,. correcpotnding to a crack ontivri ac nin ,,I nao

Formed h), c hem ici I react ion during h..nding witIh N.0, coatings tit 30'. with V, .20.1-rn

IeI

Fig. 1 1. A, Shallow ridges observed on ihe -sapphire surface of a Moisapphire dilffuson couple upon deNonding. 11B1 Pronounce~d ridges on the3detxonded sapphire surface when an impure W coating was used. The grain bo~undary impurity phase is composed of Fe and Cr.
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Fig. 6. Mo coating conforming to the surface features of a high- (A)
purity polycrystalline AILO, substrate during diffusion bonding. I

1.0
The results for the oxide coatings were found to be sensitive

to the coating porosity. The dense coatings, which have a rela-
tively high interfacial fracture energy, debond along the inter-
face. But debonding only occurred when the crack approached
the interface at a shallow inclination. Conversely, the coatings
having the lowest relative densit_ (p - 0.65), exhibited a rela- •
tively low interfacial fracture energy. F, - 5 1 m-. and
debonded within the coating, at all crack inclinations. Such
debonds exhibit fracture surface features typical of those for
porous ceramics." These debonding tendencies are rationalized --__

by using the coating density. p, as a plotting variable against the I
ratio of the interfacial fracture energy to sapphire fracture
energy F/rF, (Fig. 8(A)).

The debonding results obtained for all of the above coatings ED Eonding
can be displayed on a debond diagram. relevant to sapphire ] ]
fiber-reinforced brittle-matrix composites (Fig. 8(B)). IR I

OWI I IK_
0.5 0 0.5 1.0

Elastic Mismatch, a

(B)
Fig. 8. (AI The relative density of oxide coatings plotted as a func-
tion of r,/r, clarifies the role of coating porosity in the debonding pro-
cess. (B) A summary of the interfacial fracture energy measurements
for various coatings on sapphire is presented on a "debond map." Coat-

-:• ings which fall within the fiber debonding regime of the map have some
potential for sapphire fibers. However, coatings denoted by * were
found to chemically react with sapphire; these were precluded from fur-
ther consideration.

"(2) Sliding Resistance

For porous oxide coatings on sapphire fibers in a polycrystal-
line AI,O1 matrix, single-fiber tests revealed small fiber pull-out
(Fig. 9). Debonding resulted in a monolayer of the oxide parti-
cles attached to the fiber that remained throughout the sliding
process (Fig. 9). These particles are believed to act as asperities
that resist sliding, resulting in a relatively large sliding stress, "r.
This stress was estimated from the pull-out length and the frac-
ture"'" mirror radius to be -140 MPa (Table 11). A similar
value was obtained from fiber push-out measurements. This
value of 'r is larger than that required for optimum composite

-- strength and toughness. 3
2 The refractory metal coatings debond readily during single-
200__._____fiber pull-out tests, but the coating is plastically deformed. This

deformation occurs because the coating conforms to both the
Fig. 7. Cr/sapphire diffusion bond containing a Cr.O, phase adjacent matrix and the fiber during consolidation and results in prohibi-
to the interface. tively high sliding resistances, such that little fiber pull-out U



May 1Y93 fibcr (,(stii, (i',mrepfi t,,r Brh-Alutrit Ci(in~s',i,.t 125i

"" 4 MoO. or Cr.O " A si stematic stud\ would he necded t,
identil: the critical tactorisi

()0gd t 'maimi.. % hich lorni stronC interface% ' ith sapphirc.
A120 )'3 can also •e useful debond coatmim,. pro\ ided that the.y contain I
Matrix •lsli 'ant amount o( poroit\ s,,ubs,.equent to (.comrKps•tl., '.01-101

dallon. The porosit. in these COdUMllns protides a los ltr.1•.tLL'
.cricr-.i path catl dcbondim, v ilhrin the coatln, lhc n' tall
c.al problem of ensurmir • coalinc poroit% nwa\ te appoa,,hcd h%
iticiirporatimncL seconmd pha ~c iiiateria I. muc ac h lidal _iah

- . lb.'it. inlto the .oalinl, and rc.nlio~lln it after thc .oinlpo,,lk. I,
co.nsolidated.

Sapphire The slidine characteristics of the %arious interfaces, "ere also
inestniated. The slidingi resistance obtained on interfaces pro-
duced with reiractors metal coatings is apparentl\ tlot high for
significant fiber pull-out, because the coating detlirnms during
,,lidin. Hoveser. for coatings such as No. which form \olatile
oxides, the interfacial slidine resistance can bc sienificanti.
reduced through coating remosal b> heat treatment in air. Fugi-
tive carbon coatings also have this attribute."' but were not used

Fig. 9. A porous oxide interface led to fiber pull-out of a I tfiber in this stud\ because the carbon reacted with the sapphire in the
diameters. Oxide particleo , o crc observed to %inter to the sapphire liber diffusion bonding experiments. It is recognized. however. that
and remained attached during pull-out. The tracture mitrror on the tiber altering the processing conditions could eliminate this problem.
is also .isihilc. Once the coating has been removed, the fiber surface and

matrix roughness provide the sliding resistance needed for load
transfer. The resultant system is also oxidativelv stable. The
coating thickness relative to the fiber and matrix roughness
amplitude is now a key parameter?2- An optimization study is in

occurs (Fig. 10). Similar behavior is fiund during push-out progress.
tests (Fig. I I(A))W which also indicate a high sliding resistance. The sliding resistances of oxide coatings examined in this
,r - 120 MPa (Fig. 13). study were also unacceptably high. because of the undulating

A reduction in the sliding resistance for Mo-coated fibers has debond trajectory. It is believed that -r can be reduced if the
been achieved by removing the coating. after composite consol- grain size and porosity of the coating are carefully controlled.
idation. to leave a gap between the fiber and the matrix. This Further studies of the effect of debond surface irregularities on
has been accomplished by heating the composite in air' the sliding behavior are needed to address this issue.
(0000°C for 2 h). The surface roughness of the fiber and the Fiber strength degradation is another concern for oxide coat-
matrix then provide the sliding resistance. For coatings some- ings. When reaction products with the fiber coating are
what thicker than the asperity amplitude on the fiber (-- I gm). avoided, potential sources of fiber strength degradation persist,
the sliding resistance obtained from crack opening displace- including residual strain (Fig. 3) and undulations produced on
ment measurements in single-fiber pull-out tests is found to be the fiber surface by diffusion (Fig. 5). Some basic characteris-
small (T < I MPa). with large associated pull-out lengths (Fig. tics are amenable to analysis (Appendix). The predictions (Fig.
12). This sliding resistance is too low for the requisite combina- 14) indicate that m-ZrO, coatings are unacceptable because, for
tion of strength and toughness in the composite. For thinner typical coating thicknesses (h - 0. 1-I Mm), the large mismatch
(-0.7 l.m) coatings, push-out tests indicate a sliding resistance stresses caused by the transformation lead to fiber strengths
within the requisite range. Tr 20 MPa (Fig. 13). with no evi- below the acceptable limit for high-performance applications
dence of wear mechanisms on the fiber surface (Fig. 1(B)). (S < I GPa). Furthermore, coatings such as YAG with a mis-

match governed by thermal expansion are also predicted to
I VI. Concluding Remarks cause an unacceptably low fiber strength (S < 2 GPa). unless
e Ca n csluding propemrkis the coatings are thin (h < 3 Mm). A general implication is thatIThe debonding and sliding properties of various coating

materials on sapphire fibers have been evaluated. In general,
most materials bonded well to sapphire. The notable exceptions
were certain refractory metals (such as Mo. Cr. and W) which
formed low fracture energy interfaces with sapphire. Several
factors may be responsible for the low debond energies: poros-U ity at the interfaces, oxygen dissolved in the metal (that sup-
presses plastic dissipation).' and the formation of a metal oxide

Becausc Mo lurnis volatile oxides

Table il. Sliding Stress with Porous Alumina Interface
Fracturc mrnior I/o 1111 tiber Putiout Sliding

radius, ,'.. strength. S* length. %,tress'. T,,
(im) (GPa) h (MPa) 50 PM

27 1.68 193 142
" K = 35 Z A . where K isthe fiher toughness 1 2.5 MPV " Tr = S(r'2ht Fig. 10. Short fiber pull-out lengths were observed when Mo coat-

where r is ft sapphire (iNer radius ings were used.

.U.... ....



1250 Journ ,, the m4m rt, an ('cl"it , i(i M - Oat o f , t,', "A . Nio 5

(A)

4 3

F ig. 12. Lom.t iber pull-out :n rc,,uh hen thikk 6i Nlo1 a I
•w: I

10 pm i-. ar1 re 180 _% .. . .. . .. .

CI

150

=,M120 C Mo Coating Intact l

-" 60- - I

60

.: . .r••, __ 0 5 1 0 1 5 2 0s ... .. :displacement (4im)

-, •, ~Fig. 13. Fiber push-out curves reveal that the interfacial slidingresistance was decreased to an acceptable level by removing the submi-
croesitaner washicrese (0pm o catng acetblr eelboeovnmhesb

Fig. I1. The surface morphology of the pushed-out sapphire fibers crometerthick (0.7 Rm) Mocoating from the interflace.

was found to change when the Mo coating was removed by oxidation:
(A) as-hot-pressed condition: (B) heat-treated condition.

6 I
oxide coatings. which typically bond well to sapphire, are a 6 a "
possible source of fiber strength degradation. The extent of % \ " A 2 00=0 9)
degradation is diminished by thin coatings and small thermal %. a I
expansion mismatch. Also, porosity in the coating tends to alle- L % %
viate the degradation problem. %%

uncoated

APPENDIX fi bA. s9)

Fiber Degradation 2 unstabized

When the coating is in residual tension caused by thermal
expansion misfit, the coating cracks before fiber failure and __Z___ ___ ___ __

may cause a degradation in fiber strength. When this crack pen- Zr0 2. (p0 9)
etrates into the fiber, the stress intensity factor. K,. for a crack 0 0.5 1.0 1.5 2.0 2.5 3.0
ofis' depth a associated with the residual field from the coating Coating Thickness, h (im) I

K, = I. IE Fhl/ Tr -( I - 0 Fig. 14. The predicted influence of oxide coatings on the strength of

sapphire fiber: p is the coating density. It is assumed that the uncoated
I. Ihr,,h/ \Tr-a (A-I) fibers havea strengthS,, = 2.5GPa. 3
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Abstract

Environmentally compatible interfaces based on double coating concepts have been developed for sapphire fibers in
y-TiAI matrix composites. The fiber coating design involves two layers with distinct functions: one in contact with the
fiber which provides the debonding and sliding characteristics required for toughening, and a second one next to the
matrix which protects the fiber and debond layer from diffusional interactions and mechanical degradation during
processing. Three double coating systems were tested wherein the debond layer consisted of pyrolytic carbon, colloidal
carbon or a mixture of carbon and alumina. The diffusion barrier was in all cases a dense alumina layer 4 5 an thick.
With the exception of the pyrolytic carbon, all other coatings were applied by slurry processing techniques. After
composite consolidation, the coatings were evaluated using fiber push-out tests, whereupon each double coating was
found to enable successful debonding and sliding of the sapphire fibers. The environmental compatibility of the coatings
was tested by oxidizing the carbon in the debond layer at elevated temperatures. This produced measurable changes in
the interfacial properties, but push-out tests confirmed that the coating design still allowed fiber debonding and sliding3 within the ranges desired for improving toughness.

3 1. Introduction range from 7 to 23 J m- 2, requiring in principle that
Fi s 2 J m- 2. This suggests the use of fiber coatings to

The mechanical properties of fiber-reinforced introduce "weak" interfaces with suitably small values
materials are known to be strongly influenced by the of FI and r [1-6, 20]. The intent of this study was to
fiber/matrix interface [1-91. Optimum longitudinal devise and test fiber coatings that fulfill the requisite
properties, for both brittle and ductile matrix materials, debonding/sliding characteristics for sapphire fibers in
require that the interfaces debond and slide with a rela- y-TiAI matrix composites. The potential applications
tively low shear resistance, r, relative to fiber strength, also require the coating to be thermochemically com-
S. Small values of r4S are needed to achieve k &" ule-of- patible with the composite constituents, sufficiently
mixtures" composite tensile strength, by ensuring a strong to maintain its integrity during processing, and
global load sharing condition: generally, r/S must be capable of maintaining the toughening mechanisms
smaller than -0.05 [10-131. A high composite operational after exposure to oxidative environments
fracture resistance also requires small values of r/S as at temperatures in excess of 1000 *C.
needed to achieve large fiber pull-out lengths and Prior studies have shown that many coating candi-
hence, a substantial contribution of frictional dissipa- date materials which are environmentally stable would
tion to the work of rupture [10, 14, 15]. also bond strongly to sapphire [1]. Conversely,

Single crystal sapphire fibers offer significant poten-. materials that have been found to debond easily from
tial for both high temperature strengthening and A120 3 , notably C and refractory metals like Mo and W
toughening of intermetallic matrix composites, notably [1 ], are prone to diffusional interactions with the y-
y-TiAI. Unfortunately, directly bonded interfaces TiAI matrix and are not oxidatively stable at high tem-
between A120 3 and y-TWAI are "strong" and do not peratures. The latter, however, could still be utilized if
debond easily during fracture [16]. He and Hutchinson the coatings are designed in the double layer configura-
[17] have proposed that an interface should have a tions proposed in Fig. 1. The present work focuses on
fracture energy, ri, lower than 1/4 of the fiber fracture C-based coatings but similar approaches may be imple-
energy, rf, if it is to fail ahead of an incident crack. (A mented with W and Mo [1].
detailed description of the debonding criterion is given In one approach (Concept 1 in Fig. 1), a thin layer ofI in ref. 17.) Re-,orted I'f values for sapphire fibers [18) C is in direct contact with the fiber and covered with a

0921-5093/93/S6.00 C 1993 - Elsevier Sequoia. All rights reservedU
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Fig. I -Schematic representation of three double coating concepts for sapphire fibers in ,-TiAJ matrix composites. 3
thicker, dense A120 3 layer which separates it from the Edge-defined Film-fed Growth (EFG) process. These
matrix and prevents interdiffusion during processing. were cut into 6-cm segments, washed in an ultrasoni-
The C coating would be fugitive [21] under oxidative cally stirred acetone bath to remove the sizing and
environments, but can be designed to leave a gap subsequently heat treated at 550 "C for 2 h to eliminate
between the fiber and the dense A120 3 layer which any combustible residue on the surface. I
obviates the need for debonding (Concept 2). A sliding Three debond coatings were applied: carbon black
resistance could still be incorporated if the C layer is (pyrolytic), colloidal carbon and a C + A120 3 mixture
chosen to have a thickness smaller than the peak-to- as a precursor to the porous oxide coating, Carbon
peak amplitude of the fiber roughness. The "debond" black was simply deposited by passing fibers through
(gap) surfaces would mimic the underlying fiber an acetone flame, generating a sub-micron coating
topography, as shown in Fig. 1, and the fiber displace- thickness. Both the colloidal carbon and the C + A1203
ments would result in asperity interactions that give slurries were applied by dipping, resulting in coatingsI
rise to a finite r. (In the particular case of the sapphire with final thicknesses ranging from 1 to 3 Aum. In the
fibers, the surface has a sinusoidal roughness pattern first case, fibers were dipped once into a commercially
which produces a modulated sliding response [22].) available colloidal carbon suspension (from Ted Plla, 1
Obviously, Concept 2 requires that the A120 3 layer Inc.). The latter was diluted with isopropyl alcohol until
does not sinter to the fiber in order to maintain the ease its viscosity was suitable to create a uniform coating
of sliding. approximately 1 um thick after drying. The C + A1203

A desirable level of r, could be achieved by using slurries were prepared by mixing graphite powder 4 1
porous coatings as illustrated in Concept 3, Fig. 1. In um in size (from Aldrich Chemical Co.) into an alumina
this case, the debond layer consists of a C + A120 3  sol (DISPAL 23N4-20, from Vista Chemical Co.),
mixture wherein the carbon may be subsequently elimi- which had been diluted to the desired A120 3 content U
nated by oxidation to yield a highly porous oxide. This and mixed with sufficient nitric acid to adjust the pH to
provides discrete bridging between the fiber and the - 4. The ratios of alumina sol to graphite powder were
outer coating. Debonding occurs by fracture through varied from 6% to 10% to change the coating porosity
the porous oxide [20] and the sliding resistance arises after oxidation. (The exact porosity content of each
from the interaction of asperities on the debond coating was not determined, but the changes were
surfaces. It is ( -ected that ri would depend on coating inferred from fiber push-out tests which show an
porosity, which may be varied through processing [20]. increase in interfacial fracture energy as the Al203

content is increased. One should also note that the
carbon must remain in the coating until composite

2. Materials and processing densification is completed. Otherwise, the porous
alumina layer would densify during the subsequent hot

Sapphire fibers with c-axis orientation and - 130 isostatic pressing. This paper confines its attention to
,um diameter were produced at Saphikon, Inc., by the the 10% alumina porous coatings, deferring the issue 3

U
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of coating porosity to a future publication.) AD dipped The fiber displacements were monitored by a trans-

fibers were air dried prior to applying the second ducer placed at the bottom of the specimen.
coating. Push-out curves typically show a linear elastic load-

The outer coating was also applied by dipping the ing region, following by stable debond propagationi previously coated fibers into a slurry consisting of 0.18 down the fiber/matrix interface 124]. The debond crack
um a-AI2 0O particles (AKP-50 from Sumitomo becomes unstable at - 1.5 fiber radii from the bottom
Chemical Co.) and the commercial alumina sol cited side of the specimen resulting in a load drop. A P. (The
above. Dispersion of the powders was promoted by debond instability was determined from finite element
adjusting the pH of the sol between 2 and 3.4 and by calculations carried out by Liang and Hutchinson [25]).
using ultrasonic agitation. The viscosity was later Thereafter, the fibers slide relative to the matrix. The
adjusted by adding deionized water and nitric acid to debond load drop, A P, is related to the debond energy,
maintain the pH in the range specified. After the r,, by [25]
second coating, the fibers were air dried, heated in
vacuum to 500-600 °C and held for 1 h to eliminate 3 + (r0 + JnO)
the volatile constituents, and finally heated to 1350 0C AP2-_2-- e + (e[-2- 1) (1)
in Ar and held for 2 h to densify the outer A120 3 layer. LeB RB (eB1

The outer coating was typically 5-10 um thick and
-97% dense. Further densification by increasing the e 2

01,h/R

sintering temperature was not attempted out of +PR]

concern for the possible degradation of the fiber by
reaction with the carbon. Studies reported elsewhere where
[23] have shown that the coating performs effectively as
a diffusion barrier in spite of the small amount of B, vf E
residual porosity. (1 - v1 )E +(I + v)Et

Coated fibers were carefully incorporated into a
slurry of y-TiA! powder (rapidly solidified and
Ti-48AI-2.3Nb-0.5Ta with an average particle size of
- 120 pm, prepared by Pratt and Whitney Labora- B2 = 1-2vBI
tories) in deionized water to produce green compacts E is the Young's modulus, v is Risson's ratio, subscript
with fiber volume fractions of - 20-30%. The green I" refers to the fiber, -h", is the section thickness, #u is
compacts were canned, degassed in vacuum at 300 °C, a refent of fiber, R is the ser thius,pi is
sealed and hot isostatically pressed in argon at 276 a coefficient of friction, R is the fiber radius, P is the
MPa and 1066 °C for 4 h. Typical cross sections of the residual axial compressive stress in the fiber, n is the
resulting composites are shown in Fig. 2. More exten- residual radial compressive stress at the interface, and
sive microstructural analysis is reported elsewhere [23]. isthe seatength at zero n ressu (mechan-

To simulate the potential effects of service environ- istically related to an asperity pressure that arises
ments on the coatings, slices of the various composites during fiber sliding) [224, 2 , 26-291.
were exposed to heat treatments in air at either 800 °C The nominal sliding strength, r, at push-out dis-
for 1 h or 1000 °C for 24 h, and the interface charac- placement, d, is obtained from the instantaneous load,
teristics re-evaluated. P, using

V = (2)
3. Testing procedures and analysis 2;rR(h - d)

Push-out tests were conducted to determine the In general, the sliding stress is not constant, because of
interfacial characteristics associated with each of the asperity effects and wear processes [22, 26-281.

three double coatings using an apparatus and pro- Consequently, the sliding stress just after the debond

cedures described in detail elsewhere [24]. Thin wafers load drop is used for comparing coatings. It is also

of the composite 400-Mm thick were cut perpendicular useful to compare the coefficients of friction for each of

to the fiber axis and their surfaces were subsequently the sliding interfaces. For this purpose, since the fiber/

polished to a 1-pum diamond finish. Each wafer was matrix asperities are in near perfect registry at the
then mounted on a support base so that a fiber was onset of sliding (ro - 0),,p is given by

positioned directly above a 200-Mm diameter hole in R
its center. The fiber was pushed from the top into the -h In p (3)
hole using a 10 0 -/im diameter SiC cylindrical indenter. n -B 3

I
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l'ropcrr .'lm Sapphire fiber T\ .pical push-out curves for the as-hot isostaticallv

iouncs m, nodulusfk. 1, (11itaI~ 3 pressed specimens accompanied by scanning electron

lloi~sso)ns ratio. j, o.33 o.27 microoraphs in F,.3realcorrespondences between
J hemal xpawon ceffiient a Isurface texture and sliding, stress. -The carbon black

uhrn a expi ls cofiint K1 interface Fig. 3t a,. exhibits a very small debond load
urn m Kdrop and a relatively high sliding stress. Recall that this

is the thinnest of the three debond coatings and Will be
most atffected by the underlying fiber surface rough

The ,tresses 1), and ii, are evaluated from the thermal ness. This feature is demonstrated in Fie. 4. w\here the
expansion mismatch, using the formulae summarized sinusoidal modulations in the load displacement trace
in ref. 30. F-or this studs,. it is assumed that the axial are clearly visible. Prior work has shown that the wvave-
mismatch pressure. I),, is relieved by dehonding. The lnts oed urgsapiefbr uh-t e
relevant material properties used in eqns. :I through identical to those oif the fiber Surface roughness 1212"

3 are included in Table 1. The fiber surface roughness wvas measured both by
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35 1 h heat treatment at 800 °C reduces the sliding stress.
30 Fig. 5(b). However, further exposure at 1000 *C for

- 24 h increased variability in the sliding behavior. attri-
25 - buted to some sintering of the outer AIO , coating to

pu.h-bk the fiber. The colloidal carbon system exhibited
-0 -characteristics similar to both the carbon black and

*, porous alumina systems, Fig. 5(c), consistent with a
reduction in the clamping pressure after an 800 °C heat

10 treatment in air. Treatments in air at 1000 @C resulted
in an increased variability in the sliding stress. The
major difference between the coatings is in the fracture

0 energy of the interface and the magnitude of the initial
-20 0 20 40 60 so 100 sliding stress.

Fibrdspac t (Mm) Values of the debond and sliding parameters for 3
Fig. 4. Fiber roughness appears as a sinusoidal modulation in the each of the as-hot isostatically pressed systems, r,, r
push-out curve. Note the approximately 10 urn wavelength and u, obtained from eqns. (1)-(3) are summarized in
characteristic of the sapphire fiber surface topography. Table 2. Since the interfacial fracture energies, r,, are

less than the aforementioned approximately 2 J m -, I
each of these coatings satisfies the debond criterion
proposed by He and Hutchinson [17]. A bar chart

microscopy and profilometry, wherein profiles taken comparison of r before and after heat treatment, Fig. 6, U
along the fiber axis showed a sinusoidal surface modu- facilitates comparisons and validates the features out-
lation with a predominant 10-#m wavelength and a lined above. For this purpose, r was computed at the
peak to peak amplitude of 0.3 Ism. Notably, the load peak load in order to emphasize effects of interfacial
modulations shown in Fig. 4 also display a 10-#um sintering during heat treatment. A statistical compari-
wavelength. Push-outs for the colloidal carbon coating son of the results (using SYSTAT, a commercially avail-
(Fig. 3b) indicate a small debond load drop-though able statistical analysis software package) demonstrates
larger than that of the carbon black coating-and a low that heat treatment at 800 *C for I h significantly U
sliding stress. The low r arises because the relatively affects the sliding stress for both carbon coatings, but
thick and brittle C coating provides a fracture propaga- has no statistically significant effect on the
tion path that does not necessarily mimic the underly- C + 10% A]O 3 coating. However, continued heat treat- I
ing fiber geometry. The C + 10%0A120 3 inner coating ment, at 1000 @C for 24 h, introduces substantial vari-
(Fig. 3(c)) has the largest debond load drop, because ability, resulting in similar sliding behavior for all
the associated alumina network provides a bonded systems. Preliminary fracture tests conducted on beam
framework between the fiber and outer alumina coat- specimens, both before and after heat treatment,
ing (fiber/matrix bonding is inferred from the relatively revealed substantial fiber pull-out, e.g. Fig. 7.
large debond load drops and is corroborated by the
rough appearance of the debonded interface). How- I
ever, once sliding commences, the sliding stress has an
intermediate magnitude. 5. Concluding remarks

Push-out curves obtained after high-temperature
oxidation exposure, plotted as bands in Fig. 5 to show Double coating concepts for sapphire fibers in y-
the range of variability, provide further insight into the TiAI were implemented and evaluated using fiber
coating performance. Experimental results indicate push-out tests. These double coating systems employ
that these treatments eliminate the carbon from the an inner, debond coating of either carbon or
inner (debond) layers and, after prolonged exposure at carbon + alumina that provides a path for interfacial
1000 °C, reveal changes in the interfacial properties crack propagation and also protects the fiber during
consistent with the development of discrete bond: consolidation. These inner coatings are, in turn, pro- 3
between the fiber and the outer A120 3 coating [311. tected from the matrix by a second, diffusion barrier
The C + 10%9A120 3 coating transforms to a porous consisting of dense alumina. Each coating system was
alumina layer during heat treatment, showing a signifi- found to permit debonding and sliding, in accordance
cant drop in sliding stress after 1 h at 800 *C. Contin- with accepted criteria for strengthening and toughen- I
ued heat treatment results in an increase in sliding ing. Thus, the double coating concept had been
stress, Fig. 5(a), In the carbon black system, oxidation demonstrated to be viable for intermetallic-matrix
slightly relieves the mismatch pressure, such that the composite systems. I

I
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Fig. 5. Range of results for push-out tests, comparing the behavior of as-hot isostatically pressed and heat treated specimens. (a) carbon
black, (b) colloidal carbon, and (c) carbon + alumina debond coating. In all cases the carbon is eliminated during the oxidative heatS~ treatment.

i TABLE 2. Comparison of interfacial properties for each coating 200

Sample ri(Jm- 2 ) r(MPa) p 1 24hr. at100

ICarbon black/alumina 0.01 100 0.23T
Colloidal carbon/alumina 0.01 40 0.09 110
Pbrous alumina/alumina 0.05 75 0.09 "'

Results from oxidation studies show distinct inter- 0 A
facial differences associated with removal of the inner carboh coloida porous

carbon coatings. One effect, which is beneficial, blac gra e alumina

concerns reduction of the mismatch strain, causing a Fig. 6. Comparison of the peak sliding stress for each coating

decrease in sliding stress. Furthermore, when using and each heat treatment condition as calculated from the testsI sillustrated in Fig. 5. Means and standard deviations are derived
fugitive coatings, fiber roughness plays a key role by from a minimum of five push-outs for each coating and heat
allowing asperity interlock after the coating has treatment.
oxidized. The second effect may be deleterious since,
in the absence of the inner coating, the outer A1 20 3

layer may sinter to the sapphire fiber. This not only which affect composite toughness. These deleterious
changes the debond characteristics of the interface, but effects can be controlled, however, by using a highly
may also change the in situ fiber strength, both of porous A120 3 network within the inner coating. Alter-
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Introduction

Cobalt-tungsten carbide cermets are prototypical dual-phase composites wherein the metal is the minor
phase (volume fraction f. =0.1-0.2). but is continuous, because of capillarity effects at the interphase interfaces
during sintering. The refinement of such composites into the nanometer size scale regime is of interest and
indeed, has been achieved [1], with the expectation that nanoscale refinement will enhance such properties as
hardness and tensile strength. The role of plastic flow in the metal phase on the stress/strain curve of these
composites is addressed in this article. The emphasis of most previous analyses of dual-phase metal/ceramic
composites has been on the flow strength of systems with dispersed particles, in the f. > 0.5 range. The results
have been interpreted either by using a dislocation pile-up approach [2] or (forf .>0.8) by considering dislocation
loops bowing around particles [3]. Here, we suggest that neither of these models is appropriate for cermets with
small metal fraction (fin<0.2) at size scales in the nanometer regime. Instead, flow in the metal is related to
single dislocations moving in the metal channels, controlled by an Orowan-type relation. Furthermore, the
constraint of the less deformable WC is shown to provide strong flow strength elevation. The latter effect has
previously been evaluated for structures in the micrometer (or greater) regime in terms of a continuum approach
[4].

The flow properties are expected to be sensitive to microstructural details, especially the morphology of
the metal phase. Two bounds are analyzed (Fig. 1): i) both phases are continuous, with the metal as a cylindrical
network along the three-grain interface of the ceramic, ii) only the metal is continuous and thus serves as a"matrix" with embedded ceramic particles. In all cases, it is assumed that the stress is below that at which cracks
form in the ceramic, that the interfaces are "strong" (do not debond) and that the ceramic is elastic. Analysis
of the latter morphology is approached from two perspectives: one based strictly on continuum plasticity,
wherein there are no size effects, and the other using dislocation models. Comparison of these two approaches
provides important insight about nanoscale issues.I
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When both the metal and ceramic are coninuous. the stress/strain behavior without cracking should be
bilinear (Fig. 2a) and essentially the same as that found for either a metal matrix composite with continuous
ceramic fibers [5) or a ceramic with a dispersed metal phase [6). The initial modulus, I.. is governed by that I
for the composite E and the slope, E, beyond the "knee" is related to modulus of the composite with aU of the
stress borne by the cerami. The intermediate behavior around the "knee" is governed by the flow properties
of the metal. through the evolution of load shedding to the ceramic. The magnitude of F, depends on the precise
morphology of the metal, analogous to the strong effects of pore shape on the modulus of porous bodies. Two U
extremes are of interest. When the metal has the morphology of rods aligned along the loading axis, the re-of-
mixtures" applies, such that

EI,,E- 0 (-f) (1a)

Conversely, when the metal occurs as an isolated spherical phase
RE, - I÷(Uo/C7-sv,)Vj1(I-f,) (Ib)

where vc is Poisson's ratio for the ceramic. The corresponding composite Poisson's ratio is
v,- (I/2)-EAl-2v,)2 (0c)

The location of the "knee" and the behavior in its vicinity are strongly influenced by the highly constrained I
nature of the plastic flow in the metal. Consequently, there are major effects of morphology and of residual
stress caused by thermal expansion misfiL The details are not addressed in this article.

Cuinuous Metal Phase

Continuum Annroah

Some basic continuum results [7,8] are reviewed first. The stress/strain curve for a thin metal layer m
between elastic plates (Fig. 2b), in the absence of work hardening in the metal, exhibits a non-linear transient
with high apparent work hardening of the composite, followed by a limit stress, a, given by;,

Va. = (3/4)+(1/4)d4h (2)

where a. is the uniaxial yield strength of the metal, h is the metal thickness and d the plate width. This limit
stress develops after strains in the metal layer of order ce, where e. is the uniaxial yield strain. If the metal layer
in the composite has uniform width everywhere, the initial value of d/h in Eqn. (2) is related to the metal volume I
fraction, in approximate accordance with

f. a 3h/d. (3a)

More generally, f 3XhId (3b)

where X is dependent on the excess metal phase at three- and four-grain interfaces. The simplistic results
obtained by inserting Eqn. (3c) into Eqn. (2) have several obvious limitations. The most important problems
are concerned with i) the metal phase morpholoV, ii) metal phase redistbution and iii) work hardenM& in the
metal. Even when the metal is perfectly plastic, a, is sensitive to X, which dictates the metal concentration at
which the ceramic phase becomes connected, f.'. This effect is illustrated in Fig. 2 for the case of a ceramic

phase having nominal "equiaxed" morphology. As expected, o, /oa-- as f.-f.-. Hence the definition off., in
terms of the metal phase morphology is critical. In addition, conservation of volume in the metal (assuming no
debonding and no cavitation) requires metal redistribution, such that the metal phase thickness h along the
transverse interfaces diminishes as the composite deforms. In the limit, h can reach zero, leading to contact of

I
I
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ceramic grains and a decrease in the effective value of the area fraction tm in some regions. This effect further
elevates the flow strength as the composite deforms and obviates the existence of a limit load. Finally, work
hardening in the metal increases the flow strength. Some typical effects for power law hardening with equtaxed
particles (when fm.-0.8) are illustrated in Fig. 3.

In summary, the dramatic effects of morpt.alogy and of work hardening in the metal on the stress/strain
curve establish that predictions are only meaningful when complete experimental information is available
concerning these factors. Without this information, the utility of the continuum description cannot be evaluated.
However, it is emphasized that the continuum approach does not give a particle size effect in the absence of
cracking, debonding and cavitation, at least when the morphology is size independent. Clear experimental
information that particle size is important. in some cases, indicates the need for a dislocation-based approach
to address certain aspects of the flow behavior.

Dislocation Anoroach

In the nanometer size regime, two issues are important. Dislocations can neither bow around the ceramic
particles, because of geometric constraints, nor can they be sustained in a pileup array, because the stress to
sustain two dislocations (the minimum size pileup) exceeds that to move a single loop. Instead. loops nucleate
and deposit at the interface, as shown in Fig. 4a. The segment of these loops remaining in the metal phase can
then move in the z direction as represented in Fig. 4b. In the case depicted, the dislocations in the interface are
considered to be edge dislocations and the moving segments screw dislocations. The structure is analogous to
that within i) persistent slip bands in fatigued metals [9]; ii) heavily deformed pearlite [101; and iii) strained
multilayer structures (strained superlattices) [ 11. When the modulus of the ceramic exceeds that of the metal,
the dislocations encounter an image repulsion and stand off a distance y. from the interface [12,13]. For an
extreme case of A120 3/Nb, with a shear modulus ratio of 6, the stand-off distance is y." 0 .09h. Hence, for most
cases, this image effect can be neglected.*

The resolved effective shear stress to move the dislocation segment is
T - pbcos*/h (4)3 where A is the shear modulus, b is the Burgers length and o is defined in Fig. 4c. The angle o is dictated by

the line energy of the moving (screw) segment,
(W,/L) - (lb1 /4ir)In(h/b) (5a)

relative to that of the edge segment deposited at the interface

1/L = [pb1/4x:(l-v)Jln(,1/b) (5b)

Here, A is the mean dislocation spacing in the interface. Usually, as soon as microstrain is imposed on the
system, 1 decreases with strain to a limiting value , 2-3b 114). The relation among the above quantities is:
cnsO•=We/W,. Consequently, since W, depends weakly on h. the power dependence of r on It deviates only
slightly from -1 "[15].£ The resolved effective shear stress must equal the resolved flow strength, such that,

%-v. = r/m a pbcos#Imh (6)

where m is the Schmid factor for the active glide plane. The relationship between on and oa depends on the
constraint that develops in the thin metal layers. This, in turn, depends on the plastic flow that occurs around
the corners of the ceramic particulate, between the transverse and normal layers. If such flow in inhibited, the

system behaves in a strictly elastic manner. Conversely. if this process occurs readily, the composite flow strength

t If it is significant, the effective Orowan segment length becomes h-2yv instead of h.

Usually, scatter in data is such that it is difficult to discern deviations from -I power

Upwr
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is dictated by a constraint factor, analogous to that for the continuum phenomenon. Eqn. (1). Furthermore.
composite flow is controlled by the vansmse lae thidckne•s, which decreases as the composite deforms. leading
to geometric hardening. Specifically, since the plastic strain is limited to the metal phase, the transverse plastic
strain is

e.= a '/ -AhW (7a)
whereupon the transverse layer thickness reduces to

h .d - (h./d)-,. (7b)

where h. is the initial metal layer thickness. The ratio hjd is, in turn, related to the metal volume fraction,
subject to the metal phase morphology parameter X, Eqn. (3b). The plated dislocations in Fig. 4a provide load I
shedding to the ceramic phase just as in the continuum analysis. Hence, Eqn. (2) applies to this case with
o0 .lm, Eqn. (6). The limit flow strength for nanoscale structure thus becomes,

01 . 9z~xzbdz2{T111. _j}e (8a)

(900s4Xý(b/d)p/4amfJ (1-3e.34f (8b)

Consequently, whenf. is small and the metal phase morphology dictates that X > 1, constraint becomes a dant
factor, leading to linear hardening. Furthermore, there is a nanoscale size effect, associated with the term b/d.
Note that the linearity in the hardening is qualitatively similar to the flow behavior expected when the ceramic I
phase is continuous.

The research was supported by the DARPA University Research Initiative at the University of California,
Santa Barbara, under ONR contract No. 00014-8&K-0753.
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Fig.l. Ceramic-metal composites with (a), the metallic
phase continuous and (b), both phases continuous.,-
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Fig. 2. Typical stress-strain curves for ceramic-metal
composites with (a), both phases continuous and (b),
the metallic phase continuous
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Fig. 3. Effect of power law hardening exponent N on the
stress-strain behavior of a metal matrix-equiaxed ceramic I
particulate composite with fm = 0.8 (7].
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Fig. 4. Dislocations formed in a phase and (a), deposited
at or near interface (view along dislocation line), (b), I
bowing out and moving (view perpendicular to (a). (c) shows

the geometry of the bowed segment. U
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ON CRACK EXTENSION IN DUCTILE/BRITITLE3 LAMINATES

H. C. CAO aOd A. G. EVANS
Materials Department, College of Engineering. University of California, Santa Barbara, CA 93106, U.S.A.

(Rmeeied 10 Jaraiary 1991; a. revised Jorm 24 May 1991)

AuIIset-The problem of crack progression in a laminate consisting of alternate brittle and ductile layers
haa been addressed. A finite element analysis has been used to calculate stresses in the vicinity of a crack
and the results rationalizd on the basis of low and high stress bounds associated, respectively. with
snall-scale yielding and with a shear lag at the interface. Preliminary experiments conducted on A1203/AI
laminates have been used to assess the crack extension criterion, upon comparison with the stress analysis.
Implications for the strengh and toughness of laminates are briefly pteseted.

36bx*-On a soulevi le probldme de In progression des fissures dans un mat6riu larninaire comsttuk
de couches fragiles et ductiles alternba. Une analyse par 6l6ments fiis a 6a6 utilisde pour calculer les
contraintes au voisinag d'une fissur, et les r~sultats oat 6at rationalisbs i partir de limites de fasible et
de forte contraintes associ~es respectivement ii une plasticWitA petite 6chelle etAi un retard du cisaillementi . interfc.Desepbuinces Z Z ZZniesmne u dsmtiuxlmnie A23A n :ZZLrmis
d'6tablir un critire d'allongement des fissures, par comparaison avec l'analyse des contraintes. On peisente

I ~ Die Fring der Riflausbreitung in emenm aus alternierend spr6den und duktilen
Schichten Iesteheadem ILaminat wind bebandelt. bHit einer Finit-Element-Analyse werden die Spannungen
in der Nlihe des Risses berachaet, die Ergeaimsse werden auf der Grundlage von Dindungen nut kleiner
Spannung, die mit Flieflen in krleinem Mafisab zusamrnenhingen, und mit grofler Spannung. die mit
einem Scherungiverzug an der Grenafliche zusammenhikigen, erklirt. Vorliufliige an Al2 03/AJ-Laim-

1. INTRODUCFION L. EXPERIMENTS

Several composite reinforcement concepts involve 2. 1. Procedures
material combinations consisting of one brittle an Two types of specimen geometries have been used:
one ductile constituent. Examples include metal an asymmetric ceramic/metal/ceramic sandwich and
matrix composites reinforced with ceramic fiesai a laminate consisting of alternate layers of ceramiclamninated composites comprised of alternate layers an metal Thei specimens were made by solid-state
of either ceramics or intermetaflica with metals [1, 2]. diffusion bonding at a temperature close to the
Failure propagation in such composites involves the melting point of the metal, and subject to a smallItransmission of cracks from one brittle layer into th applied pressure ( -e 5 MNt). Test beams for sand-
adjacent brittle layers, across the intevening ductile wich specimenis wer cut from the bonded plates and
material [1-3]. as schematically indicated on Fig. I. surfaces ground using a resin-bonded diamond wheel.
This crack Propagation Process may be chaactrizd Tme overall dimensons were 3 x 4 x 25 mm, the
by a resistanice curve [31, wherein the nominal stress outer alumina layer was I mmn and the aluminum
intensity factor increases with crack extension layer was 100 pm. The side faces were metallograph-

(Fg. 1). The intent of the present study is to ically polished to facilitate observations of cracking3explore criteria for the propagation of cracks in such in the A120, and a slip in the alloy, and to control
systems. edge flaws. L aminate specimens having dimensions of

To motivate anaysis of this phenomenoni, exper- -5 x 10 x 45mmn were prepared in a similar fashion.
iments are conducted on laminated test specimens. The thickness of the alumina layers was -1I mm,I The materials used consist of a high-purity poly- while the aluminum layers varied in thickness be-
crystalline A120, and Al. In this system, the interface tween 50 and 100plm. The volume fraction of metal
has a sufficiently high fracture energy [1, 4] that was f z 0.05-0. 1. The beams were tested in three-
crack propagation occurs without debonding. The point flexure with an outer span of either 20 or
additional complexity introduced by debonding is 40 mm, in the orientations depicted in Figs 2 and 3.
thus avoided. In some cases, Knoop indentations were placed into

3 2997
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Crak 
A____________T , : j,, .Ih

ir Initial
P/2 Crack P/2NI

Ly Ductl

y- PICrck %mm.b Pyr ,

Crack Extension, Aa elclnFig. 1. A schematic indicating crack transmission across Fi.2 ceai fte salndwc tetgoer n6 yi
ductile layers and associated resistance curve characteristics. Fig. 2. A schematic of the sandwich test geometry and a typa-•=

cal load/deflection curve, indicating the characteristic loads.

the tensile surface prior to testing in order to extend nucleates in the second A120 3 layer and the load
cracks stably up to the interface. The first type of drops. The sequence of events between crack arrest,
specimen geometry is used to address the crack plastic deformation and crack transmission are m
extension criterion and the second to study the vividly revealed in Fig. 3. The plastic zone initiates at
toughness of laminated composites. the tip and then extends preferentially along the
2.2 Mechanical properties interface. The sequence of events observed in lami- I

nate specimens is similar: the crack continues to
The load/defection response of sandwich speci- arrest and renucleate at each metal/ceramic interface

mens is characteristic of the behavior reported in a (Fig. 4). Additionally, the crack is bridged by intact
previous publication [1]. An initial load drop, which metal layers across the crack surfaces. The nominal I
initiates at P•, coincides with cracking of the outer resistance associated with this process is presented in

tensile layer (Fig. 2). The lower load P 2 is the load Fig, 5.
sustained by the crack arrested at the first interface. In some cases, multiple cracking of the brittle
Further deflection of the beam causes the load to layers occurred, whereupon the crack front and
increase non-linearly to a load at which another crack the fracture zone became diffuse. For material that I

I

' I
Fig. 3. Observations of cracking and the formation of the plastic zone near the crack tip. 3

s lip i i • • l •
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SP the interface: tiI the crack propagation load dimin-
ishes as the crack extends. resultine in a nominal

__-_-_ resistance to crack extension. KA =- 10-15 MPa\ m.
substantiall% higher than the cracking resistance

7 _ _of the brittle layers [I] ( - 3 MPa. m). tin) cracks
1 arrested at the interface exhibit plastic blunting.¢,Gk- accompanied b% the formation of a plastic zone

within the metal layer.

3. STRESS FIELDS

R 3.3 Som basc::slt
•- A simplified overview of the salient mechanics

provides a background for the more detailed finitea.400 element calculations. Two limits seemingly character-
I 3 ize the stress distribution in the next brittle layer

"00 P5ahead of a crack arrested at a brittleiductile interface.

The limits can be expressed in terms of two non-
P/ dimensional quantities: t/a, the ratio of the plasticSzone size to the crack length and a/a 0 , the ratio of the

so 100 1so 2o imposed stress to the uniaxial yield strength of the

Mid-Span Deflection, 8 (g m) ductile material (Fig. 6). For small values of both

Fig. 4. A laminate specimen and the corresponding parameters (1a < I, ala, < 1), a small-scale yielding
load/deflection curve. The load peaks refer to extension (S.S.Y.) limit applies, wherein 1ia - (a/ito). For
across successive brittle layers, while the minima represent large values of both parameters, a shear lag (S. L.)
arrest at the metal layers. Note the dark regions in the metal
intercepting the crack. These occur because the metal is

drawn from the surface due to plastic deformation.
(a) ______

exhibits such behavior, analysis of the fracture pro- /.iranstt
cess involves considerations additional to those dis- _.. o
cussed in the present study. Multiple cracking y t
becomes more prevalent as either the strength or I crack Oftet.
thickness of the brittle layers increases. For example, Crack
this mode can be induced by careful polishing of the
specimen side surfaces to eliminate edge flaws in the ,-

ceramic layer. Plastic
The above experimental information has estab- a "Zone

lished several characteristics that motivate the follow-

ing analyses: (i) cracks can be transmitted between B lebrittle layers without failing either the ductile layer or

30-

(b) ~ Transition

20 I

S0. 1.0 Y5.0

Boughg

10 -0

0.5 1.0 2.0 5.0
Relative Stre, 0/I 0

____________ _ Fig. 6. (a) A schematic showing the plastic zone width, e. (b)
0 1 2 3 4 s Schematic of trends in plastic zone size. At small stresses, the

Crack Length, a (mm) results are conveniently normalized using small-scale yield-
ing 1/a (a /ao)2, while at larger stresses, a shear lag scaling

Fig. 5. A nominal resistance curve obtained from Fig. 4. is used, ila - (atao).
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limit obtains with, I/a - ciao. An elementary ap- 3.2. Numerical procedure
preciation for these limits can be gained from stan- A finite element program ABAQUS has been used
dard S.S.Y. and S.L. solutions. For an elastically to generate numerical elastic/plastic solutions. Two
homogeneous material in S.S.Y., the stress a, in the basic plane strain geometries have been used. In the
elastic zone on the plane ahead of the crack is first instance, the S.S.Y. limit is addressed by having I

a, . K/ 1,(1) a thin metal layer contained in an infinite body with

where a semi-infinite crack. Displacement boundary con-
ditions are used, characterized by the remote K, in

S~IK, alx accordance with the homogeneous elastic field
and x is tl- distance ahead of the crack. Conse- u,= K (() (7)

quently, at a distance h ahead of the crack, within the A
elastic zone, where u, is the displacement, (r, 9) are the coordinates

S( with respect to the crack tip, 14 is the shear modulus
,,. (2) of the cermic and ;(0) is a non-dimensional co-

efflicent [61. The boundary conditions are imposed
The corresponding width of the plastic zone is 151 along a circular contour having radius many times

(> 100) both the metal layer thickness h and the
I/a =0.817(a/o0)2  (3) platic zone size, 1. The geometry is discretized by

The results for a,, and ? given by equations (1) using 4-noded quadra-lateral isoparametric elements
and (3), respectively, will be shown to have wide in association with a full integration scheme. The
applicability in the S.S.Y. limit, even when the plastic ratio between the layer thickness and the outer
zone size I is large compared with the ductile layer boundary radius is 1/2000. The size of the smallest
thickness, h, and when the elastic mismatch is element is h/50 (Fig. 7). A small circular region is
substantial. removed from the crack tip at the front metal/ceramic

In the shear lag limit, slip in the ductile layer near
the interface (Fig. 5) extends several multiples of the mewa Ucrack length. Then, with the shear stress on the

interface given by the shear yield strength oo/j/3, U.
force equilibrium governs the simple result, I

Ila - ,/33(alo'o). (4)comc Csi
To estimate the a,, stress, some simple premises are
made, and later justified by the finite element calcu- I
lations. By regarding that tractions 'o/,A/ be im- CackSurfac ,e U
posed on the intact brittle layer over the slip length,
1, the a,, stress on the plane ahead of the crack for an
elastically homogeneous system has the approximate I
form, 161 0 Ceramic

(3 +v) C" '
S-a dyly. (5)

The lower integration limit (y = h) has been used
because o,7 = 0 at the crack plane and only attains the
shear yield strength ao0// 3 at a distance, y '& h from I
the crack plane. Integration of equation (5) gives,

a, -a' o(3 + n(//h). (6)

The following numerical results will be shown to have
broad consistency with the simple estimation of a,,
and & represented by equations (6) and (4).

The S.S.Y. and S.L. limiting solutions are both
important because they relate to separate events in
the failure sequence. The S.L. limit is most likely to
apply upon tensile loading when disconnected cracks
first form in the brittle layers. The S.S.Y. limit is more Crack Tip

applicable to long cracks and hence, for characteriz- Fig. 7. Finite element mesh used for small-scale yielding
ing the crack extension resistance. calculations.

• lll I I • III~ll l Ilim m mm -- = n.- m I -
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T.able I Material propertiesYoa' Modulu.. E I-
EiAI.Oý ) .420GPa 0

E.lAl'•W0 -OGPa,- f,- ý + ÷ =0 7+ t t T t t t t
Poisson's ratio.,I Yie:::j•. AI)O = 0Yield strmsth. aý

.Al 70 MPaI'f indicates the plane strain tensile modulus as defined by
E - Ei(l-v}

interfaces to exclude aspects of the problem associ-
ated with the large plastic strain at the crack tip.
The region is also taken to be h 50. The metal
is represented by a power hardening, Osgood-
Ramberg, law with isotropic hardening and a harden-
ing coefficient, N = 20, characteristic of Al. An elastic
mismatch characteristic of AI/AI,0 3 [8] (Dundurs'
elastic mismatch parameter a = -0.7, Table 1) is also
used.t The crack plane y = 0 is a symmetry plane. y
The same mesh is used to investigate the effect ofL Crack
elastic constant mismatch by suppressing the plastic x rip
deformation in the metal and varying the z elastic
mismatch parameter for fixed P = 23 F3g. 8. Finite element mesh for thre-layer system

The second geometry examines the S. L. limit and

the transition range. It consists of three finite layers:
two elastic layers on the outside and an elastic/plastic than 0,/./3 because of work hardening (Fig. 11).
layer on the inside (Fig. 8). Periodic boundary This feature is the basis for the shear lag limit.
conditions are used and thus, the results refer to a A summary of the S.S.Y. calculations is presented
periodic linear array of cracks in a laminated corn- in Fig. 12. The results emphasize the a, stresses in
posite. The lower boundary y = 0 is a symmetry the brittle layer, at x = h. and are normalized by
plane and the upper boundary is kinetically con- the stresses expected at the same location in a
strained to move along the y-axis with no rotation homogeneous elastic body. The major conclusion
and with zero shear traction. for present purposes is that the oa, stresses are almost

the same as those applicable to a homogeneous
3.3. Stresses elastic body (within 10%), even when the plastic

In all cases, the elastic/plastic calculations confirm
that, for elastic mismatch represented by a = -0.7, _q
the plastic zone develops preferentially along that 06 (36
interface intersecting the crack front (Fig. 9) and 1W., i&O
subsequently extends across the metal layer. Trends am
in the plastic zone size with stress obtained using OAS0.43 1 .3

finite geometries are plotted on Fig. 10. The S.S.Y. ,.0
and S.L. limits are apparent: S.S.Y. at fla Z I and MaiM

S.L. at t/a • I. The slight non-linearity at large /ia
may be attributed to the use of periodic boundary / ft
conditions, which cause interactions between plastic __ _

zones. The interface shear stress remain essentially Ia) G0G.5b) maoo..lOconstant within the plastic zone and somewhat larger

tThe Dundurs' parameters for bimaterial combinations are

defined by

E,(l -v.l)-E.(I -2,) Crami h • mica ,-£(1 -- v.) + E. (I - v,)

,=EcJl - 2v.) - E(1 - 2v,) .--. r --•

EJI - v.)+ E. (I-tvz) _-h-- h

where E is the Young's modulus and v is Poisson's ratio. Fig. 9. Calculated evolution of plastic zone. The hatched
The subscripts c and m refer to ceramic and metal, areas define the zone size at different stresses a/ao,
respectively. (a) a/an < 1.35. (b) a 6r > 1.06.
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101

,3 1
1i

1 0.3 ah 0.,4
0.1L2 J

0.5 1 2 5

Normalized applied stress, O/AF 3
Fig. 10. Cakuaed trends in non-dimtensional slip length 0a with relative applied str Also shown an

the analytcal small-scale yielding and shear lag predictions.

zone size f is several times the metal layer thickness A similar conclusion obtains upon varying the -
MFig. 12(a)]. These stresses have a maximum o,, elastic mismatch between the metal and the ceramic
represented by (Fig. 12(b)I.

,- For analysis of the laminate geometry, the ug,"" /i /,/ . S stms.es am normalizd by the nominal appliid snam,
or, deined as,

0.5

-h I
to I

1- ShwLag lulled strEs
0 5 10 15 20 25 30 35 40

Distance from crack plane, y/h
Fig. I I. Interface shear stresses for various applied stress levels: also indicated is the extent of the shear

lag zone at the largest applied stress.
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(a) 1.5

I 1I I'

-2&5.1

I 14.0

I -152F

17..5 -

02 1 10 _ 1..W__ 200

- Distance From Crack Plane, y/h

(b) 12

. --------------

S -0
.6----02 C C

-0.4

.4 - 06N

-00.8

1 .2 -0.9

01
0.1 1.0 10 1W 200

i t e Distance From Crack Tip, x/h

Fig. 12. The u,, stresses in the brittle layer for muall-scale yielding normalized by the values expected for
a homogeneous elastic body. (a) Effect of limited plasticity in metal layers.'(b) Effect of elastic mismatch.

a = PJ[a + b + Eh//Ej] (9) results have about the same magnitude at small y/f
when normalized in accordance with the logarithmic

where P is the imposed load per unit width. form
Based on the values of t summarized in Fig. !1, the /form 1

u,,, stresses are plotted in Fig. 13 in accordance with - ~nQth) s 5.8 (10)
the logarithmic formulism suggested by equation (6). \a/L 6  J
It is apparent that at applied stresses sufficiently high where a is the applied stress, with a. b, ? and h defined
for the shear lag to be most applicable, all of the in Fig. 6(a). Consequently, equation (10) encomlpsses

I
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S~I

.,0i

104 cycy.

I t
S~I

,, a ,

6 - 5 -4 -3 -2 -1 0 1 2
Non-Dimensional Distance, n (y/1) 3

IIh -

a b

" ~I

rCra2

0 -

-5 -4 -3 -2 -1 0 1 2
Non-Dimensional Distance, In (y/f)

Fig. 13. Variation in the non-dimensional mm in the shear lag ange with non-dimensional distame, y/t.
(a) alb - 1. (b) alb -0.4.

all of the effects of geometry, applied stress and yield 4. !CRACK PROGRESSION
strength: furthermore, this parameter is relatively
constant for ln(y/t) up to - - 3. At intermediate y/(, Most of the experimental information presented inthe stresses exhibit the approximate form Section 2 refers to crack progression wherein t/a < 1,

~ l~lQ'/h ~ -SSQ~ny/t)whereupon S.S.Y. conditions should apply. Conse--
-- I n(/h) ft -5.8 Q In(y/•) (11) quently, equating K, in equation (8) to the measured

resistance and also inserting the metal layer thickness
whereQisacoefficientthatrangesbetween -1/2 and (h - 100#m), then the maximum ou, stress in the
- 1/3 for different geometries. A120 3 upon crack extension is predicted to be

I
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-400MPa. This stress i• similar to the reported ance is enhanced as the metal laser thickness in-
strength S of this Al,O, [1]. Hence. a plausible creases. This behavior should be contrasted Aith the
criterion for crack extension is that cr.,, S. leading reduction in initial cracking stress for the brittle
to a critical value of the nominal stress ,ntensitt laUers as the thickness increases [1.91 The other
factor. K,,. given b% propertL predicted to be of importance is the yield

-=S (2 strength. a,. However. the relatie roles of S and a,,
Ko = S, 2nh. (12) are strongly influenced by the operative regime. either

The implied influence of the metal layer thickness. as S.S.Y. or S.L.
well as the insensitivity to the yield strength a0. are Several important features of the crack extension
clearly amenable to further experimental assessment. process have not been addressed in the present study

The consequences of this criterion for short cracks, and require further research. A more complete under-

when the shear lag limit obtains, is deduced from standing of the transition between the S.S.Y. and S.L.
equation (10) by equating a,. to S. leading to an regimes is needed. as well as of interactions between
implicit expression for the cracking stress. cc. given plastic zones in the latter. The criterion for crack
by, extension should be extended to involve a ceramic

hao  [5.8a ib - cracking process governed by weakest link statistics.

a-, exp s/0-I (13) Finally, crack bridging effects on the resistance re-
L a , - _ quire consideration in order to provide a complete

In the important limit a b << I. description of the fracture behavior.

I ý-, (ha, a)( I - 2.9a/b). (14) REFERENCES
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Abulraet-The fracture resistance of two directionally-solidified, NiAI refractory metal systems has been

measured and analyzed. One system, NiAl/Mo, has a microstructure consisting of Mo rods. The second
system, NiAI/Cr(Mo), has a layered microstructure. Both materials are found to have an appreciably

-. higher initiation toughness than NiAI, followed by a rising resistance, with the layered microstructure
giving the superior properties. The results have been rationalized by available models based on the
following three mechanisms: crack trapping, crack renucleation and ductile phase bridging.

I
1. INTRODUCTION 2. MATERIALS

The fracture resistance characteristics of dual-phase The materials studied (Table 1) were produced by
intermetallics with a second phase consisting of a directional solidification at a growth rate of 10 cm/h,
ductile refractory metal have been broadly docu- using procedures described elsewhere [12]. The
mented [1-6]. Present understanding indicates im- NiAI/Mo material has the type I microstructure
portant effects of the flow strength and ductility of the shown in Fig. 2. Polished cross-sections examined in

refractory metal, its morphology and dimensions, as the scanning electron microscope (SEM) indicate that
well as the interface debond resistance [4-9]. There this material consists of aligned Mo rods with radius,
are two main morphological classes of dual-phase R t 0.6 pm, and a volume fraction, f. 0.12. Com-
material [10-12]: (i) type I materials with a continu- parable examinations of the NiAItCr(Mo) material
ous intermetallic phase, wherein the refractory metal indicate a type II layered microstructure (Fig. 3).
is configured as either a network or as aligned rods; The NiAI layers have an average thickness
(ii) typc II materials with a layered structure compris- h, . 0.75 pm, and the Cr(Mo) layers have a thick-
ing alternate layers of intermetallic and metal. The ness, h2 %z 0.35 pm, corresponding to a volume frac-
key differences in these morphologies are sketched in tion of refractory metal, f. z 0.3. The layers are
Fig. 1. For type I microstructures, the crack has essentially continuous in the growth direction. How-
unimpaired access to the brittle material; whereas, for ever, some discontinuities exist.
the type II layered microstructure, a crack that first
forms in a brittle layer must renucleate in the next 3. EXPERENTALI. brittle layer 113). These differences are reflected in the
initiation toughness. The subsequent rise in the resist- Specimens were made by EDM with the dimen-
ance with crack extension is expected to be similar for sions specified in Fig. 4. A narrow straight 3 mm-deep
both microstructures [7, 8]. notch was introduced, also by EDM. The specimens

In the present study, the two morphological classes were loaded in flexure upon a 20 mm span, in a
of refractory reinforcement are investigated for the servohydraulic machine, with a displacement gauge
same NiAI matrix, using materials produced by direc- in contact with the specimen. Loads were imposed
tional solidification [10-121: (i) NiAI/Mo is used to using displacment control on the actual specimen.
provide a type I system with a continuous NiAI This technique allowed precracks to be introduced

matrix, plus aligned rods of Mo reinforcement; (ii) from the notch. Subsequent to precracking, loads and
NiAI/Cr(Mo) is used to create a type II system with displacements were recorded subject to constant dis-
alternating layers of NiAI and Cr(Mo). The fracture placement rates and the crack length was monitored
resistance of these materials is measured and related using a high-resolution optical microscope. Resist-
to microstructure, through crack growth models. ance curves were generated using this approach.



I

506 HEREDIA et aL.: THE FRACTURE RESISTANCE OF NiAI COMPOSITUS

Tihik I P •f l umn',,r , u im " • r.c '.,

K, "iiong t \1 \ : ,M ,

4,P~ Y, 1 -- ,--- - "-i H K1X "MPa x• •)t

0 0 0 TravniKQMPa, nil
• 0 Reinforcement dimcnsions u, 1i ir ii
1 9-Crackr Front

CS0Km 00
resistance. K4., 17 MPa im. folloed b% a rising
resistance that reaches\ K. 22 MPa -m. at a

0
Crack Extension. aa crack extension Aa ýt 500 pm. In this material, crack

growth is stable. Furthermore. the load displacement
a) Type I Microstructures Rods curve (Fig. 6) is reminiscent of that found for

ductile/britte laminates, comprising successive load
drops as the crack extends across the brittle layers
(131. I

In the NiAI/Mo type I material, plastic stretching

of the Mo is evident from inspection of the side
surfacest (Fig. 7). Corroborating evidence that the

'-CI Mo is ductile is obtained from fracture surfaces I
(Fig. 8). It is also evident from Fig. 8 that the
Mo/NiAI interface is susceptible to debonding. with a

-a debond length (d z R) sufficient to achieve a plastic
Crack stretch, uc -_ 1.5R. At locations where the crack

interacts with the Mo, there are steps in the NiAI.

Crack Extension As (0a

b) Type II Microstructures : Layers
Fig. I. A schematic showing the type I and type II
microstructures with associated crack growth events and

resistance curves.

Subsequent to testing, fracture surfaces were exam-
ined in the scanning electron microscope (SEM) and
quantitative measurements made of the plastic stretch
of the refractory metal. Other morphological features
were characterized, as appropriate.

4. MEASUREMENTS AND OBSERVATIONS

Crack growth resistances measured on the two - i
refractory metal reinforced materials, as well as NiAI,
are summarized in Fig. 5. The corresponding load,
displacement responses are plotted on Fig. 6. It I
is apparent that there are major contrasts in

behavior. (i) The NiAI has an initiation resistance,
& 6 MPa ,'/iii, with no resistance enhancementI

upon crack extension. (ii) The NiAI/Mo type I ma-
terial has a somewhat higher initiation resistance,
K& = 10 MPa ,/m'. Furthermore, the resistance then
rises to a level K, - 15 MPa ,,/i'm, after a crack exten- "
sion, Aa - 300 pm. At this stage, the crack extends

unstably across the specimen. (iii) The NiAI/Cr(Mo)
type II material has a much larger initiation 5
tin regions where the crack extends unstably, the Mo does Fig. 2. Cross section of the NiAI/Mo system examined

not exhibit significant plastic stretch, indicative of a in the scanning electron microscope, (a) general view,
rate-dependent ductile-to-brittle transition. (b) aligned rods. 5
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'• 20 -15 K

5 - KI(NUAI. Matinx)
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) Pro CrGd, Crack Extension. Aa (pm)
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10 - 100

Fig. 3. Cross section of the NiA]/Cr(Mo) system examined pro Crai Cac*xenin
in the SEM. (a) overview (b) layers..

Fig 5 Resistance curve results. (a) NiA,/Mo, (b)
NiAI/Cr(Mo). Also shown are predicted values or the

manifest as "trails" emanating from the reinforce- initiation toughness and subsequent propagation resistance.
ments (Fig. 9). These "trails" are typical of thoseIinduced by crack trapping [14-171, as the crack front the intermittent splitting that occurs at the
circumvents the reinforcements. NiAI/refractory metal interface evident both from

The fracture morphology for the type 11 layered side views and from fracture surfaces (Fig. 10). The
material is more difficult to specify. A key feature is split length can be relatively large, but the majority

of the interface decohesions are small, typically
10 pm. The ductility of the refractory metal is evident2 mm from the plastic stretch exhibited on the fracture

£ 4-

25 mm 3-Gol

i3 3mm

I*'
Fig. 4. The specimen geometry used for fracture resistance Fig. 6. Load/displacement curves measured for the twotesting. materials.

3 AM 41 2-M
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Fig. -. SUM %vew of a crack extending in the Ni~l %1o
system. indicating the plasti stretch ofthe %1 that occurs,

as the crack extends through the material.

surface (Fig. 11) as "ell as the distortion betw~een .0
adjacent interface decohesions (Fig. 10).3

5. SOME BASIC MECHANICS

Interpretation of the preceding measurements and
observations is subject to knowledge of the microme-
chanics associated with each of the observed mechan-

isms. The most important are: (i) ductile phase

Fig. 9. Higher- resolution SEM views of the fracture surface
of the NiAI'Mo indicating characteristic crack trapping

-irails- in the NiA!.

bridging; (ii) crack front trapping: (iii) splitting: and
(iv) crack renucleation. The mechanics of' each
phenomenon is briefly reviewed and the salient results
provided.

5. 1. BridgingI
When crack bridging by ductile reinforcements

occurs. it contributes to a geometry insensitive rise in5

Fig. 8. SEM fractographs of the NiAI Mo system showing Fig. 10. Periodic splitting evident on both fracture and side
plastic stretch of the Mo and interface debonding. surfaces, in some regions of the layered NiAI ( ri %o)
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Refractory Metal increase in crack growth resistance. The important
variables affecting the resistance are the %olume frac-I tion of reinforcements. 1_as tell a! a parameter that
provides a combined measure of the reinfcorcement
toughness and the interface integritt. Simulations of
this phenomenon have been performed for a range in

Sf. and reinforement properties [15-17]. The results
are summarized in Fig. 12. It is apparent that. when
the reinforcement has a high toughness. substantial
trapping effects occur, even at moderate volume
fractions.

5.3. Splitting and renucleation

In materials having a layered type 11 microstruc-
ture. with alternating brittle and ductile layers, crack

Fig. I1. A high-resolution view of a fracture surface show- extension is impeded at the interface (13. 19]. The
ing plastic stretch of the refractory metal to a ridge, impediment occurs either by plastic blunting, when

the interface has good integrity (as found in Al. 0 3/Al)
crack growth resistance [7-18]. The principal charac- [13, 19], or by splitting, when the interface decoheres
teristics are governed by the flow properties of the (as found in TiAI/Nb) [I]. In both cases, the interven-
refractory metal reinforcement, as well as the extent ing ductile layer modifies the stress ahead of the crack
of interface debonding. The maximum toughening front [20,211. The stress modification caused by
arises when the interface is susceptible to debonding. yielding with a well-bonded interface only becomes
In this case, the following relationships have baen significant when the yield strength a0 is much lower
found to predict toughening, provided that the refrac- than fracture strength of the intermetallic [20], such
tory metal also has high ductility [9, 181. (i) A linear that the slip length, L, is larger (Fig. 13). Nevertheless,

softening traction law governs bridging, with peak the mere existence of this ductile layer displaces the
stress, oa, plastic stretch u, [181 leading to an elevation next brittle layer to a location that experiences dimin-
of the steady-state fracture energy, A,, given by ished stress. Consequently, a crack renucleation

Ar, =frqcuI2. () phenomenon must occur (at this reduced stress level)
before crack growth can proceed. The stress in the

The magnitudes of a, and uc depend on the interface, brittle layer, a., that dictates the renucleation event
through the extent of debonding. When debonding is has magnitude (Fig. 13) [13, 19, 20]
extensivet, the peak stress a, r a0 , the uniaxial yield 0, ;t I/ /2 (4)
strength, whereas the plastic stretch, u; t d, the
debond length [2,4]. (ii) Between initiation and
steady-state, the enhanced fracture energy AFR has the Crack Frodform [9, 181.

AF, oj'u4t.6a - 0.1•2 + 0.5a 3]/4

with 2.6

w it = Aa/L, (2) 2.4 -
where L, is the crack length at the onset of steady- 2.1
state, given by [18] //

L, = 0.l2nuuE/la (3) 2 /

with E being the composite Young's modulus. 1.0 . , Interpolawn

5.2. Crack trapping1.6 /i

Crack trapping effects arise in type I materials with . /
a continuous brittle matrix [14-171. It occurs when ' 1.4 /
the crack front interacts with higher toughness /
reinforcements, requiring the crack to penetrate be- 1.2 -
tween the reinforcements. The associated pertur- /_j
bation of the crack front requires an increase in the 0 0.05 0.1 0.15 0.2
imposed stress intensity factor, corresponding to an

tWithout debonding, constraint causes o, to be appreciably Fig. 12. Predictions of the influence of crack trapping on the
above ao; typically a. ,- 4co [7]. initiation fracture toughness [15-18].I
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where K, is the crack tip stress intensity factor
dictated by the applied load, pluc crack face tractions 0.6 L
caused by bridging, etc. In order to predict the
critical applied K, a renucleation criterion is
needed in conjunction with equation (4), as discussed I
below. 0.

Conversely, the stress ay can be substantially

modified by splitting. The important variables L,
affecting this behavior are expressed by the relation D I
(211

0.2

(, q /-K* = F(Ll/h., l/h,) (5) "

where L is now the split length, I the crack length and
F is the function plotted on Fig. 14. The stress 0 J_, _ ,
alleviation caused by splitting is pronounced when 0 a 12

the split length, as well as the crack length, are Relative Split Length, L-/hm
relatively large. However, for short cracks, a, in- Fig. 14. Effects of splitting on the stress ahead of a finite
creases upon initial splitting. crack in a layered material 121).

Renucleation occurs when o, reaches the critical I
level needed to form a crack in the next brittle layer.
Two bounds govern this criterion, dependent on the 6. ANALYSIS OF RESULTS
intermetallic layer thickness, hi. When the layer is Interpretation of the experimental results is
relatively thick, cracking involves flaws in the inter- achieved by initially addressing the effects that govern
metallic and a statistical criterion, based on the the elevation of the initiation toughness above the

intermetallic tensile strength, is relevant [13, 191. For matrix toughness using the parameters summarized
thin layers, a tunnel cracking mechanism occurs, in Table I. The enhanced toughness involves crack
controlled by flaws that propagate through-thickness trapping in type I material and crack renucleation in I
in steady-state (22, 231. Such behavior is deterministic type 11 material. For the type I NiAI/Mo system, the
and occurs at a critical stress given by crack trapping calculations (Fig. 12), in conjunction

S= ;(6) with a NiAl matrix toughness of 5-6 MPa .,/ I
predict an initiation toughness, K& • 10 MPa/m

where K. is the critical mode I stress intensity factor [Fig. 5(a)]. This value fo K is consistent with the
for the intermetallic and 0 is a numerical coefficient, resistance measured at crack extensions up to
of order unity. By equating o, in equation (5) to S - 100 um.
in equation (6), the renucleation toughness, KN, For the type II NiAI/Cr(Mo) system, initial crack

becomes extension involves renucleation which occurs at a
stress intensity KN given by equation (7) with the

KN =•K[t]1,9/7F]/-'. (7) parameters summarized in Table 1. The prediction
that appears to be consistent with the experimental
measurement is that based on the assumption that
splitting is ubiquitous.

Following initial crack growth, the increase in

resistance AF t caused by deformation of the intact
refractory metal ligaments is given by equations

06 (1)-(3), based on the parameters indicated on
Table i. The corresponding steady-state stress inten-

sity factor Kp, is related to AFr by

0.4 SIP KRf=,Ko+EATr. (8)

8 sThis predicted effect of bridging is superposed on the
experimental data (Fig. 5). It is apparent that ductile

02- bridging does not fully account for the increase in
resistance found experimentally for either material.
Such conditions contrast with the dominant effect of

-_ oductile bridging found in other ceramic and inter-
1 10 100 metallic matrix composites [1, 2,4,91.

Reatve Legth, L h, The extra contribution to the crack growth resist-
Fig. 13. Effects of slip and splitting on the a. stress ahead ance probably arises from the non-planarity of the

of a semi-infinite crack in a layered material [20). fracture. This phenomenon is known to increase the

I I i I I II I II
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Abiret--Layend materials comprised of one brittle and one ductile constituent exhibit crack growth
characteristics that depend on the sequential renucletion of cracks in each brittle layer. An analysis of
the problm is presented with two different interface responses. One for a well-bonded, slipping interface
and the other for an interface that debonds. It is shown that either slip or debonding enhance the fractureresisance, with debondin8 being the more effective. The analysi is compared with exparumtna results

for several layered systems.I
I. INTRODUCTION Diffusion bonded systems have layer thickness,

inle a l h 20 pm: DS materials have h f I pm, TP ma-
Nxhibiunprca edanted ics cale ly ered a profiles: terials have h - 0.1 pm and PVD materials have
exhibit un nted mechanical property profiles: , 0.01-1 pm. Experimental studies conducted on

5t1ess. tensile sLregth, notch strength t c hse -haveidentif theofamajor

strength, fatigue resistance, etc. Furthermore, possi- fracture s meaism transition. The twofraction

bilities for spatial tailoring exist, especially when the mechanism ( Cassti beatworadon
materials an produced by vapor deposition. Alter- mechanisms are [101: (i) Class I behavior dominated

£ating &Yen of brittle and ductile mat have by a single r . (n) Class II behavior involving
I patrticular interest, bemause the disparate propertie of multiple microcracking. The conditions that dictate

the constituents provide the ideal opportunity for the transition between these mechaninsm have not yet
achilprovdthe poieal Amoprtnity forp been explicitly delineated. Nevertheless, it is apparent

achieving novel propnry profils. Amongthisysrom from the experiments that Class I behavior is most
i ate metIfl/•aiC an mea/nc al sytes likely when both the metal content is relatively low

Such materials provide a focus for the present article.

A substantial theoretical and experimental back- and the layers are relatively thick [10]. This behavior

ground relevant to layered systems of this type e s is emphasized in the present article (Fig. I).

in the following fields (i) pearlite (lb, (ii) ceramic When the metal layers retain good ductility

fiber-reinforced metals (,31, (ini) metal-toughened through processing, plastic stretch of the metal layers
amics [4,5) and intermetallics [6-9]. However, accompanies crack growth, resulting in a fracture

some unique crack growth features expected in surface morphology having the characteristics de-

layered systems are emphasized in this study. The picted in Fig. 2. Notably, the metal layers rupture

objective is to provide a mechanics franework for along a ridge [10]. When this occurs, without interface

predicgthe crack growth resistance of ductile/ debonding, crack growth is subject to a resistance
preingttl e l raterowth interms of ctite/ curve having the characteristics indicated on Fag. 3:

tbrittle layproe materials, in terms of constituent (i) An initiation resistance, K4, exceeding that of thematerial properties (including the interaces), us well

as the layer thicknesses. Two predominant interface brittle layer, K4, followed by a risng resistance. (ii)

s are considered. (a) A well-bonded interface When the metal layers are thin (4, < 1 pm, where k
is the metal layer thickness), a steady-state fnracwe

subject to slip by plastic flow in the metal. (b) An resista•ce, K., is reached. (iii) Thicker metal layers
interface tla debonds and splits in a controlled > 10pm) may result in a continuously
manner. resistanoc caused by large-scale bridging (LSB)

2 EXIUM AL BACKGROUND 115-17]. Generally, both KM and K, increase as h,
increases (Fig. 4) [10]: X also increases as the metal

Experimental results on crack growth have been yield strength Ue and the metal volume fraction, f.,

presented for layered metal/ceramic and metal inter- increase.
metall systems produced using a variety of process- Interface debonding and/or misaligned layers result
in$ techniques: diffusion bonding (DB) [10, 11I], in resistance curves having the same qualitative fUal
dig ctional solidification (DS) [12i thermal proc10]- tures, but subject to quantitative difaerences. Usually-ing; (MP [131 and physical vapor deposition (PVD) biterface decohesion e/crates both K" and &,, but the
114. However, differnt length scale am involved. fracture morphology is more intricate [12] (Fig. 5).

1223
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Al AI,0O

A12AIIZ Crack

e- l Brittle'I. I '
a Lay~er utl

0 100 Jim

racks_ h= 250 gim

Crack Extension, Aa

Fig. 1. A schematic of crack growth in a layered material
with associated resistance curve. I

Misalignment introduces an additional level of com-
plexity though effects on crack path, on crack trap-
ping, ligament formation, etc. [13, 18, 19] (Fig. 6). I
Notably, a crack may extend along a low fracture
energy plane, within a colony, having layers oriented
normal to the loading axis. It then encounters a
colony with obliquely oriented layer planes. At this I
encounter, the crack is arrested and induces a series
of decohesion and deformation events that dictate the
subsequent behavior 113, 18, 19]. 3

3. THE MECHANICS OF LAYERED MATERIALS

Some basic, analytical results for cracks normal to 50 ---

the interfaces in elastically homogeneous bodies are hI = 50 g±m
reviewed, before presenting numerical results that

address specific issues. Asymptotic solutions for semi-
infinite cracks arrested at an interface provide the
information summarized in Fig. 7 [20]. The normal
stresses, a*, in the brittle layers ahead of the crack
front are important, since these layers are susceptible
to the events that result in macroscopic crack growth.
The calculations show that yielding in the metal layer
at the crack front has minimal effect on a*, except for
very low values of yield strength, ao [Fig. 7(a)]. The
essential non-dimensional parameter is I

l = hm(ao/K)2  (i)

where K is the stress intensity factor. Notably,
reduced values of a* only arise when 0 <0.02; &
moreover, when Q is small, the following limit must
obtain: fl*-0 as 0c0. iO.

When the interfaces decohere, the normal stress, a* I l0 kl i
ahead of the crack can be dramatically reduced 120] h= 8 prm
[Fig. 7(b)]. In particular, there is a strong influence of Fig. 2. A scanning electron fractograph of a diffusion-
the decohesion length L on a*, when L/h. exceeds bonded AI0 3/AI material indicating plastic stretch of the

3. Indeed, when L1h.= 10, a* is about half the Al to a ridge. I
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ýc 121-- T _II
INLA CrlMo) 01 pm)0

u--717- 0- 0 li10

-0. Metal Layer Thickness, h. (AiM)

o_10 1Fig. 4. Measurements of K4 as a function of metal layer
thickness for the A 2 0 3/AI and AI,0 3 /Cu systems. The

W Ke predictions are also shown.
A I I

S 0.2 0.4 0.6 0.8 1.0 the brittle layer is subject to a mechanism transition.
When the layers are sufficiently thick that the fracture

Craclk Extension . a(mm) flaws are smaller than the layer thickness, the layer
Fig. 3. Resistance curves for three layered materials, strength, S, is flaw controlled 1101. In this case, S is
(a) AI20/Cu with hk_ 130 1m. (b) NiAI/Cr(Mo) with related to the tensile strength of the material (as

h.a I pm, (c) TiAI/Nb with h -- 50pm. qualified by statistical issues associated with the stress
gradient and the layer thickness). When the layers are

value that obtains without splitting. Furthermore, thin, relative to the flaw size, the layer strength is
m<0.01o when L/h-.,o, and is negligibly small, controlled by tunnel cracking [221. For this cracking

S(<0.01) when L/hag> 30. Consequently, splitting has mode, the fracture toughness and the layer thicknessa considerably larger effect on o*~ than slip.haead intinlneonS(i.I)Te

To address effects of crack size on crack growth, have a dominant influence on S (Fig. 11). The

numerical results for both splitting and slip have been strength controlled by tunnel cracking is given by

obtained using finite element procedures with elastic S = 1I(Km/l/hb) (2)
homogeneity assumed. The finite element mesh is where hb is the thickness of the brittle material and Z
depicted in Fig. 8. For calculations with splitting, the is a thion ess of orer matyrthat
split length L is prescribed. When slip occurs, the is a non-dimensional parameter of order unity that
shear stress ax, on the interface is not allowed to depends in the extent of debonding and sliding (23).
exceed the shear strength, T = v0 /J3. This model
"approximates the effect of yielding in the metal layers. 5. COMPARISON WITH EXPERIMENTS
The numerical results obtained for both mechanisms The preceding calculations can be compared with
(Fig. 9) reveal appreciable effects of crack size. The experiments in which explicit measurements havetrend is for o* to increase as the crack size decreases. xeiet nwihepii esrmnshv

In sfom ca e as the crack s inot deten sead been made of the toughness of the brittle constituentsIn some cases, the crack does not extend. Instead, and the initiation toughness of the layered system.
splitting occurs ahead of the crack (Fig. 6), resulting
in ligament formation. This process is governed by

the a,, stress. Variations in this stress with distance NIAI/Cr(Mo)
from the crack front (Fig. 10) indicate a maximumn.
This maximum occurs at a distance ahead of the
crack -_ 2L. I

4. CRACK GROWTH PREDICTION

The preceding mechanics must be coupled with a
crack growth criterion in order to predict the crack
growth resistance. It has been proposed that the
RKR criterion 121) is most appropriate when layer
cracking is the operative mechanism. This criterion
states that fracture proceeds when o* attains the
fracture strength S of the brittle layerst. The magni-
tude of the tensile stress at which cracking occurs in

tConsistent with the behaviors found for Fe/Fe3 C materials Fig. S. The fracture surface for a NiAI/Cr(Mo) layered
11, 21). material indicating splitting, as well as plastic distortion.

I
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TiAI/Ti3AI _____ ~ace _

IIi!H'~iI~ 1
Fig. 6. A crack within a layered, colony structure exhibited

by the system, TiAlfri3 Al.

Such results exist for the three systems summarized in
Table 1, as illustrated in Fig. 3. In other layered Crack W

materials, inelastic behavior in the more brittle con-

stituent (e.g. twinning in TiAe) [13,n24] invalidates
direct comparison with the present calculations. Fig. 8. Finite element mesh used to evaluate effects of slip

and splitting.3

0, (a) Inspection of the results reveals that the initiation
2 toughness KN is relatively larger for systems that

b exhibit interface splitting (NiAI and TiAI), in quali-
b ~tative accordance with the calcullations. Furthermore,II 04 explicit comparisons can be made for each material.

0.4(i) In Al2 03/AI and Al2 03 /Cu, there is no interface
debonding 110, 25] (Fig. 2). Moreover, for the systems
tested, the Al203 layers are relatively thick and have

0.31 fracture properties in the flaw controlled regime.
0.01 O. 0 0.0 0. Using independently measured value of the ceramic

Rew arifromv Crack. • h( / tensile strength (10], S, and metal yield strength, o, I
a comparison of the predicted and measured values
of initiation toughness is shown in Fig. 4, for a range
of metal thicknesses and volume fractions [10]. The
good correlation validates the strength-based (RKR)

(b) L approach 121], at least when the interface is strongly
bonded. (ii) The NiAI/Cr(Mo) system exhibits pro-
fuse interface splitting (Fig. 5) 1121. However, not all
interfaces are susceptible to splitting. When splitting
occurs, the split lengths are appreciably larger than
the layer thickness (L/h at 10). Moreover, the thin
intermetallic layer thickness dictates that fracture
proceed by tunnel cracking, such that equation (2)
applies. Predictions are made both with and without

0.2 splitting, as indicated on Fig. 12. The correlation withexperiment is indicative of a predominant role of split
Cinterfaces. (iii) For the TiAI/Nb system, the TiAI is

z 0 relatively thick and is expected to be in the flaw
10 100 controlled regime [6, 17]. Interface splitting is also I

Relative Length, L h, evident in this system (L/a - 2). However, indepen-
dent measurments of tensile strength for TiAI are not

Fig. 7. Asymptotic solutions for the effects of slip and available. or

splitting on the stress, a*. (a) The normal stress ahead of the cailclat

crack as a function of relative distance from the crack with The calculations assist in the interpretation of a
a slip. (b) The normal stress ahead of the crack as a function splitting phenomenon found in TiAI/Ti3AI with a

of the relative slip or splitting length. lamellar or layered colony microstructure [13, 18, 19] I
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(a) 1

S0.6

I[I

02- -%

(b0 4 ---- - 1

O' 12 is I •

o0 4 e 12 Ddittnc From Crack Tip. x/L
Relative Split Length. Ubm Fig. 10. The in-plane, a_ stress ahead of a crack with a split.

(b)
be made about crack growth in layered materials. The
first important result is that materials with thin layersI and well-bonded interfaces have an initiation tough-LL o ness exceeding that of the brittle constituent, but only
by N/2if./(l -f.). Substantially higher values of

.s initiation toughness require either thicker layers or
. interfaces that exhibit extensive debonding and/or

sliding. Control of the interface has greater appeal,
"because the advantages of thick layers are only

240 Interface debonding is not yet predictable from fun-manifest at thicknesses in the 10-100pmo range.

damental principles, but some empirical guidelines
exist that provide useful insight [26].

While interface slip is not as effective as debonding
in enhancing toughness (Fig. 7), slip may still be more
attractive, when reasonable transverse properties are

z required. An interesting option in this regard is
suggested by an experimental observation that a
ductile interface layer can lead to high toughness [17].

02 L . . I Notably, a thin interface layer with low yield strength
00 should provide high initiation toughness, by enabling

Relative Slip Length, L/h. the slip length to become large compared with the

Fig. 9. Effect of crack size on the stress ahead of a crack
subject to (a) splitting or (b) slip.

(Fig. 6). In this material, periodic splits occur where
the crack encounters a colony with the layers oriented
normal to the crack plane. There is no coplanar

cracking of the TiAi layers. The splitting is attributedto the 
t 

stress and indeed, occurs where this stress

has a maximum, at x/L t 2 (Fig. 10). However, a
criterion for predicting the onset of periodic split s
cracking would require an in-plane strength property
for the TiAI layers (or the TiAi/Ti 3AI interface), yet
to be identified. _ _ _ _ _ _ _

1 10 102 10'3

E.IPLICATIONS &Bftt Layer Thikes, h

The above connections between experimental Fig. 11. A schematic of the trend in strength with brittle
results and the analysis allow some implications to layer thickness.

AM 4114-P
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Table L Materal systemDs inl"CWupicd Finally, it is recognized that new effects may

Systm mLaer Dictiwi e (pmM) a/ emerge in nanoscale systems, wherein the defor-
SytmBrtl ucie K (f~) mation of the metal layers is governed by theI

A1,0,IAu 480M %25-0 35threading of individual dislocations. However, the
NiAI/Cr(Mo) 0.75 0.35 5 expectation is that the associated enhancement in the
TiAJ(Nb 100-200 s0 6-8 resistance to plastic flow would lead to lower levels of

initiation toughness than those addressed by the
present analysis.

layer thickness. Such a thin layer should not degrade
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